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Preface

This volume is the written proceedings of Symposium F on High Temperature Silicides
and Refractory Alloys, which was held in conjunction with the 1993 Fall Materials
Research Society Meeting in Boston, Massachusetts, November 28-December 2, 1993. This
symposium was very successful with 82 oral presentations, over four days.

The first two days were devoted to recent developments in silicides and the last two
days to refractory alloys. This response is a reflection of the growing interest in refractory
metal based silicides, in particular, MoSi,, and the continued development of commercial
refractory alloys such as W, Mo, Ta, and Nb-based alloys. The symposium covered
synthesis, processing, microstructures, mechanical properties, oxidation behavior,
composites, multiphase materials and applications. Significant advances were evident in all
these areas.

The symposium was sponsored by The Office of Naval Research, Osram-Sylvania Inc.,
and the General Electric Company. We are very grateful for their support. We are also
pleased to acknowledge the support of the staff at MRS for their assistance in assembling
both the program and the proceedings. Finally, we would like to thank the session chairs,
the manuscript services, the speakers and all those who contributed to the success of this
symposium.

C.L. Briant
3.J. Petrovic
B.P. Bewlay
A .K. Vasudevan
H.A. Lipsit

January 1994
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OVERVIEW OF HIGH TEMPERATURE STRUCTURAL SILICIDES

J.J. PETROVIC* AND A K. VASUDEVAN®**

*Materials Division, Group MTL-4, Los Alamos National Laboratory, Los Alamos, NM
87545

**Office of Naval Research, Code 4421, 800 North Quincy St., Arlington, VA 22217-5660

ABSTRACT

High temperature structural silicides represent an important new class of structural

materials, with significant potential applications in the range of 1200-1600 °C under oxidizing
and aggressive environments. Silicides, particularly those based on MoSiy, are considered to

be promising due to their combination cf high melting point, elevated temperature oxidation
resistance, brittle-to-ductile transition, and electrical conductivity. Possible structural uses for
silicides include their application as matrices in structural silicide composites, as
reinforcements for structural ceramic matrix composites, as high temperature joining materials
for structural ceramic components, and as oxidation-resistant coatings for refractory metals
and carbon-based materials. The historical development of structural silicides, their potential
applications, and important issues related to their use are discussed.

INTRODUCTION

High temperature structural materials that can be used in oxidizing environments in the
range of 1200-1600 OC constitute an enabling materials technology for a wide range of
applications in the industrial, aerospace, and automotive arenas. Potential uses include
industrial furnace elements and fixturing, power generation components, high temperature
heat exchangers, gas burners and igniters, high temperature filters, aircraft turbine engine hot
section components such as blades, vanes, combustors, nozzles, and seals, and automotive
components such as turbocharger rotors, valves, glow plugs, and advanced turbine engine
parts. There is increasing interest in silicide-based compounds for such applications. In this
temperature range, for oxidation and strength reasons, the choice of materials is limited to the
silicon-based structural ceramics such as Si3Ng4 and SiC, and to the new class of "high

temperature structural silicides” {1].

While the number of known silicide compounds is large, potential silicides for elevated
temperature applications are essentially those based on refractory and transition metals, such
as MoSiyp, WSi, TiSij, CrSiy, CoSiy, MosSi3, and TisSi3. Of such materials, MoSij is
presently the most promising and the most developed, due to its combination of high melting
point, superb elevated temperature oxidation resistance, brittle-to-ductile transition, and
electrical conductivity [2]. Structural uses for silicides include their application as matrices in
structural silicide composites, as reinforcements for structural ceramic composites, as high
temperature joining materials for structural ceramics, and as oxidation-resistant coatings for
refractory metals and carbon-based materials. The purpose of the present discourse is to
provide an overview regarding these materials.
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HISTORICAL PERSPECTIVE:

A brief historical perspective on the development of structural silicides is given here.
A more detailed history of the development of structural silicides, with emphasis on MoSij
materials, is given in Reference [1]. W.A. Maxwell was the first person to suggest the use of
a silicide, MoSi», as a high temperature structural material. He performed interesting research
on structural siticides in the early 1950's at NACA, the predecessor to NASA [3].
Unfortunately, Maxwell's thoughtful initial work was not continued due to the fact that, at
that time, the high temperature structural matesials community was not yet ready to deal with
brittle materials. In the early 1970's, E. Fitzer in Germany began examinations of MoSiy
matrix composites reinforced with additions of Al03, SiC, and Nb [4). This work led
Fitzer's colleague, J. Schlichting, to publish a detailed review article in 1978, suggesting the
use of MoSi as a matrix material for high temperature structural composites {5].

Two important structural silicide articles were published in 1985. The first was an
article by Fitzer and Remmele describing work on Nb wire-MoSiy matrix composites with
improved room temperature mechanical properties [6]. In the second article, Gac and
Petrovic indicated the feasibility of SiC whisker-MoSis matrix composites, showing
improvements in room temperature strength and fracture toughness [7]. In 1988, Carter
demonstrated SiC whisker-MoSis matrix composites with mechanical property levels within
the range of high temperature engineering applications [8]. In 1990, Umakoshi et. al.
published investigations of the mechanical behavior of MoSi; single crystals, which indicated
interesting elevated temperature properties [9]. As a result of the growing interest in
structural silicides, the First High Temperature Structural Silicides Workshop, sponsored by
the Office of Naval Research, was held in November 1991 at the National Institute of
Standards and Technology in Gaithersburg, Maryland. This Workshop consisted of 32
presentations in the areas of silicide materials, processing, processing-properties,
microstructures, oxidation, mechanical properties, and coatings. Reference 1] contains the
proceedings from this Workshop.

SILICIDE MATRIX COMPOSITES

For silicides to be used as a basis for high temperature structural materials, both their
high and low temperature mechanical properties must be improved. This requires significant
improvements in high temperature strength and creep resistance, and in low temperature
fracture toughness. However, it is important that composite strategies adopted do not
degrade either the intermediate or the elevated temperature oxidation resistance of the
composite to a significant extent.

A number of composite approaches for silicides have been employed to date {1].
Reinforcement morphologies have included continuous fibers, discontinuous particulate or
whisker phases, and microlaminates. Reinforcement materials have been both oxide and non-
oxide ceramics, as well as refractory metals. Fabrication techniques for composites have
involved hot pressing/hot isostatic pressing, melting, plasma spraying, mechanical alloying,
microlamination, in-situ syntheis, and combustion synthesis.

Composite approaches have been shown to significantly improve the mechanical
properties of MoSi-based structural silicides [1,2]). For example, the use of SiC whisker
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reinforcements has been demonstrated to reduce elevated temperature creep rates by three
orders of magnitude over that of unreinforced MoSiz. Creep rates can also be reduced by

alloying with substitutional species such as WSip. Continuous fiber reinforcements have
yielded MoSiz-based composites with room temperature fracture toughness values in excess

of 15 MPa m!/2. Toughness values of 7.8 MPa m!/2 have been obtained with discontinuous
ZrO;, particulate reinforcements.

It is useful to compare MoSip-based structural silicides to silicon-based structural

ceramics (Si3Ng, SiC), since both of these material classes are candidates for 1200-1600 °C

structural applications [2]. The two central issues for the application of such materials are
those of reliability and cost, and a comparison of these aspects is given in Table 1.

Table 1. Comparison of MoSiy-Based Structural Silicides and Silicon-Based Structural
Ceramics

RELIABILITY ADVANTAGES

MoSiz-Based Structural Silicides:
O Brittle-to-ductile transition in a useful temperature range
o Potential higher fracture toughness at operating temperatures
O Alloying may be extensively employed to improve mechanical propertics
O Thermodynamically stable with a wide range of ceramic reinforcements
O Thermal expansion cocfficients a closer match to metals, thus easier to join to metals

Silicon-Based Structural Ceramics:
O No intermediate temperature oxidation "pest”
O Somcwhat more creep resistant, at least at present
O Lower thermal expansion coefficients, thus lower thermal stresses

COST ADVANTAGES

MoSiy-Based Structural Silicides:

O Can be clectro-discharge machined, thus lower cost machining
O Can be mclted, thus more versatility in processing
O Easer to densify, no densification aids required

Silicon-Bascd Structural Ceramics:
O None

Currently, there is a slight refiability advantage of the MoSi;-based structural silicides
over the silicon-based structural ceramics. With further development of the structural silicides
(which are currently at an early stage in comparison to the more mature structural ceramics), a
more dramatic reliability advantage is likely to emerge, as issues of structural silicide creep
resistance, fracture toughness, and intermediate temperature oxidation behavior are
addressed. However, Table I clearly shows that there is a distinct cost advantage of the
structural silicides over the structural ceramics. Because the silicides can be electro-discharge
machined, their machining costs will be significantly lower than the structural ceramics, which
must be diamond machined. Furthermore, unlike the structural ceramics which thermally
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decompose rather than melt, the silicides can be melted, leading to more versatility in
processing since melting techniques such as plasma spraying can be employed. Finally, the
silicides are easier to densify, and do not require the densification aids which must be
employed for structural ceramics.

SILICIDE REINFORCEMENT OF CERAMIC MATRIX COMPOSITES

An area that is little explored at present but which is potentially of major importance is
the use of silicides to improve both the reliability and cost of structural ceramics {2]. For
example, above its brittle-to-ductile transition temperature, MoSiy can be employed as an
oxidation-resistant, ductile phase in & ceramic matrix composite. This presents the
opportunity to significantly improve the elevated temperature mechanical properties of the
composite, such as strength, high temperature fracture toughness, creep, and slow crack
growth resistance. Such property improvements would constitute an important reliability
benefit. Additionally, at suitable volume fraction and morphology, the MoSi; phase may also
improve the machinability of ceramic matrix composites by allowing for electro-discharge
machining (EDM). This would constitute a major cost benefit.

There is very little published work in this area to date. The work that has been done,
however, definitely indicates a substantial improvement in elevated temperature mechanical
properties by incorporating a MoSi, silicide phase into SiC and Si3N4 structural ceramic
matrices [10,11]. Although no silicide phase work on benefits to ceramic machinability has
yet been published, such benefits are also anticipated in view of published resuits with
electrically conductive carbide, nitride, and boride phases in structural ceramic matrix
materials such as Si3N4. However, these carbide, nitride and boride additions do not possess

the high temperature oxidation resistance of silicides, and this fact has limited their usefulness.

SILICIDE HIGH TEMPERATURE JOINING MATERIALS

The high temperature joining of structural ceramic components has been a
longstanding difficulty. Structural ceramics such as Si3Ng and SiC possess thermal expansion
coefficients significantly lower than most metals, leading to mismatch stress problems. In
addition, conventional brazing metal alloys do not have sufficient elevated temperature
oxidation resistance. Silicides may have potential uses as higher temperature brazing
materials for the structural ceramics. Only one investigation has been performed to date in
this area. This study demonstrated that MoSiy and TiSi; may be employed as braze joining

materials for SiC [12]. Sound joints were obtained by heating in the range of 1750-1950 ©C,
and no reactions with SiC were observed.
SILICIDE COATINGS

Silicide based materials may have applications as advanced high temperature coatings

for refractory metals. Important factors for coatings of this type include coating oxidation
resistance, thermal stability and strength, high temperature chemical compatibility of the
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coating with the substrate, and thermal expansion coefficient mismatch between coating and
substrate. Recent work has shown that MoSi; based materials can provide an excellent high

temperature coating for niobium [13]. (Mo, W)(8i,Ge); coatings on niobium survived 200

one hour cycles at 1370 OC in air and 60 one hour cycles at 1540 ©C in air, due to formation
of a protective glassy film.

The use of silicides to coat carbon and carbon-carbon composite materials has not
been explored to any great extent as of the present time, although the potential for such
coatings may exist. One aspect here is the fact that silicides tend to react with carbon (for
example, MoSi5 reacts to form CMosSi3, the $o-called Nowotny phase), which may

necessitate the use of reaction barrier layers.

SIGNIFICANT ISSUES WITH SILICIDES

There are several significant issues which must be addressed in order to promote the
use of silicides in high temperature structural applications. These issues include minimizing or
eliminating the intermediate temperature oxidation pest behavior, increasing low temperature
fracture toughness, improving high temperature creep resistance, and obtaining basic material
properties.

Many silicides exhibit intermediate temperature accelerated oxidation, or even
oxidation pest behavior (catastrophic oxidation) under certain conditions. For example, in

MoSi; intermediate temperature (500 OC) accelerated oxidation and pest behavior occurs due
to the retention of MoO3 as a solid oxidation product, whose volume expansion can produce

microcracking. Means to minimize or eliminate this behavior include minimization of porosity
and microcracking, pre-oxidation formation of a continuous SiO7 surface layer, alloying to

alter oxide characteristics and oxidation mechanisms, and the use of metal coatings.
Improving low temperature fracture toughness is a significant issue. For many

applications, room temperature fracture toughness values below 10 MPa m1/2 will be
adequate, but for some high performance applications higher toughness levels will be
necessary. Composite strategies developed or in development for high toughness structural
ceramics should also be applicable to the silicides. Improvements in elevated temperature
creep resistance may be achieved by the minimization or elimination of glassy phases which
promote grain boundary sliding in preference to dislocation creep mechanisms. Dispersion
strengthening through the use of nanosized reinforcement phases dispersed intragranularly in a
relatively large grained material should produce a highly creep resistant microstructure.
Lastly, there are currently substantial gaps in the description and understanding of the
fundamental material properties of the silicides. Areas where little basic information exists
include self-diffusion coefficients and diffusion mechanisms, single crystal properties,
characterizations of ductile-to-brittle transitions and the factors which influence them,
oxidation mechanisms, and sintering behavior. It will be necessary to obtain this basic
information in order to be able to optimize the silicide materials for engineering applications.
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ABSTRACT

The mechanical and plastic behaviors of refractory silicide single crystals with Cl1,
(MoSi,), C40 (CrSi,, TaSi, and NbSi;), D8y (TiSi;) and C1 (CoSi; and (Cog,Niy,)Si;)
structures were investigated. The C40-type silicides were deformed by (0001)<1120> slip.
Their yield stress decreased sharply with increasing temperature but NbSi, and TaSi, which
were deformable even at low temperatures, exhibited anomalous strengthening around 1350°C.
Deformation of Ti;Si, whose ductile-brittle transition occurred around 1300°C was controlled
by twins and the brittle fracture occurred on the basal plane. In CoSi, the {001}<100> slip
was only activated at ambient temperatures but addition of Ni activated {110}<110> slip
as secondary slip system and improved the ductility. The creep behavior of MoSi, and CiSi,
single crystals were also investigated and was found to be controlled by the viscous and
glide motion of dislocations.

INTRODUCTION

New, extremely high-temperature tolerant materials for service at more than 1500°C are
required for aircraft gas turbines and spacecraft airframes. From the viewpoint of specific
gravity, clastic modulus, high~temperature strength and oxidation resistance, several transition
metal silicides with high silicon content are among the potential candidates for such ultra—
high temperature structural materials from a compilation of about 300 binary metallic and
metal-metalloid compounds that melt above 1500°C [1]. At high temperatures the silicides
exhibit excellent oxidation resistance since silicon atoms form viscous and protective SiO,
films which can infiltrate and cover micro cracks generated during the operating process.

In general, silicides have an intricate crystal structure and can rarely be deformed. From
crystal symmetry considerations, melting point and high-temperature strength, we should look
for several silicides with the Cl11, structure based on the b.c.t. lattice, and C40 and D8,
structures based on the h.c.p. lattice.

Some MSi,-type silicides with the elements Mo, W and Re are known to crystallize into
ihe Cl1, structure. Since the C11, structure is a long—period ordered structure derived by
stacking up three b.c.c. lattices and then compressing them along the long period axis, their
silicides possess the dcformation characteristics of b.c.c. crystals. The {110}<331] and
{103)<331] slips which comrespond to the {110}<111> slips in the b.c.c. lattices were
observed in MoSi, at around 1000°C, and with increasing temperature <100]-and <110]-slips
were activated [2, 3]. From the viewpoint of activated slip systems, polycrystalline MoSi,
is expected to have ductility since the number of slip systems is enough to satisfv the von
Mises criterion. However, even single crystals were brittle extremely at low temperatures and
the transition from ductile to brittle behavior occurred around 900°C.

One of the approaches to improve the ductility and fracture toughness is to develop
quasi-binary disilicides with two—phase microstructures composed of the Cl1, and C40
phases [4]. Detailed informations are needed on the mechanical properties and plastic
characteristics of both C40-type and Cl1,-type silicides to understand the plastic behavior
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of the component phases in quasi-binary silicide composites. However, to our knowledge
only limited studies on the slip system and the temperature dependence of the critical
resolved shear stress (CRSS) of CrSi, with the C40 structure have been reported using single
crystals [S].

For application to high-temperature structural components, not only high temperature
strength but also creep resistance which is ecven more important is required. The creep
behavior of polycrystalline MoSi, and MoSi,-based composites reinforced with SiC whiskers
has been investigated [6] but studies have not been made on the creep mechanism or
dislocation structure using single crystals.

In this paper, current knowledge of the slip behavior and deformation mechanism of the
Cl1,-type and C40-type disilicides including creep deformation is reviewed based on the
results of our recent studies on MoSi, with the C11, structure and CrSi,, TaSi, and NbSi,
with the C40 structure.

CoSi, with the Cl structure exhibits excellent oxidation resistance and some ductility even
at low temperature because of its f.c.c.-based structure. It is of considerable interest as one
of the duplex phases to improve the fracture toughness of silicide composites, although the
melting point of CoSi, is not high (T,=1326°C). CoSi, is primarily deformed by {001}<100>
slip systems and when the orientation of samples is controlled for the {001}<100>-slip,
some fracture strains arc obtained in single crystals even at room temperature [7].
Polycrystalline CoSi,, however shows high ductile-brittle transition temperature and therefore,
activation of additional slip systems is required to improve ductility. The effect of the
addition of Ni to CoSi, on operative slip systems and plastic behaviors is also described.

TisSi; with the D8, structurc is also a potential candidate as a refractory material. The
mechanical properties of polycrystalline Ti,Si; and unidirectionally solidified eutectic a Ti-~
Ti,Si; alloys [8], and the oxidation resistance of temary (Ti, X),Si; (X=V, Nb) have been
investigated but no detailed study on plastic behavior has been reported. Deformation and
fracture mechanisms of Ti,;Si; single crystals are also presented together with the deformation
structure.

EXPERIMENTAL PROCEDURE

The master ingots of binary MSi, (M=Mo, Cr, Ta, Nb or Co) and Ti;Si;, and ternary
(CoyoNiq,)Si, silicides were prepared by melting high-purity raw materials in a plasma arc
furnace. Single crystals of the binary and ternary silicides were grown from thesc ingots by
the floating zone method using an NEC SC-35HD single crystal growth apparatus at growth
rates of 5 and 10mm/h under a high—purity argon gas flow. Specimens for compression and
creep tests (approximately 2.5x2.5mm in cross-section and 7mm long) with selected
oricntations were cut from the single crystals by spark machining and mechanically polished
using diamond paste to observe surface slip markings. Compression tests were conducted on
an Instron-type testing machine in a purified argon gas atmosphere or in a vacuum at a
nominal strain rate of 1.4x107s™ at temperaturc ranging from 20 to 1500°C. Slip patterns
were then examined with an optical microscope using Nomarski interference contrast. Creep
tests of MoSi, and CiSi, single crystals were conducted under compression in an argon gas
atmosphere. The displacement of specimens was measured with a linear variable-differential
transducer.

Thin-foil specimens for electron microscopy were cut first from deformed specimens by
spark machining and finally ion-milled by Ar bombardment to perforation. The thin foils
were examined in a Hitachi H-800 electron microscope operated at 200KV.
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RESULTS AND DISCUSSION

(C11,~ type silicides)

MoSi, is extremely brittle even in single crystals at low temperatures but it becomes
deformable above 900°C. Activation of 1/2<331] dislocations which are thought to dissociatc
into three 1/6<331] superpartials bound by APBs was observed around 900°C. The slip
occurred on both closely packed {110) and {103) planes at all tested temperatures between
900 and 1500°C [2, 3]. The ductility was remarkably improved and the fracture strain
sharply increased accompanied by rapid decrease of the yield stress with increasing
temperature above 1200°C where <100}-and <110]-type dislocations were activated as shown
in Fig.1. Although the yield stress depends strongly on the strain rate, the low strain rate

T T T T
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Fig.1 Temperature dependence of fracture strain for MoSi, single crystals.

sensitivity of fracture strain around 1200°C suggests that adequate fracture toughness is
provided at high operating temperaturcs. Dislocation networks composed of <100] and <110]
dislocations were observed in MoSi, deformed at 1300°C. The climb mobility of the <100]
and <110] dislocations is already high and a dynamic recovery process takes place during
deformation.

To improve the ductility of MoSi, at low temperature, an approach to activate 1/2<111>
dislocations was donc based on the phase stability of the Cl1, with respect to the C40
sructure. A 1/2[111] dislocation can be dissociated into two 1/4[111] partial dislocations
bound by a stacking fault [3 9). If the stacking fault with a fault vector of 1/4[111] is
introduced on a (110) plane in the C11, structure, the atomic arrangements and the stacking
sequence on the (110) become cqulvalcm to those on the (0001) plane in the C40 structure.
Addition of alloying clements which destabilize the C11, structure of MoSi, with respect to
the C40 structure decreases the stacking fault energy resulting in the ductility improvement.
A sign of ductility improvement was noticed in the stress—strain curves for (Mo, g,Crog)Si,
single crystals [3]).

Figure 2 shows the carly stages of the creep curves of MoSi, single crystals at the
applied stresses of 15.2, 30.3, 49.6 and 100 MPa at 1400°C. The curves show a primary
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Fig.2 Creep curves of MoSi, single crystals deformed at 1400°C.

transient followed by a long period of steady-state 'crccp with minimum creep rate by which
the creep behavior can be evaluated. The empirical power law crecp relation represents the
strain rate at the steady-~state creep as a function of the applied stress.

¢=Ac"exp(-AHAT)

where & is the stcady-state creep rate, A
is a constant, o is the applied stress, AH
is the activation energy and n is the stress
exponent and depends on the ratc
controlling process. The stress exponent n
was determined to be 3 from the slope of
a straight line by plotting the logarithm of
the strain rate as a function of the
logarithm of the applied stress at 1200°C
as shown in Fig.3. The n value of 3
suggests that the creep of MoSi, is
controlled by the viscous motion of
dislocations. At high temperatures the
climb mobility of <100] and <110]
dislocations is already high and the
formation of dislocation networks proceeds
as shown in Figd4. The slower the
dislocation creep, the larger the
contribution of diffusion creep becomes.
Evidence of the transition from _the
dislocation creep (n=3) to the diffusion
creep (n=1) was found in MoSi, single
crystals crept at 1400°C under low applied
stress of 15.2 MPa . From the logarithm
plots of the steady state creep rate as a
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Fig.4 Dislocation structures in MoSi; single crystals
deformed at 1200°C with the applied stress.
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function of the reciprocal temperature as shown in Fig.5, the apparent activation energy was
determined to be 520KJ/mol. This value is rather higher than previous result of
AH=433KJ/mol for polycrystalline MoSi, [10]. Oricntation dependence of operative
dislocations and the effect of grain boundaries might be responsible for the difference.

(C40-type silicides)

Although possible slip planes are 2
expected to be (0001) and {1130} °
planes from the crystal structure of
C40-type, the (0001)<1120>-slips are
only operative in CrSi,, The CiSi,
single crystals are deformable above
700°C and the yicld stress decreases
monotonically  with  increasing
temperature. The stress-strain curves
exhibited considerable work hardening
after yielding below 900°C, but at
higher temperatures they exhibit a
yicld drop followed by a very oradual
work hardening or sometimes work
softening, and an improvement in
ductility. Hexagonal  networks
composed of three types of 1/3<1120>
dislocations are formed as shown in
Fig.6. On the (0001) plane, 1/3[2110]
dislocation was confirned to be
dissociated into two 1/6[2110] partial
dislocations  combined  with a Fig.6 Dislocation networks of CrSi, single
superlattice  intrinsic  stacking crystals deformed at 1300°C;
fault(SISF) as shown in Fig.7. The (a)g=1120 ,(b)g=0230, (c)g=3200, (¢)g=2030.
cross-slip or climb dissociation of
some scgments of the paired
partials, which may provided an
additional stress to the motion of
the entire dislocations and exhibit
the plastic anisotropy, is expected
to occur during moving on the
(0001). However, the CRSS for
(0001)<1120> slip did not
depend on crystal orientation and
it decreased continuously with
increasing temperature.

The creep test of CrSi, single 1um
crystals was camied out at a -
temperature  between 900 and Fig.7 Weak beam image of dissociated 1/3[1120]
1050°C under applied stress of dislocation in CrSi, deformed at 1000°C.

between 2 and 40 MPa. The
crecp curves showed a long period of steady-state creep after primary regime in single
crystals, while a primary region followed by inverse crecp with no development into a
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steady-state creep was observed in polycrystalline CrSi; tested above 1000°C. The stress
exponent n and the apparent activation cnergy for creep of CrSi, single crystals were
determined to be 2.9 and 360k)/mol from measurements of the temperature and applied stress
dependence of the steady-state creep rate. Numerous isolated 1/3<1120>-type dislocations
were observed on the basal planc in CrSi, single crystals crept at 1000°C. These results
strongly suggest that the creep of CrSi, is controlled by the viscous and glide motion of
1/3<1120>-type dislocations.

NbSi, (2200°C) and TaSi, (1930°C) have higher melting temperature than CrSi, (1550°C).
The high melting temperature which is closely related to the strong bonds is thought to be
disastrous for ductility of intermetallics. However, a distinct plastic flow was observed in the
stress—strain curve of NbSi, single crystal even at room temperature and a sharp increase in
ductility occurred with increasing temperature as shown in Fig.8. Serrations in the stress—
strain curves appeared at high temperatures and became remarkable between 1200 and 140
0°C. The transition from ductile to brittle behavior of TaSi, single crystals shifted to 300°C
but the stress-strain curves were similar to those of NbSi,.

60— gt 100 -

500 (‘ o —
0001 1310

400~ .

Stress (MPa)
§
T
1

g
T
1

100 1250C o —_ -
(W‘”"_m _
0 I C—
Strain (%)

Fig.8 Stress-strain curves of NbSi, single crystals.

Temperature dependence of the yield stress of NbSi, and TaSi, single crystals, together
with that of CrSi, is given in Fig.9. The yield stress of NbSi, and TaSi, decreased rapidiy
with increasing temperature and then increased reaching an anomalous peak around 1350°C.
The yield stress of NbSi, and TaSi, at low temperature is not high enough as expected from
their melting points, but the anomalous strengthening above 1000°C is attractive for high-
temperature structural application. The basal slip was confirmed in the temperature range
below the anomalous peak but the anomalous strengthening mechanism is not yet clear.
Investigations on orientation dependence of the CRSS and the anomalous peak temperaturc
of NbSi, and TaSi, single crystals are now in progress.
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Yield stress (MPa)

Temperature (" C)

Fig.9 Temperature dependence of yield stress of CrSi,,
TaSi, and NbSi, single crystals.

(D8,-type silicide)

TisSi; crystallizes in the
hexagonal D8; structure whose
stacking sequence on the basal
planes is ABACA. ... The atomic
arrangements of B and C layers are
related by 180° rotation about the ¢
axis relative to each other. TiSi,
single crystals are extremely brittle
at low temperature but they become
deformable above 1300°C. The yield
stress depends strongly on the
crystal orientations and decreases
rapidly with increasing temperature
as shown in Fig.10. The closed
triangle indicates fracture stress of
the tested specimen instead of yield
stress since the specimens broke
within a straight region of the
stress—strain relationship.

Deformation twins were very
often observed in deformed samples.
Figure 11 shows a twin in T,Si,
single crystal deformed at 1500°C,
whose twin plane lies almost
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Fig.10 Temperature dependence of yield stress of TiSi,

single crystals.
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parallel to an incident clectron beam. From the diffraction spots which were taken from the
matrix and the combined area of the matrix and the twin, the twin plane was determined to
be (1012). In consideration of an activated twinning system in a hexagonal lattice, a twinning
system of {1012}<1011> may be possible in Ti;Si, crystals.

Fig.11 A twin in TiSi, single crystal deformed at 1500°C.

Figure 12 shows the CRSS for the {1012}<1011> system calculated from the data in
Fig.10. The data on samples with orientations on the [1120]-[1010] boundary and

CRSS for {1012}<1011> slip (MPa)
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8
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Fig.12 Temperature dependence of CRSS for {1012}<1011> of Ti,Si, single crystals.
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near the [0001] are excluded from the figure since these samples did not exhibit a marked
plastic flow. The good agreement of the CRSS with the Schmid law suggests that the
deformation of TisSi; single crystals may be controlled by the {1012}<1011> twins.

From the atomic armrangements on the basal planc, a possible slip system is
(0001)<1120> but the basal slip has not been observed. The brittle fracture occurred very
often on the basal plane in samples with orientations where only a small shear stress
component for the {1012}<1011> twin deformation was provided. Our recent measurements
of the thermal expansion coefficient of TisSi, single crystals showed the thermal expansion
cocfficient along the [0001] direction to be about 4 times more higher than that along the
[2110} direction [11]. Since the thermal expansion is due to the thermal vibration on the
basis of the repulsive and attractive forces between atoms, the higher thermal expansion
coefficient along the {0001] direction suggests a weak bonding force along this direction,
causing the brittle fracture to occur on the (0001) plane.

(C1-type silicides)

In crystals with the cubic C1 structure various slip svstems of {001}<110>, {110}<110>,
{111}<110> and {001}<100> are expected to occur. The difference in operative slip systems
of Cl-type compounds depends on the difference in the electrostatic nature of the core
structure. For example, the {001}<110>-slip is primarily activated in the ionic compounds
such as CaF,, BaF, and SrF,, while the metallically bonded compounds such as TiH, and
ZrH, are deformed by {111}<110> slip. CoSi, which has a combined character of strong
covalent and metallic bonding exhibits 2-4% fracture strains in single crystals even at room
temperature. However, it cannot be deformed in polycrystalline form since only the
{001}<100> slip is activated and the von Mises criterion cannot be satisfied, while activation
of {111}<110> and {110}<110> slips with increasing temperature provides a rapid increasc
in ductility[7]. Addition of small amount of Ni which is expected to increase the character
of metallic bonding activated {110}-slip as secondary slip in the sample deformed along
[123] as shown in Fig.13 and the ductility was improved.

R.T. 500°C 750°C Comperssive

50pm

Fig.13 Slip traces of (Cog,Ni,,)Si, single crystals.

CoSi, and (Coy,Niy,)Si, single crystals show similar temperature dependence of the
CRSS for{100}<001>-slip as shown in Fig.14. The stecp temperature dependence of the
CRSS below 200°C suggests that deformation of CoSi, and (CoygNiy,)Si, is controlled by
the Peierls mechanism as predicted by Takeuchi {12}, while at S00°C high activation volume
of 323b® was obtained for (Coo,Niy,)Si, single crystals. The lower CRSS of (CoyoNiy,)Si,
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in comparison with CoSi, at low temperatures suggests that addition of Ni reduces the
covalent bonding force resulting in improve ductility.
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0 200 400 600 800 1000

Temperature (°C)
Fig.14 Temperature dependence of CRSS for {100}<100>-slip in CoSi,
and (CogNiy,)Si, single crystals.

CONCLUDING REMARKS

MoSi, is belicved to be an attractive candidate of refractory materials operating above
1500°C. Although a hopeful indication was noted in the ductility improvement for MoSi,
with a small addition of Cr, it is very difficult to pursue good ductility in single phase
through alloying design and thermo-mechanical processing. A target in developing of
refractory silicides should be to focus on the improvement of toughness using multi-phase
microstructures. The transition metal silicides described in this paper may be suitable for
oxidation resistance at high temperature because of their high silicon content. For silicide
composites high strength is guaranteed by MoSi,-phase as a matrix, while the ductility and
toughness should be improved by dispersed phases with sufficient ductility at low
temperature. A good sign in low-temperature ductility of TaSi, and NbSi, together with
anomalous strengthening around 1350°C is attractive for usage as a dispersed phase. CoSi,
is also of interest as a dizpersed phase in silicide composites since a small added amount
of Ni activates {110}<1:0> slips in addition to {001}<100> slips and sufficient slip systems
for continuous plasticity of puiycrystals are provided, although the melting point limits its
operating temperature below about 1300°C. Good ductility at low temperature as well as
conventional alloys cannot be expected for refractory silicides, but in sharp contrast to
ceramics the silicides can be deformed by the motion of dislocations and become ductile at
high operating temperature. Composites composed of quasi~binary and ternary silicide phases
with the C11,, C40 and C1 structure may be able to improve fracture toughness at low
temperature and overcome difficult barriers in the development of structural materials for use
at extremely high temperature.
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Abstract

The temperature dependence of the flow stress and deformation mechanisms of single
crystal MoSi2 have been determined for compression along three different orientations, [001],

[021] and [771], at two different strain rates, 1x10-5/s and 1x10-4/s, and at temperatures between
900 and 1600°C. The flow stress along [021] is slightly higher than that along [771] while both
orientations gave a much lower flow stress than that along [001]). Along [021], slip occurs on the
{110}1/2<111> slip system between 1000 and 1200°C, while at 1300-1400°C, slip occurs on the
{013}<100> slip system. Along {771}, deformation occurs by the {011}<100> slip system while
cross-slip onto {013} and {o17) planes is observed at 1000-1300°C except that slip occurs on the
{013}1/2<331> slip system at 1000-1100°C for faster strain rates. Along {001], slip occurs on the
{013}1/2<331> system at 900-1100°C while slip is observed on the {011}1/2<111> system at
1300-1600°C. Strain rate jump tests from 1x10-5/s to 5x10-5/s at 1100°C revealed a stress
exponent of 7 along [771] and 20 along [021], while a rate jump test from 1x10-5/s to 2x 10-3/s
along [001] at 1400°C gave a stress exponent of 3.9.

Introduction

MoSi2 is a candidate material for high temperature structural applications as it has excellent
oxidation resistance [1], a reasonable toughness above 1000°C {2], and high creep and yield
strength when reinforced with SiC [3].

MoSi; has a body centered tetragonal structure, space group I4/mmm and lattice
parameters: a=0.3204 nm, c=0.7848 nm [4]. According to conventional dislocation theory, the
most likely perfect dislocations have Burgers vectors with the shortest lattice translations, and glide
on the densest packed planes. Thus, we expect <100> dislocations with b=0.3204 nm should be
most common, followed by 1/2<111> and <110> dislocations, both with b=0.4531 nm. These
latter vectors have the same length because of the hexagonal symmetry of the {110} plane. The
next two possible Burgers vectors are much longer, 1/2<331> and [001], both with b=0.7848 nm
(again the same length because of the hexagonal symmetry of the (110) plane). The densest
packed planes, in terms of both Mo and Si atoms, are {110} and {Q]3} [S]. Thus, elementary
dislocation theory would predict the {013)<100>, {110}<110> or {110)1/2<111>, slip systems
should have the lowest Peierls stresses. The possible slip systems in MoSi> are shown in Table |
and are labelled A-H in order of decreasing d/b (where d is the planar spacing and b is the Burgers
vector), since the Peierls stress is predicted to decrease with increasing d/b [6].

The purpose of the present work was to study the deformation behavior of single crystal
MoSiy at high temperatures. Single crystals of MoSi oriented along [001}, [021], or [771] were
deformed in compression between and 1600°C. For compression along [001], the Schmid
factors are zero for all slip systems except for {013)1/2<331> (H) and {011}122<111> (1),
thereby eliminating slip on the expected easy slip systems. For compression along [021], the
Schmid factors are high for the expected easy slip systems {013}<100> (A), {110}12<111> (D)
and {001 }<100> (E), while along [771], the Schmid factors are high for slip on {013}<100> (A),
{010}<100> (B) and {011}<100> (F) (Table 1). Along [001], {021], and [771], the strain rate
sensitivity was determined by performing rate jump tests at 1400, 1100, and 1100°C, respectively.
This paper will provide a summary of an in depth study on the mechanical properties of single
?{ygztgl ;\;]()Siz. For a more detailed description of results see Maloy (1993) {7] and Maloy et al.

) [8].
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Schmid Factors

Shp System d (nm) | b (nm) da/b [001] ] _[021)

A 013 1<100> 0.203 ] 0. 0.630 0 0.38 0.42
B 010}<100> 0.160 | 0.3204 | 0.499 0 0 —0.46
—C T10}<110> 0.226 | 0.4531 0.499 0 0.20 ]

D i0}1R<I11> 0.226 | 0.4331 0.499 0 0.40 0.20

E 0O 1<100> 0.131 0.3204 | 0.400 0 0.48 | 0.17
—F 01T1<100> 0.0080 | 0.3204 | 0.300 0 0.17 0.3

[¢] 1R<3I> 0.226 | 0.7348 | 0.288 0 0.36 0.12

H 03 233> 0.202 | 0.7848 | 0.237 0.39 0.46 | 0.43
— 1 OITI<ITIS 0.0989 | 0.3531 0.218 0.33 0.40 0.38

Experimental Procedure

Single crystals of MoSi2 were grown with orientations along [001], [021], and [771] using
MoSi2 seeds by the Czochralski technique at McMaster University by J. Garrett. Rectangular
parallelepipeds were cut, ground to approximately 1.5x1.5x5mm3, and polished through ipum
diamond paste. Samples were deformed at strain rates of either 1x10-4/s or Ix10-5/s at
temperatures between 900 and 1600°C on Instron testing machines equipped with high temperature
furnaces for testing in either vacuum or argon. SiC or single crystal YAG pads were used; BN
powder on the ends of each specimen served as a high temperature lubricant. Slip traces were
observed on the specimen surface after testing using an optical microscope with Nomarski contrast
imaging techniques. Thin sections from each specimen were cut paraliel to the slip plane afier
deformation. If no slip traces were observed, a foil was cut perpendicular to the compression
direction. Standard procedures were used to ion mill samples to electron transparency. The foils
were examined in a Philips CM30 transmission electron microscope (TEM) operating at 300 kV.
Standard g.b and trace analyses were performed to determine the Burgers vectors of the
dislocations and their slip planes.

A small amount of MosSi3 (~2 vol.%) was present in as-grown single crystals due to Si-
loss during growth. The second phase content was determined by grinding a small piece of each
single crystal into -300 mesh powder and quantifying using X-ray diffraction techniques. The C,
N, O and H contents of each single crystal were determined by Leco® analysis with the highest
impurity being C (< 91 wt. ppm) followed by O (< 39 ppm) and H (< 5 ppm).

Results
Mechanical P .

The yield stress of single crystal MoSia was determined by compression along [021],
{771), and [001}, and the results are shown in Figure 1. The yield stresses in the [001] orientation
are much higher than those in the [021] and [771] orientations. For compression in the [001]
orientation at 900-1100°C, the band shown in figure ! starting at ~600 MPa and ending at ~1400
MPa represents yielding, which occurred by a series of load drops followed by elastic reloading
until the test was stopped at the load limit of the testing machine. At 1200°C, the sample was
loaded to the load limit of the testing machine without yielding (as noted by an arrow pointing
upward). At teinperatures above 1200°C the yield stress sharply decreases with decreasing strain
rate and increasing temperature. For deformation along [771] and [021], the yield stress is not
very sensitive to strain rate and decreases with increasing temperature. At 1000°C along [771] and
[021], cracking occurred before a yield point was observed.

* Leco Corporation, 3000 Lakeview Ave., St. Joseph, MI 49085-2396
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Fig. 2 Stress/strain curves for rate jump tests performed in compression along [001] at 1400°C and
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Rate jump tests were performed at 1100°C along {021] and {771] and at 1400°C along
[001] as shown in Figure 2. For the test performed along [021], a stress exponent of 20 was
observed, while for the test performed along [771], a slightly larger stress exponent of 7 was
observed. Finally, for the test performed along [001] a stress exponent of 3.9 was found. The
stress exponents are in close agreement with those obtained from separate tests performed at strain
rates of 1x10-5/s and 1/104/s.

Slip Trace Agalysi

The slip trace analyses made after deformation along {001], {021}, and [771] are
summarized in Table [I. The characteristics of the slip traces varied depending on the temperature
and compression axis. For example, for deformation along [001] at 900°C, very fine {013} slip
traces were observed while the slip traces observed at 1000 and 1100°C were also fine but inclined
by ten degrees to the angle expected for {013} slip. At higher temperatures, no slip traces were
observed. For deformation along [021], distinct { 110} slip traces were observed after deformation
at 1000-1200°C, while at higher temperatures, slightly curved {013} slip traces were observed.
Finally, for deformation along [771], {013} slip traces were observed after deformation at 1000-
1100°C at a strain rate of 1x10-4/s and at 1000°C at a strain rate of 1x10-5/s. For deformation along
{771} at higher temperatures and both strain rates, primary slip occurred on {011} planes, while
cross-slip was observed on {013}, and {011} planes.

IEM Analysis

The dislocations' Burgers vectors and their glide planes determined from detailed TEM
analyses are also summarized in Table II. For deformation along [001] at 900-1100°C, 1/2<331>
dislocations were observed lying in the {013) plane. The 1/2<331> dislocations were often
observed to be decomposed into 1/2<111> and <110> dislocations (a further explanation of the

decomposition is given by Maloy et al. (1993) [9]). The extent of the decomposition reaction
increases with temperature, thereby effectively immobilizing the 1/2<331> dislocation at

Table II Summary of Slip Trace and TEM Analyses
Onientation | Temperature ] otrain  KRate p Traces | Dislocations ] Plane | Ship
(°C) (/s) Burgers vector System
[001] 1400-1600 104 none <100>, ©01) I
<110>
1/2<111> {110}
900-1100 10-5 {013} 172<331>, {013} [H
12<111>,
<110>
1200- 1400 10-5 none <100>, o1y 11
<110>
172<111> {110}
1021) 1000-1T200 104 and 105 | (110} 12<111> {110} [D
1300-1400 104 and 10-5 [ {013} <100> 0Ty A
1771} 1000-1100 104 {013} 172<331>, {013} |H
1/2<111>,
<110>
1200-1300 |04 {011} <100> {011}
Cross-slip
10-5 (015)sﬁ <100> {011} [A
cross-slip
[ TT00-1300 | 103 (1]§)] <100> [OIT} [F
cross-slip
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temperatures above 1100°C. After deformation at higher temperatures, <100> and <110>
dislocations were observed in the form of low angle grain boundaries, while in some areas,
1/2<111> dislocations were also observed, often lying on the {110} plane. The <100> and
<110> dislocations result from reaction of 1/2<111> dislocations.

For deformation along [021], 1/2<111> dislocations on {110} planes were observed at
1000-1200°C while <100> dislocations lying on the (001) plane were found at 1300-1400°C.
Finally, for deformation along [771], at 1000-1100°C and a strain rate of 10-4/s, 1/2<331>
dislocations were observed lying on the (013} plane. As observed for deformation along {001},
the 1/2<331> dislocations were decomposed into 1/2<111> and <110> dislocations. For
deformation at other temperatures, <100> dislocations were found on the {011} plane and the
formation of low angle boundaries occurred during deformation at 1300°C.

Discussion

From the slip trace and TEM investigations, the active slip systems were determined and
are listed in Table II. The slip systems are labelled as per Table 1. For deformation along {001) at
1300-1600°C, <100>, <110> and 1/2<111> dislocations are observed. Since the Schmid factor is
zero for deformation via the <100> and <110> dislocations and on the {110} plane, it is assumed
that the <100> and <110> dislocations are formed by reaction of 1/2<111> dislocations gliding on
the {011} plane (slip system I). For deformation along [021] at temperatures of 1300-1400°C, the
dislocations observed lie on the (001) plane. Since the slip traces involve slip on the {013} plane,
it is assumed that the dislocations climb after deformation via the {013}<100> slip system (A) to
position themselves on the (001) plane. For deformation along [771} at 1000°C, <100>
dislocations are observed lying on {011} planes. Since the slip traces reveal cross-slip from
{013} 1o {011} planes, it is assumed that the majority of slip occurs on the {013} plane via slip
system A.

Therefore, slip occurs on five different slip systems, depending on the orientation of the
compression axis, temperature and strain rate at which the test was performed. When deforming in
the hard orientation, [001], slip must occur via slip systems with long Burgers vectors and rather
open slip planes (H and I). On the other hand, when deforming in the easy orientations, [021] and
[771], slip may occur by means of slip systems with short Burgers vectors and dense slip planes
(D, A and F). Slip only occurs on a slip system with a long Burgers vector and the second densest
slip plane ({013}1/2<331>) when deforming along [771] at low temperatures and high strain
rates.

The rate jump tests reveal information about dislocation motion in MoSiz. The highest
stress exponent (20) is obtained for deformation along [021] at 1100°C. At this temperature
deformation occurs via the {110}1/2<111> slip system (D). The 1/2<111> dislocation can
dissociate by glide into two 1/4<111> partials separated by a superlattice intrinsic stacking fault
with an energy of approximately 255 m}/m2 (Evans et al. 1993 [10], Maloy 1993 [7]) on the
{110} plane. This lowers the Peierls stress for glide on this slip system which eases glide on slip
system D and may be the cause of the high stress exponent. The next highest stress exponent (7)
was recorded for deformation along [771] at 1100°C. At this temperature and strain rate,
deformation occurs by glide on the {011}<100> slip system, although cross-slip is observed on
the (013} and {011} planes. Although the lowest stresses are recorded for slip on the
{011}<100> system (F), the cross-slipped segments may hinder dislocation motion, yielding a
lower stress exponent than was measured along [021]. The lowest stress exponent (3.9) is found
for deformation along [001] at 1400°C. At this temperature, deformation occurs via glide on the
{011)}1/2<111> slip system (I). The yield stress is high and many low angle boundaries are
observed after deformation suggesting that the Peierls stress is high and climb is occurring. This
may be the reason for such a low stress exponent.

Conclusions

1) The temperature dependence of the flow stress in single crystal MoSiy has been determined at
temperatures between 900 and 1600°C at strain rates of 104/s and 10-5/s. The flow stress in the
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[001] orientation is an order of magnitude higher than thai measured in the [771] orientation at
1300°C. The flow stress decreases sharply with increasing temperature.

2) Five different slip systems can be activated, depending on the temperature and strain rate at
which the test is performed: {013}<100> (A), {110}1/2<111> (D), {011}<100> (F),
{013}1/2<331> (H) and {011}1/2<111> (I). Slip systems involving the densest planes, (A, D
and H), are activated at temperatures of 900-1200°C while those involving the shortest Burgers
vectors are activated at 1200-1600°C (AF, and I).

3) To investigate the strain rate sensitivity of single crystal MoSi», rate jump tests were performed
at 1400°C along [001] and 1100°C along {021] and {771] giving strcss exponents of 3.9, 7, and 20
respectively.
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ABSTRACT

A systematic study of the structure-mechanical properties relationship is reported for
MoSi-8iC nanolayer composites. Alternating layers of MoSi2 and SiC were synthesized by DC-
magnetron and rf-diode sputtering, respectively. Cross-sectional transmission electron microscopy
was used to examine three distinct reactions in the specimens when exposed to different annealing
conditions: crystallization and phase transformation of MoSi3, crystallization of SiC, and
spheroidization of the layer structures. Nanoindentation was employed to characterize the
mechanical response as a function of the structural changes. As-sputtered material exhibits
amorphous structures in both types of layers and has a hardness of 11GPa and a modulus of
217GPa. Subsequent heat treatment induces crystallization of MoSi; to form the C40 structure at
500°C and SiC to form the « structure at 700°C. The crystallization process is directly responsible
for the hardness and modulus increase in the multilayers. A hardness of 24GPa and a modulus of
340GPa can be achieved through crystallizing both MoSi; and SiC layers. Annealing at 900°C for
2h causes the transformation of MoSis into the C11}, structure, as well as spheroidization of the
layering to form a nanocrystalline equiaxed microstructure. A slight degradation in hardness but
not in modulus is observed accompanying the layer break-down.

INTRODUCTION

Enhancement of mechanical properties of nanoscale materials has been predicted and
observed in a number of multilayer structures [1-2]. Specifically, metal-metal systems have shown
increased yield and fracture strength [2-3]. The availability of fine scale high strength materials
may extend the applications of multilayered films into high temperature environments, such as
protective surface coatings for high temperature structural applications. Therefore, the
transformation of phases and the stability of layering are particularly important. This study
examines both issues for MoSiz-SiC multilayer structures.

MoSi3 is a potential matrix material for high temperature structural composites due to its
high melting temperature and good oxidation resistance at elevated temperatures [4]. The two
major drawbacks for structural applications are inadequate high temperature strength and poor low
temperature ductility. The need for composite additions has become the focus of extensive
investigations in recent years [5]. On the other hand, SiC, being elastically hard and brittle, has
been used as a reinforcing second phase in various intermetallic and ceramic compound matrices.
Specifically, the addition of SiC whiskers has provided significant improvement in the high
temperature yield strength of MoSi3 [6].

In a previous report (7], it was shown that these MoSiz-SiC multilayers exhibit superior
oxidation resistance and significant hardness increase through annealing at 500°C. In this study,
we have systematically investigated both the evolution of phases and the stability of layers by
varying the heat treating conditions. By monitoring the changes in hardness and modulus with
different structural changes, a trend in the structure-mechanical properties relationship can be
established in these multilayers.
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EXPERIMENTAL PROCEDURE

Altemnating layers of MoSi2 and SiC were prepared by sputter deposition at a pressure of
1.33Pa with an argon flow of 10sccm/min. Prior to deposition the chamber was evacuated down
to a pressure of 104 Pa. Silicon (111) substrates were used for most of the depositions. MoSiz
was sputtered from a planar magnetron target at a DC power of 100-200W. Silicon carbide was
sputtered from a SiC diode target at an rf power of 130-200W. The deposition rates of MoSiy and
SiC were 32 and 7nm/min, respectively, at a power of 200W. The MoSi-SiC layered composites
were prepared by cyclically passing the samples beneath the two targets at such a rate and target
power that the constituent SiC layers had a nominal thickness of 3nm and MoSi; layers 10nm. A
total of 90 sublayers of each kind were produced for each film. The multilavers were then
annealed at 500, 600, 700, 800°C foi' 1h and 900°C for 2h, respectively, in a vacuum of 108 torr.

Investigation of the surface hardness was performed using an indentation load-depth
sensing apparatus, commercially available as a Nanoindenter™ [8,9]. This instrament directly
measures the load on a triangular pyramid diamond indenter tip as a function of displacement from
the surface. Hardness is determined from the load data using the relation:

H=L(h)/A(h),
where L(h) is the measured load, and A(h) is the projected area of the indent as a function of the
plastic depth h. The area function is determined by an iterative process involving indents into
materials of known isotropic properties [9). Measurcments were made under a constant load rate
of 20mN-sec-! to a nominal depth of 70nm. Typically ninc indents were made on each sample and
the data averaged. The depth of the indents was chosen to be less than 10% of the total thickness
of the nanolayered composites [10]. As discussed by Doerner and Nix [11], the actual depth of the
indent includes the plastic depth as well as the elastic recovery of the material as the indenter is
removed. Following their analysis, we used the unloading portion of the curve to estimate the
elastic contribution to the total displacement. This analysis assumes a homogeneous material,
rather than a layered surface structure, but the limitation on the depth of the indentation should
validate this assumption.

As-deposited and annealed multilayers were made into cross-sectional transmission electron
microscopy (XTEM) specimens and were examined using conventional and high resolution
transmission electron microscopy (HRTEM) on a Phillips CM30ST microscope operating at
300kV. Optical diffractograms were taken from the lattice images; the patterns were then analyzed
to identify the phase and orientation of each pattern.

RESULTS
M Te. i

Fig. 1(a) shows the XTEM image of the as-deposited multilayers. The average layer
thickness was estimated to be 15nm and 2.7nm for MoSi2 and SiC layers respectively. Selected
area diffraction (SAD) patterns taken from the multilayered region revealed the amorphous
structure as is represented by the diffuse rings in Fig. 1(b). Annealing the multilayers at 500°C for
1h induces crystallization of the amorphous MoSiz to form the hexagonal C40 structure which is a
metastable structure of MoSiz [12]. SiC, on the other hand, remains amorphous.

Fig. 2(a), taken after anncaling at 700°C, shows that the layer structure is preserved.
Careful examination of the SAD pattern (Fig. 2(b)) indicates the presence of a few extra spots
(indicated by circles) superimposed on the continuous ring patterns of the polycrystalline C40
structure. Analysis of the extra spots discloses that these extra reflections can be matched to the
6H structure and possibly other polytypes of a-SiC. XTEM image of an 800°C 1h-annealed
multilayers is shown in Fig. 3(a). The two major differences between the 700° and 800°C annealed
specimens are that the MoSiy layer dimension changes and the SiC layer morphology changes.
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The average grain size within the MoSi2 layers has increased by ~20% from 15nm to 18nm. The
SiC layers have broken down to form discontinuous segments. Fig 3(b) shows a HRTEM image
of the layer structure. It can be seen that some parts of the SiC layers (originally ~2.7nm thick)
have spheroidized to form equiaxed shaped grains (grain size ~18nm) and extended into the
original MoSij layers. As a result, the grains in the MoSiy layers has grown outward towards the
adjacent MoSiz layers to take up the space originally occupied by the layered SiC. In addition to
the change in layer morphology, evidence from the SAD pattern suggests the onset of the phase
transformation of MoSij to the stable tetragonal C11, structure.

Fig. 1(a) XTEM micrograph showing the as-sputtered MoSiz-SiC multilayers. Darker layers are
MoSi2, and the lighter layers are SiC. Fig. 1(b) Corresponding SAD pattern showing the
amorphous structure in both layers.

Fig. 2(a) Layered structure of MoSi2-SiC multilayers annealed at 700°C for th. (b) SAD pattern

showing extra spots corresponds to 6H structure and possibly other polytypes of a-SiC (indicated
by circles) superimposed on polycrystalline rings of C40-MoSij.
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900°C annealing for 2h has caused the break-down of the layered structure to form an
equiaxed nanocrystalline composite. Fig. 4(a) shows a dark field image of the composite. The
average grain size is in the range of 30nm, while there are a few larger grains (indicated by arrows)
having diameters between 200 and 400nm. Some of the very large grains were identified to be
6H-SiC. The SAD pattern indicates that all of the C40 phase MoSiz has transformed at this
temperature to form the stable C11y, structure. Fig. 4(b) shows a lattice image of an interface
between a MoSiy grain (dogp= 3.92A) and a 6H-SiC grain (djgi4=2.17A). The interface is free of
any glassy phase.

Fig. 3 (a) XTEM micrograph of an 800°C 1h-annealed multilayers. (b) HRTEM image showing
evolution of layered structure: spheroidization and growth of SiC into the original MoSi; layer.

Fig. 4(a) Dark field image of a 900°C 2h-annealed composites showing equiaxed microstructure.
The average grain size is ~30nm with a few large grains (as indicated by arrows) in the 300nm
range. (b) HRTEM lattice image of an interface between two neighboring grains of C11,-MoSiz
(dgoz= 3.92A) and 6H-SiC (d9j4=2.17A).
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Nanoindentation M

The hardnesses and moduli of the multilayered composites determined by nanoindentation
are listed in Table I. All indents have a penctration depth less than 10% of the total thickness to
avoid any influence from substrate effects. The scatter of the data is in average less than 4% of the
value averaged from the nine measurements. The measured hardness and modulus of the as-
sputtered multilayer are 11GPa and 217GPa, respectively. A 500°C-1h anneal has increased the
hardness by almost 80% (20GPa) and the modulus by 30% (290GPa). This effect is mainly due
to the crystallization of the MoSi layers. Another significant change in hardness and modulus
occurred after a 700°C annealing for 1h. An increase in hardness to 24GPa and in modulus to
326GPa corresponds well with the evidence of the SiC layer being crystallized at temperature at or
above 700°C in the multilayers.

Not much change in either hardness or modulus was detected by increasing the annealing
temperature to 800°C even though the layering started to show signs of breaking down. After the
layers spheroidized at 900°C, a slight decrease in hardness was observed from 23.8 to 21.6GPa,
perhaps due to grain size effect, while the modulus remained at ~340GPa.

Table I Hardness and Modulus of MoSis-SiC Multilayered Films

Condition Layer Structure | Phase: MoSi>/ SiC ]| Hardness (GPa) ] Modulus (GPa)
As-Sputtered Layered Both Amorphous 11.5 217
500°C-1h Layered C40 / Amorphous 20.8 290
700°C-1h Layered C40/a 24.0 326
800°C-1h | Partially Layered C40+Cl1 1/ 238 344
900°C-2h Equiaxed Cllya 21.6 338
DISCUSSION

The phase transformation behavior of MoSiy layers within the multilayers agrees well with
that of single phase MoSi; films [13,14]. It has been shown that, at ~500°C, the C40 structure
crystallizes from the amorphous structure, while at temperatures above 800°C it starts to transform
to the Cl11p structure. This agreement suggests that the presence of SiC layers pose no influence
on the crystallization process of MoSi2 within the temperature range studied.

The clue to the onset of layer spheroidization was obtained by examining the 800°C 1h-
annealed multilayers. The significant growth and coarsening of SiC into MoSiy layers, as
compared to the relatively mild grain growth in MoSi; layers, suggests that the coarsening process
may be favorable both thermodynamically and kinetically. One obvious driving force is the
reduction in interfacial area/energy through spheroidization. It has also been shown that the carbon
self diffusion rate through grain boundaries in SiC is several orders of magnitude larger than either
carbon or silicon lattice diffusion [15]. On the other hand, the diffusion of Mo and Si in MoSiy is
very slow below ~1200°C [16). No quantitative comparison can be made of the self diffusion
coefficients of Mo, Si and C due to the scarcity of comparable diffusion data. It can only be
speculated that the abundance in interface area may provide favorable diffusion paths for C (and
possibly also Si) to complete the growth process.

It has been demonstrated in this study that the mechanical properties are directly related to
the crystallization process in multilayered films. Significant improvement in both hardness and
modulus can be achieved through crystallization of both MoSiz and SiC layers while still
maintaining the layering structure. A maximum hardness value of 24GPa was obtained, which is
higher than either single crystal MoSiz, 10GPa (nanoindentation) [17}, or reaction sintered MoSi3-
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30v/0SiC, 14.2GPa (microindentation) [18]. One possible explanation for the high hardness value
is the nanocrystalline structure of these films.

The preservation of the nanocrystalline structure (grain size ~30nm) after 900°C annealing
may be attributed to two factors. One is the slow diffusion process in MoSij at this temperature.
Secondly, the presence of homogeneously distributed SiC among the matrix may be imposing
constraints on the MoSiz grain boundaries to prevent severe grain growth. The maintenance of
high hardness even after layer break-down shows the potential of the multilayers to be used for
high temperature coating applications. Future experiments have been planned to investigate the
effect of prolonged high temperature exposure on the mechanical properties.

CONCLUSIONS

Amorphous structures are present in the as-sputtered multilayers. Crystallization of MoSi;
and SiC layers significantly increases the hardness and modulus. A maximum hardness of 24GPa
and a modulus of 326GPa are obtained through annealing at 700°C for 1h where layered MoSi;
(C40) and SiC (o plus other polytypes) remain stable. The onset of layer spheroidization starts
when annealing at ~800°C. Increasing the temperature to 900°C for 2h causes the complete layer
break-down to form a nanocrystalline equiaxed microstructure and the transformation of MoSis to
the C11b structure. A slight decrease in hardness is observed accompanying this structural
change.
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SYNTHESIS AND PROPERTIES OF IN-SITU MoSiySiC COMPOSITES
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ABSTRACT

Compositionally-tailored, silica-free, MoSiz/SiC composites with SiC content ranging from 0
10 40 percent were synthesized through a novel processing scheme involving mechanical alloying
and in-situ reactions for the formation of the reinforcement. Room temperature indentation
fracture toughness and hardness measurements were obtained from these silica-free composites
and were compared with values obtained from silica-containing, conventionally-processed
MoSiy/SiC composites.

INTRODUCTION

Conventional powder processing techniques for the fabrication of MoSi; result in the
incorporation of silica (originally present as a surface layer on the powders) into the consolidated
samples. The presence of silica is believed to be detrimental, since the particles may serve as
crack nucleation sites at lower temperatures, while enhancing grain boundary sliding at
temperatures above the softening point of silica. Additionally, the overall matrix stoichiometry is
altered. Considerable efforts have therefore been made to eliminate or control the silica content
through the addition of deoxidants such as carbon [i-4] and erbium [5], through clean
processing [6,7], and through surface etching of the powders prior to consolidation [1].

In order to achieve the dual objective of silica elimination and control of the stoichiometry, a
novel process combining mechanical alloying with the carbothermal reduction of silica has been
used to synthesize MoSi»/SiC composites [2,4]. While mechanical alloying would result in a
microstructurally uniform and compositionally homogeneous alloy of the desired stoichiometry,
the carbothermal reduction would reduce the silica to SiC. Furthermore, MoSiy/SiC composites
with varying amounts of SiC could be produced by suitable control of the starting compositions
of the powders derived from the mechanical alloying process.

EXPERIMENTAL

Processing

The study focused on the processing and property evaluation of silica-free MoSi>/SiC
composites with reinforcement contents of 20 and 40 volume percent (v/o) produced through
mechanical alloying and in-situ displacement reactions. For this purpose, elemental powders of
molybdenum (3-7 um, Johnson Matthey), silicon (98% pure, -325 mesh, Cerac), and carbon
(99.5 % pure, -300 mesh, Johnson Matthey) were subjected to mechanical attrition for a period
of at least 24 hours. The choice of powder compositions was based on the 1600°C isotherm of
the Mo-Si-C system as proposed by several workers [8,9] (see Fig. 1). Nominal compositions
were chosen in the MoSiz + SiC + CMosSi3 (Nowotny phase) three phase field, close to the
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MoSi>-SiC tie line so that the volume fraction of undesirable phases would be kept t0 a
minimum; these corresponded to 20 and 40 v/o SiC (hereafter designated as MA20 and MA40).
Details concerning the processing rationale and the microstructural evolution during mechanical
alloying and hot consolidation can be found elsewhere [ 4, 10}.

To achieve the optimum microstructure in the
MA materials, the consolidation process is
carried out in two stages. The MA powder is
loaded in dies and a very low pressure (less than
10 MPa) is applied on the cold compact, so that
the sample has sutficient open porosity for the
entrapped gases to escape during the degassing
and silica reduction reactions. The sample is
ramped up to 1500°C and held at that temperature
for at least 30 minutes to deoxidize the matrix.
Subsequently, it is heated to 1650°C under an
argon environment (7 psi) and densified for an
hour under a uniaxial pressure of 35-40 MPa.
The pressure on the compact is subsequently
released and the sample cooled to room
temperature at 10°C/min. o Fig.1 Schematic of the ternary Mo-Si-C

It should be noted that processing variables isotherm at 1600°C as proposed by
such as the temperature and the partial pressures otny et al. (9.
need to be carefully controlled while processing
MoSi; and MoSiy/SiC composites. As Fig. 2a clearly indicates, the equilibrium dissociation
pressure of Si over MoSi; increases rapidly above 1650°C {11,12]. Thus, conditions typically
present during vacuum hot pressing, such as high temperatures and low vacuum ievels would
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Fig. 2.(a) Equilibrium dissociation pressures of Si over MoSis, as adapted from [12].
(b_) BEI of the surface of a MA40 sample hot pressed at 1700°C, showing silicon depletion.
Light phase is the Nowotny phase, grey phase is MoSi and dark phase is SiC.

result in the progressive volatilization of elemental silicon from the silicide and result in
substantial weight losses. Such a volatilization reaction would be exemplified by the loss of
elemental silicon from the surface of the sample, and the resultant formation of a Mo-rich phase
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such as MosSi3 or the Nowotny phase. Fig. 2b is a backscattered electron image of the surface
of the MA40 material that had undergone silicon volatilization after being hot pressed under a
vacuum of less than 10-3 torr at 1700°C for 1 h. Similar effects have been reported during the
processing of monolithic MoSiz [13].

For purposes of comparison, composites with 20 and 40 v/o SiC reinforcement were
fabricated using the conventional approach of dry blending MoSi; (99.9% pure, -325 mesh,
Johnson Matthey) and SiC powders (< 1 um average diameter, 99.9% pure, Cerac) in the
appropriate proportions followed by hot consolidation (hereafter designated as C20 and C40).
Monolithic MoSij was also processed from commercial MoSi; powder (99.9% pure, -325 mesh,
Johnson Matthey). In order to facilitate the meaningful comparison of properties between the
conventionally processed and compositionally tailored in-situ composites produced by
mechanical alloying, the size distribution of the SiC powders was chosen such that they matched
the reinforcement sizes in the in-situ processed material. Hot pressing of the conventionally
processed composites was performed in graphite dies under a vacuum of 10-3 torr or better, with
a pressure of 35 MPa at 1600°C for a hold time of 1 h. Subsequently, samples were cooled at
the rate of 10°C/min to room temperature.

Specimens for microstructural characterization and Vickers indentation measurements were
electro discharge machined, ground to remove the recast layer, and polished to a 1 pm diamond
finish. Microstructural ai.«lysis of the consolidated samples was performed on a JEOL 6400
SEM equipped with a Tracor Northern EDS unit with light element detection capabilities, while
phase analysis of the consolidated mechanically alloyed samples was conducted by XRD using
Ni-filtered Cu Kq radiation on a Philips APD 3720 diffractometer with digital data acquisition.
Since MoSi; responds well to polarized light, grain size measurements in the composites and the
monolithic material were performed using cross-polarized light microscopy. Bulk density and
open porosily measurements were also made on all the hot pressed samples using the
Archimedes method with deionized water as the liquid medium.

Hardness and Fracture Toughness

Vickers microhardness indentations, each at least 3 mm apart (to minimize interactions
between neighboring cracks) were made on the surfaces of the samples polished to 1 um
diamond finish. The indentation loads spanned a range from 49 N to 245 N for a contact time of
15 s, with a minimum of 4 indentations per indent load per sample. The minimum indentation
loads were selected so as to achieve a minimum value of 2 for the ratio of the half penny crack
radius (c) and half the diagonal of the Vickers impression, a requirement recommended in
conventional practice for toughness measurements by indentation. In the case of the monolithic
MoSi; (examined as a control sample), extensive microcracking around the indenter prevented
the formation of well defined cracks for loads up to 196 N, in part due to the large grain size.
The lengths of the indent diagonals (2a) and the radial cracks (2c) were measured and the
hardness (H) and fracture toughness (K.) were calculated using the following equations [14]:

H =P /a2 (H
and
K. = 8 (B2 (Prc)’2 )

where P is the peak indentation load, o.= 2 for a Vickers indenter, 8 is a material independent
constant (8§ = 0.016) and E is the Young's modulus of the material. The Young's moduli of the
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composites were calculated using literature values for MoSij [15] and SiC [16] and assuming the
rule of mixtures behavior (Voight bound).

RESULTS AND DISCUSSION

Bulk density measurements of the various composites prepared during this study show that
near full densities (99% or greater) were achieved for the in-situ composites and the
conventionally processed (CP) composites for compositions up to 40 v/o SiC. It should be
noted that the estimation of the theoretical density of the in-situ composites was made after
determining the actual volume fraction of SiC in the composite through standard point count
techniques. The results of near-complete densification for the in-situ composites are significant
from the standpoint of processing, since it involved the deoxidization of SiO; and the effective
removal of the product gases CO and CO;, in order to avoid gas porosity in the samples.

Microstructures

Fig. 3a shows a backscattered electron image of the hot pressed specimen MA20. The
microstructure consists of a uniform distribution of 1-2 pm sized low Z particles dispersed in an
intermediate-Z matrix. XRD and EDS analysis together indicated that the low Z phase is SiC,
while the intermediate Z phase is MoSi;. In addition, minor amounts (< 1v/o0) of the high Z
Nowotny phase were observed. Furthermore, the relative volume fractions of these phases were
found to agree very well with the location of the nominal powder compositions in the 1600°C
Mo-Si-C isotherm of Nowotny. The grain size of the MoSip was relatively uniform and between
6-8 um. Polarized light microscopy indicated that the SiC particles were located primarily at the
MoSi; grain boundaries. Occasionally, large SiC grains were also observed. Previous TEM
analysis of similarly processed material [4] revealed that the grain boundaries were free of the
siliceous intergranular phase.

The microstructure of the hot-pressed MA40 alloy (Fig. 3b) shows a dispersion of SiC in the
MoSi; matrix. However, the SiC size is considerably larger and the distribution considerably
more inhomogeneous than the MA20 material, possibly due to the diffusion-controlled
coarsening of SiC brought about by the smaller interparticle spacing associated with high volume
fraction of SiC. Indeed, the presence of necks between adjacent SiC particles as in Fig 3b is
indicative of coarsening by coalescence. This coarsening leads to a wider size distribution and a
higher mean particle size, and results in a wide variation in the MoSis grain size distribution due
to varying Zener drag on the grain boundaries. The MoSi; grain size varies between 2 and 7 um,
with the mean grain size close to 5 um The SiC is irregularly shaped, with a size range from 1
-10 pm.

The microstructures of the conventionally-processed (CP) composites C20 and C40 are
shown in Figs. 4a and 4b and are typified by an inhomogeneous distribution of the SiC particles.
These microstructures are characterized by particle-free islands of MoSiz surrounded by a
network of irregularly shaped SiC particles. It should be recognized that in this case, the
inhomogeneous distribution is due to the relative starting powder sizes of the MoSi; and SiC.
The size of the SiC is much greater than the initial starting size of less than I pm, indicative of its
coarsening during consolidation. Both of these microstructures are exemplified by a wide
distribution of matrix and reinforcement grain sizes. The C20 composite has a MoSi; grain size
range ranging from 2 - 10 um, with a mean of 7 um, while for the C40 composite, these values
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range from 2 - 8 pm, with a mean of around 5 um. These relatively wide distributions in the
matrix and reinforcement grain sizes are significant since they may enhance the magnitude of the
thermal mismatch stresses between the two phases.

X

of (a) MA20 and (b) MA40. Phase designations are the same as that of Fig. 2b.

" - 0 p'm ) L
Fig. 4 Secondary Electron Image of (a) C20 and (b) C40.

Properties

Fig. 5 shows the variation of the Vickers Hardness as a function of reinforcement content of
the composites. For the purpose of comparison, the hardness of the composites as predicted by
a simple rule of mixtures is also plotted. It should be noted that while the hardness values of
single phase MoSiz (~20 pum grain size) studied in this investigation is 8.561 0.5 GPa, a slightly
higher value was used in the rule of mixtures calculation in order to account for the smaller grain
size of the matrix in the composites ( ~10 pum or less). Indeed, previous studies {13] on
monolithic MoSi; have shown the hardness to be structure sensitive, with slight increases with
decreasing grain size. The hardness value of SiC used in the rule of mixtures estimation was 25
GPa {17].

The results show that the room temperature hardnesses of the MoSiySiC composites increase
with increasing SiC content. For all reinforcement contentr, the hardnesses of the in-situ
composites were slightly higher than the CP composites, with the difference increasing with
increasing reinforcement content. Microstructural comparison between the CP and in-situ
processed composites at 40 v/o SiC loading show no marked differences in the matrix or
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reinforcement grain sizes or in their spatial

distribution to account for the observed 1e

differences. However, it may be of significance ¢ 15[ Volght Bound ~,

that the content of the intergranular silica phase in & 14

these composites are substantially different, with & 4

the MA material containing little or no silica. H

Specifically, the presence of the viscous glass E 12

phase at elevated temperatures might play a 2 1"r

significant role in the relaxation of the thermal £ 10 o

contraction stresses generated during cooldown > of

by the CTE mismatch between the reinforcement ) )

and matrix phases. % 0 20 30 40
Figs. 6a and 6b shows the variation of the Volume Percent SiC

fl:acture toughness with SiC content for th.e in- Fig. 5 Vickers Hardness of CP and MA
sit pro.cesse.d and C.P composites respectively composites as a function of SiC content.
for various indentation loads, with each data
point representing the average of at least 4 indentations. It is seen that the fracture toughness of
the in-situ composites monotonically increases through 40 v/o of reinforcement, while the
toughnesses of the CP composites seems to saturate at around 20 v/o and remains constant
thereafter. This trend in the toughness variations with increasing reinforcement content for the
conventionally processed material is consistent with earlier data [18]. Furthermore, the peak
toughness values obtained in the composites processed using the CP as well as the MA
approaches are almost identical at around 4.5 MPa. m!/2. This is possibly the limit of toughcning
for SiC particulate reinforced MoSi».
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Fig. 6 Indentation fracture toughnesses of (a) MA and (b) CP MoSi,/SiC composites as a
function of SiC content.

The data in Figs. 6a and 6b also indicates that the toughnesses are constant and do not show
any variations with the crack length, at least for the range of indentation loads used in this
investigation. The only possible exception to this trend is the indentation response of the C20
material, which seemingly shows a marginal increase in K¢ with indentation load.

Microstructural observations of the crack path seem to support the trends in the toughness
values. Examination of the crack path of the MA20 material under polarized light as well as in
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the SEM (Fig. 7a) revealed that the crack propagation was relatively straight, with a substantial
portion of the crack length being transgranular and through the silicide matrix. A limited amount
of crack deflection was also evident. For the most part, the cracks appeared to propagate through
the matrix, and in some instances, the crack cut through the SiC particles. The absence of any
interfacial debonding along the MoSiy/SiC interface suggests that the strength of this interface is
high and hence, does not contribute to toughening.

Fig. 7 Crack path arising from a Vickers indentation in (a) MA20 and (b) C40 composite.

Investigation of the crack path in the microstructures of the C20, C40 and MA40 materials
showed that all three materials displayed similar crack-microstructure interactions. Considering
the C40 material as a representative example (Fig. 7b), a small amount of crack deflection due to
the SiC particles is observed. Evidence of some crack branching is seen, although it does not
appear to be extensive. A larger portion of the crack segments were observed to run along the
MoSi,/SiC interface as well as through the SiC particles, when compared to the MA20 material.
Presumably, these differences could have contributed to the increased toughness in the case of
the C20, C40 and MA20 materials. Alternatively, it is also conceivable that the large differences
in the CTEs between the MoSiz and SiC at the processing temperatures (A = ~4 x 10-6 at
1000°C) could lead to thermally-induced microcracking, thereby contributing to increased
toughnesses, with the magnitude of the thermal mismatch stresses being higher for a wide grain
size distribution, such as the C40 and MA40 materials than for a uniform, fine grained
microstructure such as the MA20. The propagation of the cracks through the SiC particles rather
than being deflected around them is also not surprising since the lower CTE of the SiC particles
compared to the matrix would cause radial compressive stresses within the SiC particles and
tensile hoop stresses around the SiC particle in the MoSi; matrix thereby causing the crack to be
attracted towards the particles [19].

The results of the room temperature indentation fracture toughness measurements thus seem
to indicate that the intergranular glass phase does not influence the toughness as much as the
uniformity of the microstructure. However, it should be noted that K. determinations based on
direct crack length measurements are rather inaccurate and have a high degree of error.
Additional testing using at least one other large crack technique will be necessary to verify the
trends in toughnesses.
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SUMMARY AND CONCLUSIONS

MoSi2/SiC composites containing up to 40 v/o SiC have been fabricated using a novel
processing technique involving mechanical alloying, carbothermal reduction of silica and in-situ
displacement reactions. These composites are essentially free of grain boundary silica that is
otherwise present in powder processed MoSi; matrix composites which have not been
deoxidized. Homogeneous distributions of the reinforcing phase are observed for SiC contents
up to 20 v/o, while higher loadings lead to inhomogeneities brought about by the ditfusion-
controlled coarsening of the SiC due to reduced interparticle distances. Preliminary property
evaluations using indentation measurements indicate that the peak room temperature fracture
toughnesses for the silica-free MoSiy/SiC composites are similar to those of the CP composites
indicating that microstructural uniformity, rather than the presence or absence of silica, controls
the toughnesses in these composites.
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THE EFFECT OF DEFORMATION AND REINFORCEMENT PARTICLES
ON THE GRAIN GROWTH BEHAVIOR OF MoSi;

AJOY BASU AND AMIT GHOSH o
Department of Materials Science & Engineering, University of Michigan, Ann Arbor, ML

ABSTRACT

The grain growth behavior of polycrystalline MoSiz and composites containing SiC
particulates has been studied in the temperature range of 1200-1800°C during static annealing
as well as under concurrent deformation conditions. Monolithic MoSiz, with ~ 26 pm grain size
appears 1o be extremely resistant to grain growth up to 1500°C. However, the grain growth rate
above this temperature is quite rapid. When particulate reinforcements are used to reduce the
grain size of MoSi2 t0 4.4 ym, a stable microstructure is maintained up to 1500°C. Accelerated
grain growth kinetics are observed at 1800°C under conditions of large plastic strain. This
enhanced grain boundary mobility is associated with particle sweeping and particle
agglomeration effects. At lower temperatures, where dislocation creep is the more dominant
deformation mechanism these effects are absent. In the presence of a Si concentration gradient
extremely high growth rates of columnar MoSiz grains have been observed during reaction
synthesis of MoSi».

INTRODUCTION

Developmental efforts on MoSiz and its composites are underway to meet the challenges of
high temperature applications in future wrbine engines [1-2]). Microstructural stability of
reinforced MoSij is a subject of interest from the standpoint of processing and fabrication of
these materials, as well as during service at high temperature. Processing often requires large
scale plastic flow as in forging and extrusion, involving changes in grain size, textwre and
morphology[3]. At this time, adequate information is not available regarding the magnitudes of
such changes and their relationship to the changes occurring during static annealing. Among
various processes of synthesis of brittle intermetallics, reaction synthesis from elemental
constituents has also been used{4).. Such processes may offer the opportunity to produce
textured materials with columnar grain morphology. The objective of the present study has
been 10 examine the microstructural changes during several processing conditions, including hot
pressing, forging, static annealing and reaction synthesis.

EXPERIMENTAL WORK

Monolithic MoSiy was prepared from MoSi; powder (-325 mesh) procured from Cerac Inc.
SiC particulates used in preparing composites were obtained from H.C. Stark. A slurry milling
technique was used to mix the matrix powder with SiCp to develop a intimate mixture of fine
scale constituents. The powder mixtures were hot pressed in a graphite die at 1700°C for 2
hours under 28 MPa pressure. Figure 1 shows the optical microstructure of the consolidated
materials, The monolithic material consists of roughly equiaxed grains, with an average
intercept of 26 pm. This material also contains small spherical $iO7 particles located primarily
at the MoSi; grain boundaries and a small amount of residual porosity. The addition of SiC
particles as a fine dispersion acts 10 pin the MoSiy grain boundaries in the composite and
produce a stable matrix grain size of 4.6 um.
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Fig. 1. Micrographs of (a)
Monolithic MoSiz and (b)
MoSi2/20% SiCp under cross
polarized light in hot pressed
condition. The pressing
direction is horizontal.

in w i

Static and dynamic grain growth experiments were performed at 1500 and 1800°C on
samples cut from the consolidated billets. Static annealing at 1500°C was done in air for 72 and
168 hours using a Kanthal resistance furnace manufactured by CM Fumaces. The 1800°C tests
were conducted for 8 and 24 hours under an argon environment using a Centorr furnace. Static
annealing of the composite at 1800°C could not be accomplished due to reaction between the
matrix and the reinforcement phase which produced extensive void formation. Grain growth
under concurrent deformation conditions were studied successfully however, since large
cavities were absent in these. Dynamic grain growth was studied from rectangular samples, 3 x
3 x 6 mm3 in dimension, deformed at a strain rate of ~ 5 x 104 s-! between SiC platens to strain
levels of ~ 0.69 and ~ 2 at the same temperatures. The microstructures of the tested samples
were compared to the initial microstructures.

Reaction Synthesi

Grain growth during reaction synthesis of MoSi; from its elemental constituents was studied
during columnar growth of MoSi; in a Mo-Si diffusion couple. This was performed by
subjecting a layer of Si sandwiched between Mo sheets, 1.6 mm in thickness, under a pressure
of ~ 55 MPa for ~ 6 hours, at 1300 and 1500°C (~ 100°C below and above the melting point of
Si respectively). This provided a measure of grain growth under a Si concentration gradient.

Texture Development

Texture development during compressive deformation of the composite at 1800°C was
examined by comparing the {101} and the {002} pole figures of a forged sample to that of the
hot pressed material. The pole figures were obtained from the plane perpendicular to the
pressing axis using a Schulz goniometer attached to a Rigaku x-ray generator. An attempt to
determine the growth orientation of the columnar MoSi» grains during reaction synthesis was
made by using an electron buck scattering technique. Here the polished cross sectional surface
of the sample is inclined at 70.4 degrees to the incident electron beam in a SEM, and the image
of the reflecting Kikuchi patiern is captured by a camera focused on a phosphor screen.
However, only an estimate of the growth direction can be made since the plane perpendicular to
the growth direction was not studied due to a shortage of test materials.
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RESULTS AND DISCUSSION

The results of static grain growth in these materials a1 1500 and 1800°C is summarized by
the microstructures shown in Fig. 2. At 1500°C there is little change in the grain size (d) of
MosSi?, (Figs. 2a, d = 25.8 um) or its composite, (Figs. 2b, d = 4.6 um) even after annealing for
168 hours indicating that grain boundary migration is sluggish at this temperature (0.77 Tm).
However, when the temperature is increased to 1800°C (0.9 Tm) there is significant grain
growth due to rapid diffusion. Figure 2c shows large equiaxed grains of MoSip, 52.9 um
diameter, after annealing at 1800°C for 24 hours. Figures 3 and 4 show the results of dynamic
grain growth in monolithic MoSi; and the composite respectively. Defornation of MoSis to
large strains (€ = 2) at 1500°C (Fig. 3a) is accompanied by grain refinement (d = 9.4 um)
indicating that deformation at this temperature is dominated by dislocation processes.
Additionally, grain boundary microcracking is also visible as this high strain level.
Deformation at 1800°C produced a microstructure consisting of large equiaxed grains (Figs. 3b,
d = 41.2 um) which indicate that diffusional processes have a more significant contribution to
the deformation mechanism at this temperature. Consequently microcracking is also eliminated
The deformation of the composite material also shows similar results (Fig. 4). At 1500°C,
where dislocation creep is prevalent, as shown in Ref. 5, the deformed microstructure consists
of slightly refined MoSij grains (Figs. 4a, d = 4.2 um) which are flattened perpendicular to the
compression axis (aspect ratio = 2.0). However, at 1800°C, a bimodal grain structure develops,
which consists of large equiaxed MoSiy grains free from SiCp (d = 54.3 um) and particle
agglomerated regions with small, flattened grains (d = 6.5 um) bounded by SiC particulates
(Figs. 4b & 4c). The growth of the MoSi grains is accompanied by the sweeping of the SiC
particles by the migrating grain boundaries which results in the agglomeration of particles at the
boundaries.

Data from the microstructural examinations is summarized in Figs. 5 and 6. Figure §
compares the rates of static grain growth to that of dynamic grain growth in the monolithic and
the composite materials at 1500 an 1800°C. The results show that while there is little grain
growth at 1500°C during static annealing, large plastic deformation under conditions of
dislocation creep results in substantial grain refinement (Fig. 5a). The extent of refinement is
less in the composite material where the initial microstructure is much finer. However, under
conditions of diffusional creep there is significant grain growth in both materials sincethe rate of
dynamic grain growth is faster than that of static grain growth (Fig. 5b). This type of behavior
has been observed in other materials[6-8].

Fig. 2. Optical micrographs showing grain growth after static annealing: (a) monolithic MoSi3 at
1500°C for 168 h, (b) MoSiz/20% SiCp at 1500°C for 168 h and (c) MoSiy at 1800°C for 24 h.

It is worth noting that the extent of dynamic grain growth in the composite is greater than that in
the unreinforced material despite the presence of boundary pinning particles in the former.
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Fig. 3. The effect of
compressive strain on the
microstrucutre of MoSij:
(a) Deformed at 1500°C
(€ = 2.0) and (b) Deformed
at 1800°C (¢ = 1.7).
Compression axis is
vertical.

Fig, 4. The effect of compressive strain on the microstructure of MoSi3/20% SiCp composite:
(a) Deformed at 1500°C (€ = 2.0), (b) Deformed at 1800°C (€ = 2.0) and (c) Detailed structure
of region A. Compression axis is vertical.

The temperature dependence of microstructural changes occurring during dynamic grain
growth in the composite is shown in Fig. 6. Up to 1500°C, there is a slight refinement in the
matrix grain size but deformation results in an increase in the grain aspect ratio from ~ 1.1 to
~ 2.0. But with an increase in temperature 10 1800°C the enhanced diffusional activity leads to
significant grain growth accompanied by particle sweeping and agglomeration, as discussed in
Ref. 9-11. The large MoSiz matrix grains in the particle free region are equiaxed with an aspect
ratio significantly lower than that within the agglomerated region.

The accelerated rate of dynamic grain growth in the particulate reinforced material can be
explained on the basis of a simple model as shown in Fig. 7. Normal grain growth occurs by
the migration of the boundaries of smaller grains towards their centers of curvature. The
presence of particles on boundaries can lead to local stress concentration under applied load and
enhanced slip. The resulting perturbation of the grain boundary region around the particles aids
in enhanced diffusional flow of atoms tunneling into the larger grains due to curvature induced
pressure in the smaller grains behind the particles. The addition of these atoms behind the
particles causes the particles to be swept along with the migrating grain boundary. Thus at
extremely high temperature under conditions of rapid diffusional processes, the presence of
particles can result in accelerated diffusional kinetics and particle sweeping.
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Fig. 7. Schematic of a
model for accelerated grain
growth and particle
sweeping kinetics observed
in particulate reinforced
composites during
deformation at elevated
temperatures, involving
diffusion,

Grain 1 D

The deformation of the composite at 1800°C also results in the development of texture
within the material. Figure 8 compares the {101} pole figure of the deformed sample to that of
the hot pressed material. It is seen that as a result of deformation there is a 60 degree
redistribution of the {101} planes away from the center. Similar comparison of the {002} poles
showed an intensification of the poles at the center after forging. It is believed that this {002}
fiber texture formation is probably due to {001}<110> slip in MoSi2{ 12}.

(a) As hot pressed (b) Forged at 1800°C (¢ = 2)

Fig. 8. {101} pole figures from a plane normal to the pressing direction of MoSi/20% SiCp:
(a) as hot pressed and (b) as forged at 1800°C (€ = 2.0). Forging redistributes {101} poles away
from the compression axis and promotes {002 ) fiber texture.

Fig. 9 shows MoSi; formed by direct reaction between Mo and Si. The reaction rate at
1300°C is much slower than the rate at 1500°C (Fig. 9). This is consistent with the observation
that the melting point of Si is 1410°C and that the reaction at 1500°C is occurring between Mo
and molten Si as compared a solid state reaction between the phases at 1300°C. The reaction
layer consists of long columnar grains of MoSi3 with smaller equiaxed grains at their tip, and a
very small region of MosSi3 between Mo metal and MoSiz. Fig. 10 shows the grain size of
MoSi, at the different reaction temperatures as a function of reaction time. The grains formed
at 1500°C are much longer than those formed at 1300°C. However, the difference between the
width of the grains formed at the two temperatures is much less than the difference in the length
of the grains. The reaction is thought to occur by the dissolution of Mo into Si and the
subsequent precipitation of MoSij at the Mo5Si3/Si interface. The first formied MoSi; grains are
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thus spherical in shape. Subsequent formation of MoSi is controlled by the rate at which Si
diffuses along the MoSi; boundaries and reaches the MosSi3/MoSi; interface. This results in
the growth og MoSi as long columnar grains. An initial analysis of Kikuchi patterns of these
grains suggest <001> as a probable growth direction, thereby indicating the possibility of
producing strongly textured MoSi2 by this method.

100 um

MoSio

Fig. 9. Micrographs showing
reaction products formed
during synthesis of MoSiz
from elemental constituents:
(a) 1300°C for 5.5 h and (b)
1500°C for 6 h. The growth
rate of columnar MoSi;
grains is temperature
dependent.

® MosSi,
o | (©Y Reaction Synthesis)
F Growth Divection (G.D.)

Fig. 10. Grain growth
kinetics of MoSiy during
reaction synthesis along the
MoSiy growth direction and
transverse to this direction at
1300 and 1500°C.

Grain size, um

Time, h

CONCLUSIONS

(1) MoSi3 and MoSi»20% SiCp composite do not undergo static grain growth at 1500°C.
Due to dislocation creep at this temperature, there is significant grain refinement in monolithic
MoSi after severe compressive deformation (€ = 2.0). Grain boundary microcracking is also
observed in MoSi2 but not in the composite due to its finer size.
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(2) At 1800°C, MoSi; undergoes significant grain growth during static annealing. Under
dynamic conditions both the materials undergo accelerated grain growth kinetics. The extent of
growth in the composite material is greater than that in MoSij, and is accompanied by particle
sweeping and agglomeration cffects. These effects result in the formation of a bimodal
microstructure. A model is proposed to explain the particle sweeping and accelerated grain
growth behavior.

(3) Reaction synthesis of MoSiz from its clemental constituents results in the growth of
columnar MoSi3 grains at 1500°C and 1300°C. The rate of grain growth under a Si
concentration gradient is considerably faster than that involving static of dynamic grain growth
in MoSi3 or its composite.

(4) Large amount of forging deformation of MoSi2/SiCp composite generated {002} fiber
texture, possibly resulting from {001}<110> slip.
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ABSTRACT

Previous experimental evidence for the transformation of MoSiy from the high temperature
CAQ structure to the low temperature C11y, structure has been re-examined such that the fault
character and the existence of the C40 structure is now questioned. New observations of faults
in single crystals prepared over a range of growth rates from 1cm/hr to 30cm/hr are presented.
Transformation-induced stacking faults, which were previously described as 1/4<111> lying
on {110), have been re-identified as 1/6[001] condensation faults on (001). These faults were
probably produced by silicon loss during crystal growth. The contribution that these faults
may make to macroscopic strain under the action of diffusion-assisted mechanisms at elevated
temperatures is discussed.

INTRODUCTION

MoSij is presently under consideration as a high temperature structural material because it
offers an attractive combination of excellent oxidation resistance, high melting point (2020°C),
and reasonable specific strength at high temperatures [1, 2]. However, MoSi; has a brittle to
ductile transition temperature (BDTT) at ~1000°C, with only limited plasticity above the
BDTT. Three aspects of the high temperature ductile behavior have been examined in single
crystals: 1) the plastic behavior is extremely strain rate sensitive [3], suggesting the possibility
of time dependent phenomena, 2) there is significant evidence of climb dominated segments
lying in non-slip planes, and 3) transformations may play a role in enhancing plasticity [4].
The first two phenomena relate to enhanced diffusion-based mechanisms; the strain rate
sensitivity has been observed experimentally [3]. The last phenomenon relates to the
polymorphic transformation from the low temperature C11y, to the high temperature C40
structure [4, 5].

The current evaluation of the binary Mo-Si phase diagram [6] shows two allotropes of the
line compound MoSi;. The first is the hexagonal C40, which is stable between the melting
temperature (2020°C) and~1900°C. The second is the tetragonal C11p, which is stable from

~1900°C to room temperature. Tetragonal C11,-MoSi can be generated by ABAB stacking on
{110) planes, both layers being chemically equivalent. Hexagonal C40-MoSi; has ABCABC
stacking on {0001) planes, where each of the A, B, C layers are chemically equivalent to those
in C11p-MoSiz. Considering C11p as the reference structure, the C11y structure can be
transformed to the C40 structure by 1/4<111> partial displacement on {110) planes.

Previous evidence for the C11y-> C40 shear transformation was presented by Umakoshi et
al [4] for a MoSi single crystal compressed in an orientation close to [210]. They suggested

that high temperature ductility can be derived as a result of the transformation from the C11, to
the C40 structure since this activates 1/4<111> partial dislocations and creates pure stacking
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faults in MoSi. Additionally, it was suggested that alloying elements that destabilize the C11,
with respect to the C40 structure by the activation of stacking faults may also enhance ductility

[5].

The evidence for the C11,->C40 transformation has been questioned recently because in
equilibrium phase diagram studies of high purity MoSi2, the C40 phase was not detected {7).
Metastable C40-MoSi; can also be generated by undercooling the melt below the metastable
melting point of the C40 phase, and the occurrence of the liquid->C40->C11y, transformation
can be accounted for by metastable transformations in impure MoSiy, such as carbon stabilized
C40-MoSi;. However, even under these circumstances, the possible transformation in the
opposite direction of high purity MoSi; from the C11;, to C40 structure is unlikely.

Numerous faults were observed previously on {110) planes in rapidly solidified metastable
MoSi3 [8], but these faults were not 1/4<111> type. The dislocation dissociations in single
crystal MoSis, as reported by Umakoshi et al [4, 5], are significantly large. However, Evans
ct al [9] reported only small dissociations (~65A) of the 1/2<111> dislocation on {110) in
polycrystalline MoSiz deformed under similar conditions. Thus in polycrystalline MoSiy, the
partials are tightly bound and do not follow the scheme of large scale 1/4<111> partials
sweeping on 1/2{110) planes, as proposed by Umakoshi et al [4].

In order to examine the inconsistencies in the nature of the faults, the C11p->C40
transformation and the microstructures in the reported data, the previous data was re-examined.
Table 1 shows previously obtained experimental contrast [4] for a typical fault (RF) and the
partial (bp) together with the g.RF, g.bp tabulations for the diffracting vectors used in the
analysis. 'Fhe image recorded with g=1T0 offers the clearest invisibility for the bounding partial
as well as the stacking fault. Thus, the choice of stacking fault partial is either 1/4{111] or
1/4[11T]. However, in each case the dislocation partial visibility and the fault contrast is not
matched consistently for the remaining diffracting conditions, as shown in Table 1. For the
case of the bounding partial, at least three images should reveal no fault contrast (i.e., g.Rr= 0,
integer), whereas only one invisibility was presented [4]. Table I also shows the computed
contrast for by=1/n[001] (n=1/2, 1/6), and in these cases the experimental contrast can be
matched correctly with the computed contrast assuming the g.bp=0 criteria. Additionally, it
was proposed that the faults lie on {110) planes. However, it appears that for g=002, the
projection width of the fault is reduced to a line indicating that perhaps the fault lies in the (001)
plane or one close to it; for the fault to lie in {110) the g=002 has to be parallel to the fault. In
the present paper, faults in as-solidified single crystals will be described in detail together with
mechanisms for their formation.

Table I: Fault Analysis of experimental data extracted from Umakoshi et al {4]. The six
diffracting cocditioas are listed as presented in the published literature along with the
‘computed’ and 'experimental’ fault contrast. The experimental data has an excellent match with
a fault vector of 1/2[001] or 1/6[001], and not 1/4<111>, as suggested previously.
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EXPERIMENTAL

MoSi2 was prepared by induction melting high purity elemental molybdenum and silicon
in a segmented water-cooled copper crucible under an atmosphere of high purity argon prior to
crystal growth. Single crystals of MoSi; were grown using the Czochralski method from the
same crucible [10], at growth velocities of 30cm/hr and 12cm/hr, and also by the optical
imaging float zone technique using a growth rate of 1cm/br, as described by Kimura et al [11]).
TEM disks were sliced and slurry drilled from the single crystals. Thin foils were prepared by
ion milling,and examined in a Phillips CM-30 transmission electron microscope operating at
100-300kV.

RESULTS

In crystals grown at the lowest velocity of 1 cm/hr, a low density of <100] dislocations
was observed in the as-grown crystals, as shown in Fig. 1. The dislocation in Fig 1(a)
exhibited a g.b=0 type of contrast for g=103, as shown in Fig. 1(b), and g=200, as shown in
Fig. 1(f), yielding a fault vector = 010. Trace analysis indicated that the dislocation segments
had line directions close to [100] and [110] such that the edge and the mixed segments of the
dislocation were confined to the (001) plane. The stacking fault imaged, Fig. 1(a) and Fig.
1(b), exhibited a g Rp=0, integer type contrast for g=T10, Fig. 1(c), g=110, Fig. 1(d), g=020,
Fig. 1(e), and =200, Fig. 1(f), yielding a Rp=1/x[001], where x=1/6 or 1/2. Further details
about the fault plane and the leading partial are given in Fig. 2 for a similar fault.

Both the stacking fault and the bounding partial were visible for g=0T3, Fig. 2(a), and
g=T03, Fig. 2(b). The stacking fault exhibited a g.R=0 or integer type of contrast for g=1T0,
Fig. 2(c), g=110, Fig. 2(d), g=020, Fig. 2(e), and g=200 Fig. 2(f), thus indicating an
R¢=1/n[001]. The partial exhibited a g.b=0 and g.b x u=0 type of contrast for g=1T0, Fig.
2(c), g=110, Fig. 2(d), g=020, Fig. 2(e), and g=200 Fig. 2(f). Trace analysis indicated that the
fault was spread out on the (001) plane with the line directions (u;) of the curved partial as
A=100 and B=010. Thus, both A and B exhibited a g.bxu=0 type of contrast for g=200, Fig.
2(f), and g=020, Fig. 2(e), respectively. Conventional dark field imaging and = g contrast
revessal indicated the contrast was of the intrinsic type. In crystals grown at 30cm/hr no [001]
faults were identified. In some areas MosSi3 rod precipitates were observed aligned along
<110] in crystals grown of the range of growth rates.

DISCUSSION

The experimental observations of [001] faults in the present study are essentially similar to
those presented by Umakoshi et al[4] in deformed single crystals. However, in the present
study the faults were observed in the as-solidified crystals, whereas Umakoshi et al.[4] only
reported them in deformed crystals. It is also surprising that the {001] faults were generated
previously during compression of single crystals in the [210] orientation, because there is no
net normal stress or shear stress on the (001) plane. It is more likely that the faults, which
have been previously attributed to deformation [4], were in fact present in the as-solidified
crystals, as was observed in the present study.

There are two possible mechanisms for the formation of the [001] faults. First, they could
be produced by condensation of vacancies, and second, they could be created by removal of
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; Figure 1. TEM mic phs of <100] dislocations observed in single crystal MoSi2 grown at
=lcm/hr. a) g =013, B = [331], b) g = 103, B =~ [331],c) g =T10, B = [IT1],d) g = 110, B
= [001], e) g = 020, B = [001], g) g = 200, B ~ [001] . The dislocation appears to interact with
the stacking fault and is spread out on the (001) plane of the fault.
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103, B = [331],c) g = 110, B = [001}, d) g =110, B = [001], ¢) g =020, B = [001), f) g =
: 200, B = [001]. Dislocation segments A and B have line directions [100] and [010], respectively
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silicon from the MoSiz unit cell. The first mechanism is unlikely because no such
condensation faults were observed in rapidly quenched specimens studied previously 8], or in
crystals grown at faster growth rates. The second mechanism is more likely, since the
observation of such faults can be related to high temperature exposure of the crystal during
growth and/or mechanical testing, where the problem of silicon volatilization is well recognised
[12). For stacking in the [001] direction of the C11y, the unit cell is made up of seven different
layers, 3-Mo layers and 4-Si layers, as shown in Fig. 3.

Figure 3. The unit cell of C11p MoSi. e

The unit cell consists of sheets of Mo and Si atoms on the (001) planes with 1/6{001] +
1/2<110}, i.e. 1/6<331], displacements between them. The chemistry can be altered by
eliminating either the Mo sheets or Si sheets of atoms, for example, single or double layers of
silicon atoms may be removed to create 1/6[001] and 1/3[001}] faults respectively. Similarly, a
1/2{001] fault can be generated by removal of Si and Mo atoms in the ratio of 2:1; thus there is
no deviation from stoichiometry associated with this fault. With regard to the data obtained in
the present study, a 1/3[001] fault is excluded because of the strong fault contrast observed for
g=0T3, as shown in Fig. 2(a), and g=T03, as shown in Fig. 2(b), and so a 1/6[{001] vector is
most likely.

At growth rates of more than 12cm/hr no faults were observed, whereas [001]
condensation faults were observed at slower growth rates. This indicates that the mechanism
of fault formation is indeed related to the exposure to high temperature for extended periods of
time during crystal growth at slow rates. In this regard the suggestion that fault formation is
associated with silicon loss appears plausible. The degree of silicon volatilization depends on
the temperature of the melt, overall time of melting, ambient pressure, growth rate and
temperature gradient, as discussed by Lograsso [12]. The contribution of the vacancy
condensation mechanism to fault formation is therefore less likely because it would be
expected to be more dominant at the higher growth velocities.

At elevated temperatures, pre-existing faults in single crystals may grow upon testing in the
creep regime based on diffusion assisted climb arguments and generate condensation loops of
the form observed by Umakoshi et al.[4]. Indeed, [001] faults could expand on the (001)
plane and produce strain [13]. Such climb would be activated by a component of stress acting
normal to the plane of the fault (001). This could lead to an increase in the size of faults when
testing in the [001] orientation. The likelihood of this is increased because the <100]
dislocations, are not activated at this orientation. However, climb assisted expansion of the
[001] loops can only produce a small amount of strain in the €,; direction. Further to the issue
of high temperature plasticity, these faults are also significant barriers to dislocations with
burgers vectors not contained in the (001) plane, because the periodicity of the lattice will
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introduce some APB components. An example of such a barrier is derived from the spreading
of the <100] dislocations on to the [001] plane of the fault, as shown in Fig. 1.

SUMMARY

Faults that were observed in MoSij single crystals were identified as simple 1/6{001)
condensation faults. These faults were observed in single crystals that were grown at lcm/hr,
but not in crystals grown at 12cm/hr or faster. These 1/6{001] faults are consistent with the
removal of complete Si layers from the C11p MoSi; structure. It is proposed that these faults
result from loss of silicon at high temperatures during crystal growth. At faster growth rates,
where the residence time at high temperatures is shorter, the faults are essentially absent.
These faults can act as general barriers to the motion of more mobile dislocation segments and
therefore reduce plasticity, although at elevated temperatures they may produce some strain by
climb assisted mechanisms.
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IN-SITU PROCESSING OF MoSiz;-BASE COMPOSITES

N. Patibandla, W.B. Hillig, M.R. Ramakrishnan, D.E. Alman® and N.S. Stoloff
Center for Composite Materials and Structures, and Department of Materials Engineering
Rensselaer Polytechnic Institute
Troy, NY 12180

ABSTRACT

Three different methods of preparing MoSi; and composites reinforced with ceramic
fibers by reactive in-situ processing are described. Reactive powder sintering (co-synthesis) of
elemental powders, chemical vapor infiltration/deposition and reactive vapor infiltration are
examined. Monolithic MoSiz, SiC particle-reinforced MoSiz or fibrous MoSi, composites
reinforced with Nicalon fiber were prepared. The advantages and disadvantages of these
processes relative to more traditional processing techniques such as HIPing of prealloyed
powders, mechanical alloying and a reported in-situ displacement reactions are discussed.

1. INTRODUCTION

Molybdenum disilicide, referred to as an intermetallic or a ceramic, has a high melting
point (2030°C), low density (6.24 g/cm?) and excellent high temperature oxidation resistance.
However, it has a low fracture toughness at room temperature {1,2] (britile as a ceramic) and
poor high temperature strength [3,4] (softens like a metal). Improvements in both these
characteristics have been observed when MoSiy is reinforced with SiC particles or SiC whiskers
[3-8). It is now clear that further improvements in toughness and strength can be obtained by
using continuous fiber reinforcements [9]. Therefore, processing of continuous fiber MaoSiy
matrix composites is the subject matter of this paper.

We have primarily explored three processing techniques namely: Reactive Powder
sintering (RPS) (also referred as Reactive co-synthesis), Chemical Vapor Infiltration (CVI) and a
new technique called Reactive Vapor Infiltration (RVI). Each route offers the potential of near
net shape processing, allows placement of short or continuous fibers reinforcements and results
in its own characteristic microstructure.

Reactive powder sintering: RPS is a relatively straightforward process in which elemental
powders are intimately mixed in stoichiometric proportions and then heated to desired
temperatures. The reaction typically is sufficiently exothermic 10 become self-sustaining.

Chemical Vapor Infiltration: CVI is a relatively lower temperature processing technique primarily
used in processing of fiber reinforced ceramic matrix composites. Over the last decade or so
variants of CVI, such as thermal gradient CVI, forced flow CVI and pulsed CV1, have been
experimented with and are presently used in processing of SiC matrix composites. In the present
work, isothermal CV1 is considered as a potential processing route.

Reactive vapor Infiltration: RV! is also a variant of CV]. We have developed this technique to
overcome the limitations of CVI. Briefly, the process involves the conversion of a shaped
porous preform made from the parent metal powder(s) and reinforcing fibers interspersed in the
desired orientation(s).

* Present address: US Bureau of Mincs, Albany Rescrach Center, Albany, OR 97321
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2. REACTIVE POWDER SINTERING (REACTIVE CO-SYNTHESIS)

A powder processing-type technique such as RPS is relatively straight forward,
inexpensive and a variety shapes can be produced to near net sizes. To synthesize SiC(p)/MoSiz
composites in situ, stoichiometric proportions of Mo and Si, and Si and C powders were filled
into separate glass jars and mixed using a turbula ;gpc mixer for one hour. These powder
mixtures were then blended to a composition of MoSi/10v% SiC and mixed as above. The
powder mixture was then placed inside a niobium foil lined polyurethane mold bag and CIPed at
200 MPa. The green compacts were placed in alumina sintering boats and loaded into a sintering
furnace which was then evacuated to a pressure of 109 MPa (10-5 torr). The compacts were
heated to 300° C at a rate of 15° C/min, held for one hour, heated to 1550° C again at a rate of 15°
C/min, held for 15 minutes and then furnace cooled.

The sintered samples retained their general shape but were not completely dense. They
could be easily powdered with a mortar and pestle. A powder diffraction pattern taken from a co-
synthesized sample is shown in Fig. 1. The pattern clearly shows the reaction products to be
MoSiz and SiC only. Note the absence (at XRD detection limits) of molybdenum carbides
(Mo2C or MosSi3C), and lower molybdenum silicides (MosSi3 or Mo3Si) which are also
thermodynamically possible. Some of the co-synthesized samples were HIPed at 1350° C and
172 MPa for one hour in a niobium foil lined titanium HIP can. A typical microstructure of the
consolidated sample is shown in Fig. 2. Note the presence of large SiC particles within the
MoSi; matrix. More detailed descriptions of the sample preparation and results are published
elsewhere [10,11].

We have demonstrated RPS to be a viable route for in situ processing of SiC particulate-
reinforced MoSiz composites. We are currently employing the technique to fabricate composite
samples with aligned fibers. In view of the thermal expansion mismatch-induced matrix cracking
reported for SiC fiber (Ta-coated/uncoated Textron SCS-6 or sigma) reinforced MoSiz [12], we
are experimenting with Al2O3 fibers. We are using a hand lay-up technique for interspersing the
fibers between the layers of premixed elemental powders. The compact is then cold isostatically
pressed (CIPed) into the desired shape and processed further. The composite matrix is expected
to be purer than commercial prealloyed MoSiz which is generally found to have significant levels
of second phase particles [13-15). RPS also is expected to be superior to both mechanical
alloying [16], which employs a milling step and is therefore, unsuitable for processing of fiber
reinforced composites and a solid state displacement reaction technique [14] in which the volume
fraction of SiC reinforcement is dictated by a chemical reaction between Mo2C and Si.
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Fig. 1. A representative XRD pattern for reactively co-synthesized MoSiy/SiC.
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Fig. 2. A microstructure (polarized light) of HIPed reactive co-synthesized MoSiz/10v% SiC
showing large SiC particles in MoSiz matrix.

3. CHEMICAL VAPOR INFILTRATION/DEPOSITION

Chemical Vapor Infiltration (CVI) offers a route for producing near net shape structural
components. In this method the matrix phase is deposited inside a 2- or 3-dimensional fiber
preform, hence the name infiltration. Prior to CV1, it is almost always necessary to establish the
deposition conditions on flat samples, meaning conditions for CVD. Most CVD processes are
controlled by either kinetics or thermodynamics or both. Irrespective of the kinetic factors,
thermodynamic feasibility of a particular chemical reaction responsible for the deposition needs to
be established first. In CVD of MoSiy, three different precursors, listed below, have been used
by earlier researchers [17-19]:

Mixture of inolybdenum hexa-fluoride (MoFg) and silane (SiHg) [17)
Mixture of molybdenum penta-chloride (MoCls) and silane (SiHg) [18)
Mixture of molybdenum penta-chloride (MoCls) and silicon tetra-chloride (SiCly) [19].

Hydrogen is generally added to the above precursor systems to facilitate reduction of the halide
precursors. The conditions of deposition in all three cases were established empirically. In the
present investigation, CVD of MoSi; from the above precursor systems is analyzed from a
thermodynamic view point and deposition conditions for obtaining exclusive MoSi; deposits are
established. Such an analysis is critical, when MoSi3 is intended for use as a high temperature
structural material, because excess silicon limits the service temperatures to its melting point,
1414°C and excess Mo adversely affects the oxidation behavior of MoSis.

A detailed descriptions of the thermodynamic analysis and calculation methods are
published elsewhere {20,21]. To illustrate typical results from these analyses, a plot of
thermodynamic yield of the condensed phases vs. the ratio of SiCly/MoCls in the inlet gas for the
MoCls-SiCls-Hy precursor is shown in Fig. 3. These calculations were conducted at a
temperature of 1000°C and a reactor pressure of 133 Pa for SiCl4/MoCl5 ratios less than 10 and
H/C1 2 1.0. The following conclusions can be drawn from this analysis:
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At high SiCly/MoCls ratios (6.3 and above) the only condensed phase is MoSiy, meaning
the activity of silicon at these ratios is less than one and therefore is not codeposited as is
the case for the other two systems examined.

The lowgr silicide phases, MosSi3 and Mo3Si, are codeposited at SiCly/MoCls ratios
below 6.3.

The yield of MaSip with respect to Si is relatively low with a maximum of about 16% at
the SiCly/MoCls ratio of 6.3, indicating an inefficient utilization of SiCly.

Based on similar analyses, the following conclusions may be drawn for the other two systems:

Deposition of exclusive MoSi2 is possible in the MoFg-SiH4 system when the
SiH4/MoFg ratio in the precursor is 3.5. Otherwise, one of the lower molybdenum
silicides (MosSi3 and Mo3Si) or elemental molybdenum or elemental silicon is
codeposited.

Deposites exclusively of MoSiz can be obtained in the MoCls-SiHg system with
SiH4/MoC(ls ratios between 2.4 and 3.5.

Therefore, based on thermodynamics alone, the SiCly-MoCls-H2 system appears to be
the most suitable for deposition of exclusive MoSiz deposits.

In our experiments to deposit MoSiz from MoCls-SiCls-Hj, we observed deposition
rates of the order of 0.10 to 0.15 pm/min at temperatures between 1000° and 1200°C and a
pressure of 2.0 torr. Use of higher temperatures led to the formation of powdery deposits
indicating gas phase nucleation. Also, the handling of hygroscopic MoCls was tedious and
hazardous. The deposits were mixtures of silicon and molybdenum but not stiochiometric
MoSij. The relative amounts of Si and Mo varied depending on the flow rates of precursors but
never MoSis. Based on these observations CVI was considered to be non-feasible and non-
economical in processing of structural components of MoSiz.

4. REACTIVE VAPOR INFILTRATION (RVI) TECHNIQUE

To overcome the limitations of the CVI/CVD processing of MoSi; structural components,
we have conceived and developed a new technique that retains certain features of CVD. We term
our new process Reactive Vapor Infiltration (RVI). In this process a loosely compacted porous
preform containing molybdenum powder is exposed to a gaseous silicon precursor at
temperatures slightly below the melting point of silicon. In the present work, silicon vapor was
supplied through a gas phase decomposition of silicon tetrachloride (SiCls) in presence of
hydrogen (Hp).

To establish the feasibility of this technique, first we prepared monolithic MoSi; samples
as follows: commercial grade molybdenum powder was pressed into pellets at room temperature
to a pressure of 152 MPa (22 ksi}. The molybdenum pellets were of size 38 mm in length, 6.4
mm in width, and 1.2 to 1.5 mm in thickness. After measuring initial weight and thickness of
these pellets, porosity of the Mo-compacts was estimated to be about 44%. The Mo pellets were
suspended into the hot zone of a graphite furnace at a temperature between 1100° and 1400°C and
a pressure of 1.3 Pa using a silicon vapor precursor of 325 cm3/min. H and 25 cm3/min. SiClg.
The siliciding experiments were run for the desired number of hours (2 to 72 hrs). Further
details on the RVI experimental procedure are available from our earlier publications {22,23].
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4.1 RVI - KINETICS AND MICROSTRUCTURE

The silicide layer gmwth kinetics were measured at temperatures between 1100° and
1400°C and a pressure of 270 Pa (2 torr). The kinetics were followed by monitoring the
thickness of the silicide layers measured on cross-sections of partially silicided molybdenum
samples using an optical microscope with a micrometer attachment. A plot showing the thickness
of the silicide layer grown on molybdenum samples as a function of siliciding time are shown
Fig. 4. The data plotted in this figure indicate parabolic kinetics. The rate constants measured
from this data are compared with the data of Gage and Bartlett [24] and the data of Cox and
Brown [25] (see Fig. S). Our data conform to

K (cmzls) =1.3exp '___—21&15‘_:]/11101)

1)

with an activation energy similar to the one reported by the other two investigators who grew the
silicide layers using a pack-cementation approach. The absolute values of our data are consistent
with those of Gage and Bartlett [24], who used thickness derived kinetics, and are higher by a
factor of three than the data reported by Cox and Brown [25] who used weight gain
measurements to obtain their rate constants.

Using a simple reaction-diffusion analysis, Orszagh and Vander Poorten [26] related the
diffusivity (D) of the element responsible for the growth of the silicide layer to the measured
parabolic rate constant (K). This relation can be modified to read as
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where, Q is the molar concentration of the diffusing species in the silicide (0.082 moles/cm? for
Si in MoSiy) and AC is its concentration gradient (mole/fcm?) across the growing silicide layer.
The best estimate of AC may be the nonstoichiometry of the silicide layer. Based on earlier work
edited by Pascal [27], the Si-nonstoichiometry in MoSiz may be considered to be about 0.2%
which is equivalent to 1.6x10 moles/cm3. Substituting these numbers into the above equation,
the diffusion coefficient of Si in MoSiy is estimated to be

2 -21645 kJ/mol

Dg;= 6.7X10 exp(—-——-—)
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Fig. 5. Silicide layer growth constant as a function of temperature. Also shown are the data of
Gage and Bartlett {24] and Cox and Brown [25].
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The microstructure of the silicide layers is shown in a fracture cross-section, see Fig. 6.
Note the coherency of the interfaces between the unsilicided molybdenum and the silicide layers
and the absence of major structural defects such as voids. The microstructual examinations
conducted on polished cross-sections of partially silicided samples indicated the presence of a
MosSi3 interface layer between the external MoSi2 layer and the unsilicided core. The
microstructural evaluation in the RVI process has been reported in detail [22,23). Compositional
analysis conducted on the samples using x-ray photo-¢lectron spectroscopy indicated that the
oxygen contamination in the RVI processed samples is 0.3 at% or less.

Fig. 6. Fractoragraph of a partially silicided RVI sample (1200°C, 0.27 kPa).

4.2. RVI - COMPOSITE PROCESSING

The short fiber reinforced composite samples were fabricated by completely siliciding
mixtures of molybdenum powder and 5 to 10 v% chopped (desized) Nicalon SiC fibers of
approximately 0.5 mm length. The continuous fiber composites were made by interspersing (via
hand lay-up) the fibers and the preform powder. In both cases the compacts were formed into
pellets of 38 mm in length, 6.4 mm in width, and 1 to 2 mm in thickness by pressing at a
pressure of 152 MPa (22 ksi) and room temperature. Once fabricated these preforms were
exposed to silicon vapor to convert Mo containing powder-phase to MoSi in a manner similar to
the one described in Sec. 2.1. The initial weight and dimensions of these pellets were measured
and the porosity of the compacts was estimated to be between 43 and 45%.

A fracture section of a composite sample silicided at 1200°C is shown in Fig. 7. The
Nicalon fibers show a rough surface morphology indicating that some chemical reaction
occurred during RVI processing. 1t is noteworthy that the fibers seem to bond weakly 10 the
MoSis matrix as evidenced by the fiber-sections sticking out normal to the fracture surface
(photographic plane) and the in-plane grooves left behind by fibers that have fallen off.
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Fig.7. Fracture section of a RVI processed composite sample showing chopped Nicalon-SiC
fiber (10v%) in MoSi2 matrix.

We are encouraged that there appears to be weak bonding between Nicalon-SiC fibers
and the MoSiz matrix. Such a weak fiber/matrix interface is expected to improve the toughness
of the composite. However, the density of the composite at this stage of our work is about
92%, i.c. the density of RVI processed monolithic MoSiz. Therefore, we are considering
HIPing as a final densification step. To improve upon the accommodation of the volumetric
expansion, we are experimenting with powders of different particle sizes and with powders
containing different Mo-Si phases.

In addition, we are presently synthesizing continuous fiber reinforced composite
samples. In view of the thermal expansion mismatch, alluded 1o in earlier sections, between the
SiC fibers and MoSiy matrix, we are presently experimenting with AlO3 fibers.

S. SUMMARY

The MoSiy matrix composites have potential for extended use at high temperatures,
possibly up to 1600°C in such applications as heat engines. Conventional processing techniques
such as hot-pressing require high temperatures of the order of 1600°C to achieve full density is
not possible at temperatures below 1700°C. These high temperature processing routes restrict
the usable reinforcements to those that are thermally and chemically stable at those processing
temperatures.

Currently, our efforts include processing of MoSiz matrix composites using both reactive
co-synthesis and reactive vapor infiltration routes. Both these routes use relatively lower
temperatures, yield a purer matrix phase, allow the placement of fiber reinforcements in required
orientation and quantity, and also fabrication to a near net shape and size. This approach will
also provide a better sense of microstructure and properties of a single class of composites
prepared by two different techniques.
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VACUUM PLASMA SPRAY FORMING OF HIGH TEMPERATURE SILICIDES

S.Sampath and H.Herman
Thermal Spray Laboratory
Deparunent of Materials Science and Engineering
State University of New York
Stony Brook, NY 11794-2275

ABSTRACT

Molybdenum disilicide and its composites have been fabricated by a number of researchers in
recent years through vacuum plasma spray (VPS) forming. VPS is capable of producing dense,
fine grained deposits of these high temperatwre intermetallics and is a promising technique for near-
net-shape manufacturing. Reviewed here is VPS forming of high temperature silicide
intermetallics, principally MoSi2 and its composites. A discussion will be given of the
processing-structure-propertics relationship of the spray formed silicide.

INTRODUCTION

In recent years, intermetallics and intermetallic matrix composites have been the subject of
considerable research interest for potential high strength, high temperature structural applications.
The refractory metal disilicides, in particular, MoSi2, are leading contenders in the search for high
performance refractory materials for heat engine and related aerospace requircments [1]. MaoSi2
has a high melting point (2030°C), with an essentially temperature independent yield stress of 300
MPa. MoSi2 has excellent oxidation resistance, having traditionally been employed as a heating
clement material in air furnaces for high temperatures up to 1800°C. The compound is near brittle
at room temperature, with a DBTT at approximately 925°C, above which the material is strong and
ductile, but beyond 1250°C a range of softness sets in, leading to creep rupture deficiencies [2].
Compositing strategies such as SiC, TiC, etc., have been proposed to enhance creep resistance at
high temperatures [2-5]. Ductile phase toughening using Nb wires has also been considered as a
mechanism of room temperature toughening {6].

Rapid solidification of intermetallic compounds has attracted attention in recent years, due to
the potential for producing chemically homogeneous, fine-grained microstructures {7]. However.
the necessity for ultra-high cooling rates imposes restrictions on specimen size: generally, rapidly
solidified material is produced in the form of ribbon, flake or powder]8). Plasma spray processing,
a well established technique for producing protective coatings, offers an alternate method of
consolidation of these materials into potentially useful forms, while retaining the benefits of rapid
solidification rate (RSR) processing. Compared to other RSR approaches, plasma spraying ofiers
the :ti)dw‘lkm}lages of large throughputs (kg/hr), high density, and the ability to deposit objects of near-
net bulk forms.

The benefits of rapid solidification through plasma spraying of Ni-based superalloys have
been explored in the past as an alternate manufacturing methodology. For instance, rescarchers at
General Electric have examined a number of vacuum plasma spray (VPS; also referred as "low
pressure plasma spray - LPPS") formed Ni-based alloy shapes and have obtained improved yield
and tensile strengths as compared to other processing techniques [9-11}]. Their results indicate that
the rapid solidification of the molten droplets occurs during deposition in a low pressure
environment, the deposits achieving nearly theoretical density. In another example, Chang et al
compared the mechanical properties of melt-spun, hot-isostatic pressed, and plasma sprayed
Ni3AIl-B alloys and found that plasma sprayed specimens had the highest yield and tensile
strengths [12]. As noted by Taub et al a key advaniage of plasma processing is the capacity to
produce rapidly solidified free-standing near-net forms, thus obviating the need for post-spray
thermo-mechanical processing | 13].
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Plasma spray processing of composites represents a synthesis of rapid solidification and
composite materials technology. It is a near-net-shape composite manufacturing process, in which
co-deposition combines melting, blending and consolidation into a single step, readily allowing the
formation of continuous, discontinuous, or laminated composite structures. Tiwari et al used
dual-feed co-deposition to produce TiB2-reinforced Ni3Al composites, the free-standing structures
displaying mechanical properties which were superior to those obtained using other processing
techniques [14]. This was auributed to enhanced particle-matrix bonding obtained by the VPS
process.

THE PROCESS

Plasma spraying , is a technique of "thermal spraying”, in which feedstock powder, wire or
rod is melted in a hot flame. propelled to an appropriately prepared substrate, where solidification
occurs, forming a thick film deposit, or, as discussed here, a thick section which can be removed
from the substrate. D.C. and R.F. thermal, near-ambient pressure plasmas are extensively used in
the materials processing industries for extractive metallurgy, melting, deposition, and evaporation.
The traditional D.C. arc plasma gun, which was developed as 4 heat source over three decades
ago, has been extensively used to spray deposit protective coatings. The D.C. plasma is formed
typically between a tungsten cathode and a waier-cooled copper anode by the ionization of gases
such as Ar or N2 with additions of secondary gases such as He or H2. Itis into this exiting, high
temperature, plasma flame that powdered feedstock material (10 - 90 um in diameter) is introduced
by acarrier gas. The particles melt in transit without vaporizing excessively, are accclerated, and
impinge onto the substrate where they flauen and solidify at cooling rates similar to those achieved
in rapid solidification processes. The deposit is formed by successive impingement of these
molten droplets.

Due to the high temperature of the plasma core (~10-15,000K), virtually any refractory material
can be melted and deposited, the only criteria being that the material not decompose. Thus, the
process allows the processing of mctals, alloys, and, in particular, intermetallics and ceramics.
The evolution of controlled atmosphere plasma spraying. such as inert shrouded spraying and
vacuum plasma spraying (actually, VPS operates at pressures in the range of 50 mbar) has
considerably expanded the capabilities of the process to produce dense, oxide-free deposits.
Vacuum D.C. plasma spray typically achieves high particle velocities (200 - 500 m/s), with
attendant high impact velocities, yielding deposits of near theoretical density [15].

Although conventional air plasma spraying (plasma spraying in ambient environment or APS)
leads to rapid solidification [16], the deposits contain defects such as porosity, non-continuous
interlamellar bonds, oxide inclusions, etc., as well as process-related residual stresses. VPS can
circumvent these microstructural deficiencies and yield highly dense deposits, which are relatively
stress-free. In VPS, although the solidification is rapid, the deposit undergoes in-process
annealing due to the almost continuous exposure of the deposit to the end of the high temperature
(> 800°C) flame. In fact, this self-annealing can be beneficial, since it provides stress-relief,
recrystallization, and results in enhanced interparticle bonding [15, 17]. The reduction in residual
stresses permits build-up of very thick deposits, and, thus, VPS can be viewed as an effective
means for consolidation of powders and composites for the production of free-standing forms for
high performance applications [18].

VPS FORMED MoSi2 INTERMETALLICS

One of the earliest reported uses of vacuum plasma spraying of MoSi2 was in the production
of protective coatings. Henne and Weber studied VPS deposited MoSi) coatings on Mo substrates
to form an adherent oxidation-resistant coating {19-20). Due to large differences in thermal
expansion coefficients between Mo and MoSi2, the coatings experienced transversc cracks.
Although this difference in thermal expansion is of some concern for coatings production, when
treated properly thermal expansion mismatch allows the facile separation of thick intermetallic
deposits from the substrate o produce free-standing forms [21-22].
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Fig.1: Scanning electron micrograph of VPS MoSiz

cross-section.

Mi . { Phase .

In Fig.1 is shown typical cross-
sectional microstructure view of the
VPS-formed MoSi2 deposit,
produced using MoSi2 powder
feedstock of particle size 5 to 45 um.
The deposit, which appear to
approximate a wrought metallurgical
microstructure, typically display
greater than 98% theoretical density in
the as-sprayed condition; Table 1
[21). The microstructure shows fine
pores and the grain structure is not
revealed under these imaging
conditions.  For comparison, the
microstructures of hot-pressed
MoSi2, produced from a similar
powder, is shown in Fig.2. The hot
pressed specimen of similar density
displays a coarser grain structure and
larger pores. Figure 3 shows a
transmission electron micrograph of
VPS-formed MoSi2, revealing a
bimodal distribution of grains. The
grain size is in the range of 0.1- 0.6
pm. This type of submicron,
equiaxed microstructure is commonly
observed in VPS deposits and has
been attributed to recrystallization
occurring during the spray process;
i.e., "self-annealing” [15). Castro et
al have reported similar grain size
distributions in VPS-formed MoSi2
[23}.

Fig.2: Scanning electron micrograph of hot-pressed MoSi.

Table I: Density and Phase Characteristics of VPS formed MoSi2 [21].

Condition Deposit Density [ Oxygen Content ~ Phases
glec (%)
Powder - 0.24 t-MoSi2, MosSi3(trace)
Mo3i; - Hot 6.22 0.29 t-MoSi2, MosSi3*
Pressed
As-VPS- 6.17 0.30 h-MoSi2 . t-MoSi2 , MosSiz*
sprayed
Annealed 6.15 0.45 t-MoSi2 , h-MoSi2* , MosSi3*
1100°C/ 2h
Annealed 6.02 028 t-MoSi? , h-MoSi2* , MosSiz*
1100°C / 24h
t-MoS17 (tetragonal), h-MoS12 (hexagonal), * - Present as Minor Phases
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Fig.3: Transmission electron micrograph of a vacuum plasma spray formed MoSi>
revealing a fine grained microstructure

The X-ray diffraction pattern of the as-received powder reveals an essentially equilibrium
tetragonal single-phase structure (t -MoSi2). However, a metastable hexagonal MoSi7 allotrope
(h-MoSi2) has been observed in the as-sprayed condition: Table I [21]. Annealing of the as-
sprayed specimen at 1100°C leads to an irrey 2rsible transformation of h-MoSi2 -> (-MoSi2. Tiwari
ct al have shown that h-MoSi2 is a major phase in the as-sprayed deposit [21]. Upon annealing,
there is a considerable decrease in h-MoSi peak intensity accompanied by an increase in the t-
MoSi2 peak intensity, suggesting that the h-MoSi2 phase is metastable at room temperature. In a
recent work, Ohmori and Fukuoka have also shown the substantial presence of the hexagonal
MoSi2 phase in the VPS deposit [24). They observed the hexagonal to tetragonal transformation
upon heating to about 950°C. Mitchell et al observed twins in the VPS MoSiz attributed to the
hexagonal-tetragonal transformation at high temperatures [25]. In another study, Shaw et al have
examined the microstructural evolution of MoSi2, plasma sprayed in an atmospheric pressure inert
gas chamber and found considerable Si volatilization, resulting in the formation of several Mo-rich
silicide phases with significant compositional variations [26]. Annealing at 1500°C resulted in the
formation of the Mo3Si phasc.

The above results are not surprising since plasma spraying commonly yiclds RSR-induced
metastable phases [16]. On examinaton of the phase diagram {27} it is seen that h-MoSi2 is a high
temperature atlotrope (1900 -2030°C) and this phase is retained at room temperature during plasma
spraying. It is clear that inert gas Lhambc.r bpmymg alone is not sufficient to overcome the Si
volatilization and that a ; pen-free environment is required to retain the appropriate
chemistry and homo;_.«.nuly such lh.n the sm;,lp phase tetragonal MoSiz can be obtained through
subsequent anncaling.

A variety of composite reinforcements have been added to MoSi2 through VPS. Using
premixed powders, Tiwari et al produced TiB;- and SiC-reinforced MoSi2-mair*x composites
[22]. The TiB2 reinforcements in the MoSi2 matrix had a splat-like morphology resulting from

concurrent melting of both the components in the plasma flame; Fig.4.  However, this was not
the case for SiC-reinforced MoSi2, because SiC sublimates at 3000°C instead of melting.
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Thus, unlike TiB2 , the SiC
distributed as particulates, retain their
pre-sprayed morphology; Fig.5. No
apparent interfacial reaction was
observed between the matrix and
reinforcements. This is attributed to
the high rate deposition process,
which prevents particle-matrix
interfacial reactions.

In order to enhance fracture
toughness at temperatures below
1000°C, the ductile-brittle transition
temperature, a ductile phase can be
incorporated into the intermetallic
matrix. Such is the case for Ta-
reintorced MoSi2, which was VPS-
processed by Castro et al (28], who
obtained microstructures similar to
the plate-like morphology observed
for the TiB2 reintorcement {21].
Alman et al produced MoSi2 - Al203
laminates by alternatc deposition of
the two powders [29]. These
deposits, which were of relatively
low overall density (82-96%), were
produc ' in an inert gas filicd
chambe. at ambient pressure.
However, post-spray annealing was
sufficient to fully densify the
laminates.

Fig.4: Backscattered electron micrograph of VPS formed
MoSi,-TiB; composite {21].

Currently exploratory rescearch is
underway at Stony Brook involving
VPS forming of pre-alloyed / pre-
composited MoSi2 + 20 vol% SiC
and MoSi2-WSi2+ 20 vol% SiC

Fig.5: Scanning electron micrograph of VPS formed powders, which were produced by
MoSi2-SiC composite [22]. Osram Sylvania Inc. (Towanda, PA)
using solid state sintering methods.
The microstructures and mechanical properties of these deposits are being investigated. It is the
contention of the authors that the use of pre-composited powders would enable substantially
enhanced reinforcement loading during VPS forming.

Mechanical P o

Both room temperature and high temperature mechanical properties of VPS- formed MoSi2
and composites have been reported. In Table If are summarized room temperature mechanical
properties [22]. The high Vickers microhardness (1200 VHN) of unreinforced as-sprayed
MoSi2 has been attributed to the fine grain size of the spray-formed product [22}. Further, the
indentation fracture toughness and the flexural sirength of the as-sprayed MoSi2 are substantially
greater than that for hot-pressed material. Annealing leads to a lower hardness. in conjunction
with increascs in indentation fracture toughness and flexural strength. It is important to note that
annealing at 1100°C did not lead to significant grain growth or changes in microstructure. These
grealy improved properties of VPS MoSiz are autributed to the fine-grained microstructure.
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Table II: Room temperature mechanical properties silicide composites [22].

Matenal Condition Hardness | Bend Strength | Fracture Toughness
VHN MPa MPam!

Mo3i1; as-sprayed T201 280 37
MoSi2 annealed 1100/2 hrs 1203 310 4.3
MoSi7 annealed 1100/24 hrs 1093 364 5.9
MoSi2 + 4 vol% SIC as-sprayed 1228 300 5.4
MoSi2+4 vol% SiC annealed 1100/24h 1160 310 79
[ MoSi2 + 20 vol% 1187 as-sprayed 1057 380 6.1
MoSi2 hot-pressed 950 183 29

The addition of composite reinforcements, for example. in the form of TiB2 and SiC, leads to
considerable increases in flexural strength and fracture toughness over their monolithic
counterparts. Although a relatively small (4 volume %) incorporation of SiC leads to only a
nominal increase in strength, a large increase in fracture toughness is observed [22]. Where-as
strength increases may be attributed to enhanced particle-matrix bonds, leading to improved load
transfer, the large increase in fracture toughness can likely be attributed to enhanced crack
deflection and branching processes [1]. The rationale for the strong particle-matrix bond in the
VPS-processed composites is that the temperature of processing is at least 800°C, thereby
promoting good wetting of the reinforcement by the matrix. However, the short time of
processing eliminates the occurrence of any large scale interfacial reactions, which may have a
detrimental influence on the overall strength of the VPS deposit. Similar strengthening effects
were observed in a related study of VPS-formed Ni3Al-matnix TiB) composite [14].

Alman and co-workers, plasma spraying MoSi? in an inert gas chamber at ambient pressure,
observed that microhardness increased with plasma current [29). Since it is known that increased
power leads to increased gas and, thus, greater panticle velocity, it must be concluded that the
higher hardness is the result of an overall greater deposit density. Upon subsequent annealing of
the deposit, a decrease in hardness was observed [26]. Further, as seen in Table II, a decrease in
hardness is observed with subsequent annealing of the VPS deposits, which, as demonstrated by
Tiwari et al, is associated with grain growth [22]. This is further evidence that in-process spray
parameters, which determine power and flame (and, :hus, substrate) temperature, are crucially
important for optimizing the process relative to deposit properties.

The studies of Castro et al and Jeng et al have shown increased hardness and indentation
fracture toughness of VPS-formed MoSi2 and Ta-reinforced MoSi2 [28.30), which is in
agreement with the results of Tiwari et al [22], where the indentation fracture toughness of VPS-
formed MoSi3 is found to be greater than hot-pressed MoSi2 ( 4.7 versus 2.9 MPa m1/2), both
materials being of similar as-processed density. Castro et al also reported anistropy in fracture
toughness between the spray direction and the direction parallel to the deposit surface, which is, of
course, associated with the lamellar nature of the deposit [28). It is the opinion of the authors that
this anistropy, although common for most thermal spray deposits, can be diminished in VPS by
promoting self-annealing during spraying. It is for this reason that no substantial anistropy in
indentation fracture toughness was observed in the work of the authors and co-workers {22]. This
was further confirmed by Jeng et al who showed only a small difference in indentation fracture
toughness between the spray direction and the direction parallel to the deposit in VPS-formed SiC-
reinforced MoSi2 [30).

76




v oty

4-Point Bend Tested
(1300°C)

v

MoSi2

PLASMA SPRAY FORMED

1234
' RERBE:

I 1L

4-Point Bend Tested
‘ (1300°C)

-,
A

HOT PRESSED MoSi;

i
gy ¢
e O

Elevated temperature (1300°C)
four-point bend tests on VPS-formed
and hot-pressed MoSi2 are shown in
Fig.6 [22]. Clearly, the VPS-
formed specimen shows a high
degree of ductility. In fact, these
values may be underestimated due to
limitations of the experimental
conditions. The mechanism of such a
high degree of plasticity may be
related to a creep-like or superplastic
behavior. The role of microstructure
needs to be identified. This result, in
conjunction with the increased room
temperature toughness of the VPS
MoSi2 in comparison with hot
pressed MoSi2, suggests interesting

" ideas for future research.

Jeng et al have reported on creep
behavior of VPS SiC/MoSi2
composites at 1350°C and compared
it to the creep behavior of powder
metallurgy based MoSi2 and
SiC/MoS8i7 [31]. Their results show
that creep resistance of the VPS
composite was lower than that of the
powder metallurgy counterparts.
This was attributed to grain
boundary sliding and amorphous
$i02 at grain boundaries. However,
no significant grain size relationship
was identified which could be a
potentially important factor in these
materials.
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Isothermal and cyclic oxidation

Fig.6: MOS.iz test coupons before and after four-point bend siudies were conducted on VPS
testing at 1300°C. (a) VPS (b) Hot-pressed. formed unreinforced and composite
MoSi; Table I1I [22]. Unreinforced
MoSi2 showed no measurable mass gain after cyclic oxidation testing for 168 h. It was noted that
the specimen size was small and hence the oxidation, if any, would not have been detectable at
shorter testing periods. However, other researchers have reposted significant mass gains during
cyclic oxidation of hot isostatically pressed MoSi2 at 500°C [32].

Table HI: Isothermal Oxidation of VPS formed MoSi and its Composites [22].

~Matenial Specilic Weight Gain (mgs/sq.cm.)

24 hrs 96 hrs

MoSiz 0 0.716

MoSiz + SiIC 0 0.852

MoSiz + TiB; 22.52 35.37
4




During isothermal oxidation at 1000°C, both MoSi2 and SiC-MoSi2 showed no mass gain
after 24 h and minimal oxidation after 96 h. The mass gain for SiC-MoSi2 was greater than that
for unreinforced MoSi2. However, the TiB2 reinforced MoSi2 showed significant degradation
under isothermal oxidation conditions. Following the isothermal oxidation tests the specimen
showed the presence of a yellowish-colored oxide scale, related to the presence of TiO2. Similar
oxidation results were reported by Cook et al for oxidation behavior of MoSi2, SiC-MoSi2 and
TiB2-MoSi2 materials processed by the XD™ process [33].

Recently, Beatrice and Worrell have conducted 1500°C and 1600°C oxidation studies on the
VPS MoSi2 specimens produced at SUNY-Stony Brook {34]. Preliminary results indicate
comparable oxidation behavior with hot-pressed MoSi2. Further analysis is underway to obtain a
morse definitive mechanism of the high temperature oxidation behavior of the VPS-processed
MoSi2.

Aqueous Corrosion

Halada et al have examined the aqueous corrosion i, havior of VPS and hot-pressed MoSi2 in
a 4M HCI solution {35]. The electrochemical polarizat..n curves indicated that both samples
displayed a significantly higher passive current density as well as much higher breakdown potential
as compared to Mo. Further examination of the surfaces using variable angle x-ray photo-electron
spectroscopy revealed a dense film of Mo(),05Si02. The data revealed a large passive film formed

on both VPS and hot-pressed MoSi2, with the passive film slightly thicker (42A vs 34A) for the
hot-pressed specimen. These results indicate excellent aqueous corrosion resistance of MoSi2.

SUMMARY AND CONCLUSIONS

The investigations described in this review demonstrate the capabilities of vacuum plasma
spray to process near-net, free-standing structures of refractory silicide intermetatlics. The process
enables the fabrication of dense, monolithic and composite structures. The high temperature
plasma flame offers an ideal route for one-step processing of these refractory intermetallics and
their composites. The unique attributes of plasma spraying in its inherent versatility offers the
potential for processing continuous, discontinuous and laminated composites. The properties of the
VPS formed silicides and silicide composites are promising, although substantial improvements in
room temperature fracture toughness is still wanting. Further work is required to address the
critical aspects of process-structure-property relationships, especially as it refates to the deposit
formation, rapid solidification and metastable microstructures during VPS processing. The
oxidation and aqueous corrosion behavior of the VPS formed silicides are excellent, which
suggests possible applications as coatings against environmental degradation.
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Fabrication and Testing of Plasma-Spray Formed
MoSiy and MoSiz Composite Tubes

R.G. Castro®, J.R. Hellmann®*, A.E. Segall®* and D.L. Shelleman®*
Los Alamos National Laboratory, Materials Division, Los Alamos, NM 87545
**Pennsylvania State University, Center for Advanced Materials, University Park, PA 16802

ABSTRACT

Plasma-spray forming has been used to fabricate thick-wall tubes of MoSiy and MoSi
containing concentric layers of Alp03. This process is being investigated as a potentia
fabrication method for producing tubular components of MoSio and MoSi; composites for use
in high temperature fuel-burner applications. Results will be reported on the spray forming
method used to produce tubes of various sizes. The room temperature strength of pure MoSip
tubes in the as-deposited condition, and after heat-treating at 1500 ©C for 2 hours in vacuum,
will also be reported. The strength of plasma sprayed MoSi) tubes were measured via
diametral compression of O-ring and C-ring sections in air at room temperature. Qualification
of the strength distribution was based on Weibull statistical theory.

INTRODUCTION

Various processing methods are currently under investigation for producing and synthesis
MoSiy and MoSiy composites [I]. In many cases, conventional powder consolidation
approaches are being utilized to produce dense shapes of MoSi7 and MoSiy composites for
testing and evaluation at high and low temperatures. Very little attention is currently focused on
extending these processing/manufacturing techniques beyond small scale laboratory operations
to the actual fabrication of prototype/near-net shape components. In order to show viability of
MoSi7 for industrial applications, prototype components will need to be fabricated for on-site
industrial testing.

Plasma-spraying of MoSi has been shown to be a viable processing method for producing
high density deposits of MoSiy with the processing flexibility to manufacture discontinuous
[2.3,4]), continuous [5], and in situ [6,7] reinforced composites of MoSiy. This processing
technology offers a number of important advantages such as combined me?'ting. solidification
and consolidation all in one processing step. fine-grained microstructures, chemical
homogeneity and the capability for near-net shape manufacturing.

In this study, thick-walled tubes of MoSip and MoSiy containing concentric layers of AlO
were fabricated using the plasma-spray forming process. Various tube sizes, and tubes witl
composite microstructures intentionally graded through the tube wall, were produced to
demonstrate the flexibility of this process. Discussions will focus on the fabrication results and
the strengths of MoSi% tubes in the as-sprayed condition and after elevated temperature
exposure at 15000C for 2 hours in vacuum,

EXPERIMENTAL PROCEDURE

Plasma-spray forming

Plasma-spray forming of the MoSiy and MoSizlAliO tubes were done using the low
pressure plasma spray chamber at Los Alamos National agoratory. This chamber is equipped
with an 5G-100 Plasmadyne torch and duel powder feeding capabilities for spraying alternate
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layers of MoSiy and Al303. The MoSi) powder used in this investigation was purchased from
CERAC Inc. The powder had a purity of 99.5% with an average particle size of 65 pm. X-ray
diffraction analysis confirmed the presence of tetragonal MoSi2 with a trace of MosSi3. The
oxygen content of the powder was approximately 1600 ppm. METCO-105 Al>O3 powder,
with a particle size range of 5 to 20um, was used to produce the reinforcing Al203 layers.
Parameters used to produce the spray formed MoSiy and MoSiy/Alp03 tubes are given in
Table 1.

TABLE [. Parameters used for plasma-spray forming MoSiy and MoSiy/AlO3 tubes

Parameters Values
Amps (A) 600
Volts (V) 36
Plasma Gas (slm) 25-Ar
Auxiliary Gas (sim) 25-He
Powder Gas (slm) 10-Ar
Feed rate (g/min) 7.6
Spray distance (cm) 15.24
Chamber pressure (torr) 450
Anode/Cathode 145/129
Rotation (rpm) 500
Substrate translation (ipm) 39

The starting powders were deposited on graphite rods which were used as sacrifical mandrels.
Graphite rod sizes ranging from 6.35mm to 22.2mm were used to produce MoSiy and
MoSip/Al203 tubes. with tube wall thicknesses ranging from 2.00mm to 7.00mm. Following
spray forming, the graphite rods were drilled out and the remaining graphite was removed by
oxidation in an air furnace at 8000C.

Room temperature testing of MoSis tubes

The room temperature tube strength of plasma-sprayed MoSiy was determined by testing
"Q"-ring and "C"-ring samples sectioned from spray formed tubes of approximately 15.24cm
in length with an inside diameter of 6.35mm and a outside diameter of 9.00mm. Machining
procedures to produce the O-ring and C-ring samples for room temperature strength testing are
given in reference [8]. The samples were tested under two different conditions, (1) the as-
sprayed condition and (2) after vacuum heat-treating at 15000C for 2 hrs. Specimens were
loaded in diametral compression in order to sample the flaw populations contribution to failure
at the inner and outer tube surfaces. Strength testing was performed at room temperature in air
on an Instron testing machine equipped with an 890N (200ib) compression load cell. Prior to
loading, a small piece of Al2O3 felt (1.6mm thick) was placed between the re-crystallized
alumina loading rams and the specimens. The alumina felt was used to redistribute the load
under the loading rams. A small preload 1.78N (0.41b) was used to hold the specimens in place
prior to loading to failure. All specimens were loaded at a strain rate of 3.13x10-%sec. Based
on the peak load at fracture, and the specimen dimensions, the maximum stress at fracture was
calculated and used to perform Weibull statistical analysis of the strength distributions. Optical
and scanning electron microscopy was used to evaluate the microstructures of the as-sprayed
and annealed O-ring and C-ring samples, and their fracture surfaces after testing. Density
measurements were conducted using water immersion.
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RESULTS AND DISCUSSION

MoSij and MoSis /AlO3 tubes

Examples of tubes fabricated by the plasma-spray forming process are given in Figure 1. The
various lengths and wall thicknesses of the tubes in this figure demonstrates the flexibility of
plasma-spray forming for producing tubular products. Cross-sections of each tube, which were
imaged by scanning electron microscopy (SEM), are given in Figure 2. The MoSi)/Al,03
composites are comprised of concentric ring microstructures (Figures 2 (b ) and (c)) which were
produced by alternating between MoSiy and AlpO3 powder feeders during the spray-forming
process. Figure 2 (b) shows a uniform spacing of %vioSiz and AlpO3 layers through the wall
thickness of the tube. The variation in the AlyO3 and MoSi) layer thicknesses in Figure 2 (¢)
was intentionally done to grade the tube cross-section from thicker MoSiy layers in the center
regions of the tube to thinner MoSi7 fayers on the outer regions of the tube, with the outer tube
surface eventually coated with a thick layer of AlyO3 (not shown on this tube). Fabrication of
tubes with this type of graded/layered microstructure is under investigation for potential
applications which require O3 gas injection on the inside diameter of the tube and liquid metal
compatibility on the outside diameter of the tube. During tube fabrication, cracking was
observed along the length of the spray-formed tube. The crack/microstructure interactions and
crack propagation that occurred along the MoSis layer is shown in Figure 3 (a). Cracks were
observed to have propagated through the outsidze three layers of the tube but did not extend
through the thickness of the tube. The outside features of the tube showed an "onion skin"
effect where the outside three layers separated from the tube, Figure 3 (b). The electron
backscattered image in Figure 3 (b) shows cracks terminating and separating along the MoSip
layer. Crack propagation along the MoSiy layer (as opposed to the interface or AlHO3 layer)
may result from the lower fracture toughness of the MoSiy layer (3.0 MPa m*?) when compared
to AlHO3 (5.0 MPa m*). Cracks were not observed in the MoSi2/Aly03 tubes which were
fabricated with uniform MoSip and AlpO3 layer thicknesses, Figure 2 (b).

Figure 1. Photograph of plasma-spray formed tubes of MoSi2 and MoSiy containing
alternating layers of AlyOj.
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Figure 2. Tube cross-sections of
(a) as-sprayed MoSi3 (b) MoSi2
containing 6-Aly03 layers and (c)
MoSiy containing 14-AlyO5 fayers.

Figure 3. Crack/microstructure interactions in MoSi)/AlyO
MoSiy layer (b) layer separation on outside surface of the tul

gembes. (a) crack propagation along
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Table I1. summarizes the specimen geometry, Weibull characteristic strength (strength at 63%
failure probability; 6,) and modulus (m) for the as-sprayed and heat-treated MoSiy tubes. The
heat-treated samples exhibited significantly higher characteristic strength in both the C-ring and
O-ring samples then did the as-sprayed material. The increased strength can be attributed to the
increase in relative density from 91% to 95% after heat-treating. Fractography revealed that in
all instances failure initiated from residual porosity which intersected the sample surfaces.
Interestingly, although the C-ring and O-ring strengths arc essentially equivalent in the as-
sprayed condition, the C-ring strength is significantly larger then the O-ring strength after heat-
treatment. This suggests that the flaw population on the inner and outer tube walls are modified
by heat-treatment, and is the topic of studies currently under way.

Table I1. Specimen geometry, Weibull characteristic strengths and modulus for as-sprayed and
heat-treated MoSi.
MATERIAL  SPECIMEN # OF WEIBULL  CHARACTERISTIC®

GEOMETRY SPECIMENS MODULUS STRENGTH (MPa*m)
LRb MLe LRb ML¢

189 17.6 147.4 148 .4
AS-SPRAYED C-RINGS 10 1264, 130, 14110, 1410,
216 184 1419 6 blll.l
O-RINGS 10 140, 136, 1365, 1366,
123 148 213 3127
H.T.1500°C C-RINGS 10 8255 1096p 306.258¢5 303.1257
2HR.
125 10.8 2412 2456
O-RINGS 10 8355 8044 22583114 2260235
a- Strength at a 63% failure probability.
b- Linear Regression Analysis [9]
c- Maximum Likelihood Analysis {10] STRENGTH (MPa)
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A graphical representation of the experimentally obtained strength distributions for both the
as-sprayed (AS) and heat-treated (HT) material is given in Figure 4. All strength distributions
tend to be well behaved (no outliers were identified) which suggests that single flaw
populations are present.

SUMMARY

Plasma-spray forming was used to fabricate tubular MoSi» and MoSi 2/Ah0O3 layered
composites of various wall thicknesses and lengths. The feas;)blhly of mmally grading the
Al>0O3 layer thickness and spacing through the tube wall was demonstrated. However cracking
was ogservcd in the outer MoSij layers.

The strengths of plasma-spray formed MoSi? tubes were measured via diametral compressmn
of C-ring and O-ring sections in both the as-sprayed and after heat-treatment at 1500 OC for 2
hrs in vacuum. Weibull analysis of the strength distributions revealed that heat treatment
provided a significant strength enhancement (40-54% in characteristic strength) but at the
expense of a broadened strength distribution (i.e., lower Weibull moduli for heat-treated
specimens). The strength enhancement was attributed to the increased densification of the
tubes from 91% to 95%. Fractographic analysis revealed that all failures intitated at the surfaces
and were associated with residual porosity.
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THE APPLICATION OF REACTIVE HOT COMPACTION AND IN-SITU COATING
TECHNIQUES TO INTERMETALLIC MATRIX COMPOSITES

H. Doty, M. Somerday. and R. Abbaschian, University of Florida, Dept. of Materials
Science and Engineering, Gainesville, Florida

ABSTRACT

An overview of the application of the reactive hot compaction (RHC) process to fabricate
varjous intermetallics such as silicides and aluminides is presented. Specific examples with the
in-situ formation of diffusion barrier coatings on refractory metal reinforcements during RHC
are also given. The processing involves blending the elemental powders with pre-treated
refractory metal filaments and reactively synthesizing the mixmre at elevated temperatures.
During this process, the treated surfaces of the filaments react with one of the components (e.g.
Al for aluminides or Si for silicides) to form in-situ a protective surface coating. The important
influence of the RHC reaction sequence and rate on the consolidation of the composite are
discussed.  Finally, the fracture toughness of the composites are related to the various
toughening mechanisms, with special emphasis on the role of the interfacial layer.

INTRODUCTION

Many intermetallics possess combinations of properties, such as high melting
temperature, low density and good corrosion resistance, which designers desire for the next
generation of high-temperature structural materials. These materials are needed to replace
current nickel- and cobalt-based superalloys in applications which require operating temperature’
near and above the melting temperatures of these alloys. However, attractive properties of
intermetallics are accompanied by fow temperature damage ¢olerance, low high temperature
strength and excessive creep. A large effort is underway to understand siwe basic mechanisms
responsible for the behavior of these materials, particularly in light of the sporadic reports of
ductility'?, superplasticity® and anomalous plasticity® in certain intermetallics. The anticipated
outcome comprises a combination of alloying, processing and thermomechanical treatments to
control the mechanical behavior of certain intermetallic alloy systems’.

Among intermetallics, the silicides, especially MoSi,, possess many of the properties
sought in future high temperature materials. MoSi, has a melting temperature of 2030°C and
a density of 6.31 g/cm’ and has excellent high temperature oxidation resistance due to the
formation of a surface coating of SiO, upon reaction with oxygen in the atmosphere. Monolithic
MoSi, is not acceptable as a structural material for engine applications because of its room-
temperature brittleness and decreased high-temperature strength. As such, it becomes necessary
to toughen the material below its DBTT (at =1000°C). while also improving its high
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temperature strength. Alloying and addition of thermomechanically compatibie reinforcements
to the matrix are two possible means to achieve this goal.

One method of alloying involves solution strengthening of MoSi, with WSi,. WSi, has
the same crystal structure and lattice parameters as MoSi,, and the two silicides form solid-
solution alloys. In a study by Petrovic and Honnell of MoSi,/SiC composites®, materials made
with a matrix of 50 mol% MoSi,-50 mol% WSi, alloys showed an improvement in high
temperature yield strength over monolithic MoSi, matrix composites. Schwarz et al.® also
observed improved mechanical properties in MoSi,-WSi, alloys. In this work, elemental Mo, W,
and Si powders were mechanically alloyed in the proper proportions to form in situ solid
solutions. These displayed a high temperature yield strength of approximately 175 MPa at
1200°C, seven times higher than that of monolithic MoSi,.

Alternatively, other researchers are developing compositing schemes to compensate for
the brittle nature of silicides via different combinations of energy dissipating mechanisms which
become activated during fracture. Intermetallic matrix composites (IMCs) are commonly divided
into two broad categories based on the nature of the reinforcement; (a) ductile reinforced IMCs
or (b) brittle reinforced IMCs. In each group, there are different processing methods of
fabrication for both natural and artificial composites. In general, natural composites are systems
which form the matrix and reinforcement during processing from precursor materials, such as
directional eutectic solidification, as such the composite components are thermodynamically
compatible.  Artificial composites, on the other hand, require separate preparation of the
reinforcement and the matrix followed by their combination and are generally not
thermodynamically stable, especially at elevated temperatures’. This commonly necessitates the
application of diffusion barriers at the interface to minimize chemical interactions.

The mechanism or mechanisms which dominate during fracture in a given composite
system depends on the geometry, rate and magnitude of loading, the elastic properties of e
matrix and reinforcement and the nature of bonding and roughness of the interface.
Nevertheless, the dominant energy dissipation mechanism during fracture is usually quite
different in IMCs with ductile reinforcements as compared to brittle reinforcements, although
there is a large area of overlap in their behavior. In addition, the dominant mechanism can
change locally as a crack propagates through the microstructure®. Figure 1 schematically shows
the operation of crack bridging, crack front debonding, wake debonding and fiber pullout. For
a more complete description, the reader is referred to descriptions of fiber pullout®!®, crack
bridging®'®'"1%  residual stress'®, crack blunting®'2, interfacial debonding™'*!!, muitiple matrix
cracking® and microcracking®, given in the literature.

FABRICATION TECHNIQUES

The high melting temperatures of intermetallics and the associated increased chemical
reactivities limit the availability of suitable container materials for the processing of intermetaliic
composites from the molten state. In addition, the high processing temperatures cause extensive
reaction between the matrix and the reinforcement. Nevertheless, some investigators have
achieved success in producing IMCs via melt infiltration processes'®, electromagnetic levitation'®
and directional solidification of eutectic alloys*".'3-19.20.21

The most general success in producing intermetallic matrix composites has come in the
powder processing area. [nitially these materials were produced via sintering of pre-alloyed
powders formed by a gas-atomizing technique or by crushing and ball milling arc-method ingots.
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More recently, due to the lack of availability of pre-alloyed powders and various processing
advantages, other powder processes such as self-propagating high-temperature synthesis and
reactive hot compaction have been developed to produce a wide array of IMs and IMCs™23,

Self-propagating high-temperature synthesis (SHS) is the term used to describe a process
in which reactants, usually elemental constituents, when ignited, spontaneously transform to
products due to the exothermic heat of formation. Both reactants and products are condensed
phases. Several other terms are also applied to this process, such as gasless combustion
synthesis, self-propagation combustion and self-sustaining synthesis. SHS has received
considerable attention as an alternative to conventional powder metallurgy (PM) and ceramic
processing due to several advantages. These potential advantages include lower energy
consumption resulting from less heat input and shorter processing times, lower capital investment
resulting from process simplicity, and higher product purity due to less reaction with the
processing environment. The steps involved in an SHS process, schematically shown in
Figure 2, are elemental powder preparation, cold compaction, and ignition/combustion. At this
point, the formation of the product composition is complete although there are generally
unacceptably high levels of porosity.

The study of utilizing exothermic solid-solid reactions for the production of refractory
compounds such as oxides nitrides and borides has been reported by former Soviet researchers
for over two decades?. Others have reported the successful fabrication of intermetallics such
as MoSi,2>% other silicides such as Mo,Si,, TisSiy and ZrSi?’*® and various aluminides, notably
NbAL?, NiAIZ03132 Nj;AP'* and TiAl*.

The SHS reaction is characterized by the relationships between the melting and boiling
temperatures of the reactants and the adiabatic temperature of the reaction®. The adiabatic
temperature is the peak temperature to which the products are raised under adiabatic conditions
due to the heat evolved by the exothermic reaction. This heat drives the propagation of the
combustion wave by heating the adjacent reactants. Merzhanov* devised a classification system
to describe SHS reaction mechanism by the state of the reactants (solid, liquid or gas) at the
reaction adiabatic temperature. Of the six combinations possible (the product is assumed to be
solid), when the adiabatic temperature lies between the melting point of the reactants, the molten
reactant spreads at a high rate throughout the compact, resulting in the highest velocity of
combustion. This is also known as liquid phase sintering (LPS). Complete solid state
combustion occurs when the adiabatic temperature is less than both reactant melting
temperatures, resulting in the lowest combustion velocities.

SHS composites are formed by either mechanically adding the reinforcement to the
reactant mixture or when the product consists of two or more materials formed from the
reactants. Both of these are the basis of specific processes which have been developed to
produce certain IMCs which are described in detail below.

In pure SHS, the reaction rate and the state of the product are determined by the
thermodynamics and kinetics of the combustion reaction. In many cases, this occurs in an
explosive manner leading to a product which, although it is of the desired composition, the
physical form has been degraded by excessive heating, or it contains large amounts of porosity
and must be further processed to generate the desired densification and physical form.

tive Hot Co i0]

Reactive hot compaction (RHC) is the name given to a group of processes developed
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Figure 1. Schematic of fiber reinforced composite toughening mechanisms.
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Figure 2. Typical steps in self-propagating high temperature synthesis.
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from SHS which make use of external variables to control the reaction so that a more useful
product is formed. RHC is a volumetric combustion process as the reactants are heated
uniformly within a die to the reaction temperature. Thus, the reaction initiates at many sites
throughout the mixture of reactants. The application of pressure is utilized to aid densification
and the addition of pre-reacted reactant or an inert material, such as Al,O; particles has been
shown to slow the reaction by absorbing some of the heat of formation of the product’*%,

Figure 3 shows a general description of the RHC process as applied to NiAl and NbAl,.
The important variables used to control the reaction rate and consolidation are: the shape and
size distribution of the reactants, the shape and size distribution of the inert particles (if any),
green density of the compact, heating rate, maximum temperature, the timing and magnitude of
the externally applied load and the atmosphere. As a subgroup of SHS, RHC shares many
features in common,; the reactants are blended and usually cold compacted prior to initiating the
reaction. The degree of cold compaction determined as a percentage of theoretical density can
have a great impact on the reaction rate and sequence. Deevi®® has reported that for Mo + 2Si
powders, increasing the green density of the cold compact from 51% to 59% of theoretical
resulted in the possibility of forming MoSi, directly without any of the intermediate MoSi,
phase. It appears that increasing the density improves uie interfacial contact between the
reactant particles, providing more sites for the initiation of the reaction, decreasing the distances
required for mass transport, thus decreasing compositional fluctuation in the product. On the
other hand, higher interparticle contact also increases the effective heat transfer of the powder
mass, leading to faster conduction of the heat of formation from the interface. This can lead to
loss of the self-propagating characteristic in some RHC systems’.

The effect of particle size on the structure of the product during RHC can be quite
dramatic. In producing NbAl,, Lu® found that by increasing the Nb particle size distribution
from < 10um to 10-30um. the as reacted microstructure contained a second phase of Nb,Al with
a central Nb core, whereas the smaller Nb particles produced only the 2 phase NbAl;-Nb,Al
mixture. Subsequent annealing eliminated the Nb cores via a diffusion controlled process and
increased the volume fraction of Nb,Al.

Figure 4 shows the effect of heating rate on the temperatures and peak heights on DTA
scans during RHC of NbAl,¥. Increasing the heating rate is seen to initially shift the initiation
of the formation reaction to higher temperatures, then it drops back somewhat. This is probably
the result of two competing processes, at very low heating rates, intermediate products have time
to form via diffusion controlled solid-solid reactions, as the heating rate is raised, the initiation
is shifted to higher temperatures due to the inertia of the system but coincidentally there is less
time for intermediate product formation and thus reducing that barrier to the main reaction
initiation. At some heating rate, here between 20°C/min. and 30°C/min., the intermediate
reaction product becomes negligible eliminating this barrier to the reaction initiation. Also,
increasing the heating rate increases the peak temperature. Consequently, the synthesis reaction
is accelerated by higher diffusivity and shorter diffusion distances®®*°

Philpot, et al.** studied the effect of heating rate on the combustion synthesis of nicke}
aluminides. They found two exotherms at very low heating rates, whose temperatures increased
with heating rates; at higher rates (>2°C/min.) only one exotherm occurred. In both cases, the
first (or only) peak occurred below the melting point of Al, indicating a solid-solid reaction.
In all cases where two peaks were observed, the highest temperature of the first peak was always
below the initiation temperature of the second peak. They concluded that when the heat
generated by the first reaction is sufficiently high, it initiates the second (liquid phase) reaction
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diffusion barrier in as-hot pressed Nb/NbAl, composites. (a) uncoated (b) in-situ
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and thus changes the system from two peaks to one, which incorporates both reactions.

The effects of externally applied pressure is related to the green density effect mentioned
above. In addition, the timing of the pressure application relative to the reaction sequence plays
an important role in the densification of the product. It seems that the application of the
pressure during the transient reactions is the most appropriate, as earlier pressurization might
lead to premature or incomplete reactions, whereas pressurization after the reactions would only
be hot defonnation of a porous mass, requiring further solid-state diffusion to achieve full
density.

Transient liquid phase sintering, or liquid phase sintering (LPS) is a variation of RHC
in which one of the reactants meits. or the system goes through a low temperature eutectic at
temperature below the ignition temperature during heat up*2. This molten constituent easily
flows throughout the compact by capillary forces and fills in many of the inter-particle voids
aiding in densification and increasing the reaction rate. Anton* also reports the elimination of
severe fiber damage normally associated with the consolidation of brittle fiber reinforced IMCs
when LPS techniques are employed. In the process, external pressure was applied to the system
at the melting temperature of Al in FP Alumina/TaAl,, prior to the initiation of the intermetallic-
forming reaction, followed by a further homogenizing anneal at 1200°C, presumably still under
pressure. This reporiedly resulted in a fully dense microstructure. Lu’ on the other hand,
waited until after the reaction was complete to apply external pressure to RHC Nb/NbAl,
composites and reported less then 2% porosity in the microstructure. In DRC* the pressure is
applied at room temperature prior to heating. This eliminates Al melting since the increased
contact causes the NiAl-formation reaction to initiate at 600"C, and resuits in a fully dense
microstructure after holding at 800°C for 30 minutes. In this reaction sequence, the
microstructure is not homogeneous but contains a mixture of Ni,Al and off stoichiometry NiAl.
This is homogenized by a 30 minute anneal at 1200°C.

Solid-Solid Reactions

Solid-solid reactions occur when the adiabatic temperature is below the melting
temperatures of the constituents. Thus, the reaction initiates and propagates throughout the
compact without the formation of a separate liquid phase, although the intense localized heating
caused by highly exothermic intermetallic reactions can give rise to local fusion zone which is
quickly cooled by conduction. The presence of local fusion zones is the probable mechanism
allowing 100% densification in very short processing times in the Dynamic Reactive Compaction
process briefly described by Doty, et al.®® This system normally forms by LPS as the Al melts
below the reaction temperature, but the application of pressure is shown to initiate the reaction
prior to Al melting.

In-situ synthesis of MoSi,-SiC composites via solid state displacement reactions®
and co-synthesis®' have been recenily reported. The former makes use of the reaction Mo,C +
Si -> MoSi, + SiC, while the latter utilizes the elemental powders to produce the same phases.

Mechanical alloying is a variation of the solid-solid reactive processing of intermetallics.
In this process elemental powders are mixed at very high energy levels in a ball mixer. The
impact and grinding of the balls on the powder provides the energy to initiate the reaction
sporadically during the process and to reduce the particle size of the product. Bieler, et al.®
reported mechanically alloying Ni and Al powder in liquid Nitrogen to eliminate the heat of
reaction (cryomilling) and reported the formation of NiAl-AIN nanocomposites via reaction
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and thus changes the system from two peaks to one, which incorporates both reactions.

The effects of externally applied pressure is related to the green density effect mentioned
above. In addition, the timing of the pressure application relative to the reaction sequence plays
an important role in the densification of the product. It seems that the application of the
pressure during the transient reactions is the most appropriate, as earlier pressurization might
lead to premature or incomplete reactions, whereas pressurization after the reactions would only
be hot deformation of a porous mass, requiring further solid-state diffusion to achieve full
density.

Transient liquid phase sintering, or liquid phase sintering (LPS) is a variation of RHC
in which one of the reactants melts, or the system goes through a low temperature eutectic at
temperature below the ignition temperature during heat up*. This molten constituent easily
flows throughout the compact by capillary forces and fills in many of the inter-particle voids
aiding in densification and increasing the reaction rate. Anton* also reports the elimination of
severe fiber damage normally associated with the consolidation of brittle fiber reinforced IMCs
when LPS techniques are employed. In the process, external pressure was applied to the system
at the melting temperature of Al in FP Alumina/TaAl,, prior to the initiation of the internietallic-
forming reaction, followed by a further homogenizing anneal at 1200°C, presumably still under
pressure. This reportedly resulted in a fully dense microstructure. Lu’ on the other hand,
waited until after the reaction was complete to apply external pressure to RHC Nb/NbAL,
composites and reported less then 2% porosity in the microstructure. In DRC* the pressure is
applied at room temperature prior to heating. This eliminates Al melting since the increased
contact causes the NiAl-formation reaction to initiate at 600°C, and results in a fully dense
microstructure after holding at 800°C for 30 minutes. In this reaction sequence, the
microstructure is not homogeneous but contains a mixture of Ni;Al and off stoichiometry NiAl.
This is homogenized by a 30 minute anneal at 1200°C.

Solid-Solid Reactions

Solid-solid reactions occur when the adiabatic temperature is below the melting
temperatures of the constituents. Thus, the reaction initiates and propagates throughout the
compact without the formation of a separate liquid phase, although the intense localized heating
caused by highly exothermic intermetallic reactions can give rise to local fusion zone which is
quickly cooled by conduction. The presence of local fusion zones is the probable mechanism
allowing 100% densification in very short processing times in the Dynamic Reactive Compaction
process briefly described by Doty, et al.”? This system normally forms by LPS as the Al melts
below the reaction temperature, but the application of pressure is shown to initiate the reaction
prior to Al melting.

In-situ synthesis of MoSi,-SiC composites via solid state displacement reactions*
and co-synthesis®' have been recently reported. The former makes use of the reaction Mo,C +
Si -> MoSi, + SiC, while the latter utilizes the elemental powders to produce the same phases.

Mechanical alloying is a variation of the solid-solid reactive processing of intermetallics.
In this process elemental powders are mixed at very high energy levels in a ball mixer. The
impact and grinding of the balls on the powder provides the energy to initiate the reaction
sporadically during the process and to reduce the particle size of the product. Bieler, et al.**
reported mechanically ailoying Ni and Al powder in liquid Nitrogen to eliminate the heat of
reaction (cryomilling) and reported the formation of NiAl-AIN nanocomposites via reaction
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synthesis.

Jayashankar and Kaufman* also mechanically alloyed MoSi, with C to reduce the silica
at grain boundaries. Weight losses during processing were reported (4% at 1550°C and below,
8% at 1700°C), although to a much lesser extent than that observed previously®. This study®
suggested that above 1700°C, the weight loss is caused by the volatization of silicon from the
matrix. Therefore, control of temperature and vacuum conditions could be utilized to prevent
weight loss.

Costa ¢ Silva and Kaufman*® have also used mechanical alloying and in situ deoxidation
of MoSi, to reduce the silica phase. In this study, varying amounts of aluminum were alloyed
with MoSi, powders then hot pressed. Aluminum additions, up to 4.1 wt%, resulted in
formation of a-AlO, out of all oxide inclusions. Increased wt% of aluminum resuited in
formation of a Mo(SiAl), phase. The volume of alumina formed was approximately 60% of that
of the initial silica. These alloyed composites showed a slight increase in indentation fracture
toughness (4.3 MPav'm for the alloy as compared to 3.6 for the monolithic matrix). Srinivasan
and Schwarz*’ also report fabrication of ultrafine structures in MoSi, based alloys via mechanical
alloying. The structures were fully dense, but still lacked room temperature ductility.

DEVELOPMENT OF COMPOSITES VIA RHC PROCESSES

Each alloy/reinforcement system presents a unique set of thermodynamic and kinetic
factors. For successful intermetallic matrix composites to be fabricated via RHC, the process
must be optimized based upon the specifics of the application. These parameters not only
control the reaction sequence and rate but also the density and the microstructure of the resulting
IMC. Since many of the IMC systems under development are artificial composites, and thus
a state of non-equilibrium likely exists between matrix and reinforcement. It is therefore
necessary to control the interaction between the reinforcement and the matrix via application of
a diffusion barrier coating at the interface. The interfacial coating must perform at least 3
functions.  First, it must prevent the chemical interaction between the matrix and the
reinforcement throughout the temperature range of exposure, both during manufacture and in
service. The coating must also provide the proper degree of bonding required by the composite
to aid strengthening and/or toughening since the interface has been shown to control fracture
mechanisms®'"'2, Finally, the coating must also withstand and transfer the stresses induced by
differential expansion rates of the matrix and reinforcement due to thermal cycling and
mechanical loading.

An example of such an interface coating during RHC was reported for ductile filament
reinforced NiAF? and NbAly. In both of these cases, the ductile reinforcement (Nb) was
preoxidized to form a surface layer of Nb,O;. Subsequent elevated temperature processing
converted the Nb,Os; to ALO, prior to any discernable matrix/reinforcement interaction.
Although the results were similar, the processing routes, necessitated by the individual systems
were different. For NbAL, heating caused the melting of Al which spreads throughout the
remaining Nb powder, providing ample opportunity for both transient liquid phase sintering to
aid densification and direct contact between liquid Al and the oxidized Nb surfaces. This
allowed a uniform AlLO, interface to develop, followed by diffusion controlled completion of
the conversion from Nb,O; to ALO;. In NiAl on the other hand, the synthesis reaction initiates
prior to the melting of aluminum and proceeds by generating intense localized heat which may
cause a very small local molten zone briefly as the reaction progresses before the heat is
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conducted away. It seems that the wide solubility range of NiAl allows easy transfer of Al
atoms to the Nb reinforcement to reduce the Nb,Os to Al,O, which is aided by the intense local
heating.

Figure 5 shows the results of high temperature annealing of RHC-produced NbAl, both
with and without the in-situ diffusion barrier coating®’. Excessive interaction is seen between
the matrix and reinforcement in the absence of the diffusion barrier whereas with the coating,
the integrity of the interface is maintained for 100 hrs. at 1200°C. Figure 6 gives the results
of Four Point Bend Testing of chevron-notched bars of RHC Nb/NbAI, composites with and
without the interfacial coating compared to monolithic NbAl,. For the coated specimen, the load
rises sharply, then oscillates over a relatively stable load, indicating matrix fracture. Then the
load decreases in a stepwise manner indicating fiber pull-out and failure of multiple fibers in
succession. The uncoated fibers, however, are characterized by a strongly bonded interface and
the fibers failed in a ductile mode, due to multiple matrix cracking of the brittle (=2MPav'm)
NbAl, matrix, allowing the formation of a discrete "gage length” to allow ductile failure.
Although the toughnesses were similar in the as-processed condition, the inherently unstable
nature of the uncoated interface, as shown in Figure 5, will degrade the properties over time as
the reinforcement is consumed by the reaction products.

In a study by Costa e Silva and Kaufman*', diffusion barriers for Nb filaments in a MoSi,
matrix were formed following the procedure described by Doty and Abbaschian®. After an
oxide coating was formed on the surface of the filaments, these filaments were hot pressed with
a MoSi,/10.4 wt% Al mixture, forming an in situ alumina coating on the filaments. In addition,
the aluminum also acted as a deoxidant in the MoSi, matrix. The analysis of these samples*!
revealed that the matrix/reinforcement interaction was substantially reduced by the coating.

MECHANICAL PROPERTIES

Monolithic silicides have been toughened by adding reinforcements to the matrix before
processing. For example, SiC is frequently composited with MoSi, due to its thermodynamic
stability with the matrix, in addition to its high melting point, excellent oxidation resistance, and
high modulus. Several studies™****%' have reported imr..ovements in the fracture toughness of
a MoSi,/SiC composite over the base MoSi, matrix. Figure 8 shows the effect of a small
addition of carbon (2 wt. %) on the fracture toughness of MoSi, as a function of temperature,
compared to monolithic MoSi,*. It was noted that the whiskers were strongly bonded to the
matrix; therefore, fiber pullout was not the significant contribution to the observed increased
toughness. Suggested explanations for the toughness increases*™** are crack deflection due to
the residual stresses caused by the difference between the CTE's of MoSi, and SiC.
Bhattacharya and Petrovic*’ concluded that the fracture toughness of a MoSi,/SiC composite is
dependent on the amount of SiC added. They found that toughness was optimized at a 20 vol%
content of SiC particles. At this level, indentation fracture toughness was increased from 2.85
MPav'm in the monolithic MoSi, to approximately 4 in the composites. Figure 9 shows the
effect of increasing volume fraction SiC and TiB, on the yield stress as a function of
temperature>?.

The addition of brittle reinforcements and mechanical alloying to silicide matrices has
also been shown to reduce creep™*****. Two studies™* have used mechanical atloying and SiC
additions to improve the creep resistance. Since WSi, has a higher melting point and elastic
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Figure 7. SEM micrographs of fracture surfaces (a) unalloyed MoSi, and (b) MoSi,
with aluminum addition*. The particles in (a) are SiO; and the particles in (b) are

ALO,.
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modulus than MoSi,, it is expected that alloying with MoSi, would decrease creep rates. This
was demonstrated®-*, although Sadananda et al.* found it to be more pronounced at
temperatures below 1300°C. It was also shown that additions of SiC whiskers were successful
in decreasing creep rates by impeding the motion of dislocations and grain boundaries, thus
decreasing the deformation process in the matrix.

In recent studies™ %8, zirconia particles have been added to a MoSi, matrix in order to
improve the room temperature fracture toughness. Metastable zirconia particles transform to
a more stable crystallographic form by means of a martensitic transformation, either when
cooled or when stressed in the vicinity of an advancing crack tip. The volume change associated
with this transformation causes increased dislocation density and matrix microcracking, leading
to increased fracture toughness in these composites. The degree of toughening is dependent upon
volume fraction of zirconia, transformation zone and particle size, and alloying additions to the
zirconia®’.

Petrovic et al.>* used partially stabilized (with Y,0,) and unstabilized ZrO, to reinforce
a MoSi, matrix. The best improvement in room temperature fracture toughness was seen in the
unsiabilized ZrQ,, with an improvement from 2.6 MPavm for pure MoSi, to 7.8 for the ZrO,
toughened matrix®, They also noted the necessity of a homogeneous distribution of particles
in the matrix, something which had been achieved in other composites through in situ
processes”. Another study®® showed a slight increase in material properties of ZrQ,/MoSi,
composites over base MoSi, and cited grain bridging and crack branching as two likely
contributions to the increased toughness.

The toughness of silicides has shown substantial improvement with the addition of ductile
reinforcements in many systems including MoSi,/Nb2%¢! Nb,Si,/Nb, and Cr,Si/Cr®?. The
increased toughness is attributed to crack bridging and energy dissipated in plastic deformation
of the ductile ligaments. However, the ductile reinforcements often used in silicide composites,
refractory metals, possess poor oxidation resistance, a problem compounded at elevated
temperatures.  Therefore, the recognition of suitable coatings for these refractory metals
reinforcements is necessary to reduce interphase diffusion in service.

Coatings can also promote fiber debonding from the matrix, reducing matrix constraint
on the fiber, thus allowing the fiber to plastically deform as expected. If the reinforcement is
not coated, the reaction with the matrix will be strong and hence the bond there will also be
strong. Oxides of zirconium™®'’, and aluminum®®¢.6.5 have 3lI been shown to be
successful in reducing the reaction between MoSi, and Nb. A more dense oxide coating
provided better diffusion protection®® something achieved when a physical vapor deposited
(PVD) coating was used instead of a sol-gel coating®. These studies®® noted that the coatings
were not effective if cracked, something which could occur if the coatings were too thick®* or
damaged during processing. Xiao and Abbaschian®*>* have done extensive research using Al,O,
and ZrO, coatings on Nb laminates in a MoSi, matrix, investigating the resulting effects on
interfacial fracture toughness and consequently composite mechanical behavior. Both oxides are
stable in these composites. Moreover, ALO;, Nb, and MoSi,, have coefficients of thermal
expansion (CTE) which correlate well, which should help prevent residual stresses during
processing. ZrQ, has a slightly higher CTE.

In their study®*2%, 20 vol% Nb/MoSi, composites were made in three states: uncoated
Nb, Nb coated with ALO;, and Nb coated with ZrO,. In the uncoated-Nb composite, the Nb
and MoSi, reacted extensively to form a significant multiphase region. In the coated-Nb
samples, the width of the interaction region was reduced significantly. Also, the number and
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Figure 10. Resuits of mechanical testing performed on M0S8i,-20 vol% laminate Nb
composites showing the effects of coating the Nb laminates®. (a) is stress-
displacement curves from pre-cracked tensile specimens and (b) is load-displacement
curves from bend specimens.

type of interphases produced were changed. The composition of the interphases indicated that
the coatings effectively suppressed diffusion of molybdenum and niobium across the coatings,
and, in the case of the Al,O, coating, silicon as well.

As the reactions at the interface change, so does the fracture energy at the interface.
This in turn will determine how much debonding occurs at the interface. Low fracture energy
leads to increased debonding and therefore less reinforcement constraint. The less the
reinforcement is constrained, the more it is allowed to plastically deform and continue to bridge
the crack®. In another study by Xiao and Abbaschian®, the oxide coating was found to reduce
the fracture energy at the interface. The ZrO,-coated Nb composite showed the least fracture
energy, the uncoated the greatest, thus demonstrating the inverse relation of decohesion length
to interface fracture energy.

The results of tensile testing demonstrate the relationship between the coating, debond
length, and composite mechanical properties®*2, The uncoated foil composite systems
demonstrated the highest peak load, followed by the Al,O;-coated, then the ZrO,-coated foils.
However, the ZrO,-coated Nb shows the highest work of rupture, measured as the area under
the load-displacement curve. These results demonstrate that as the decohesion length decreases,
so does the work of rupture, but the peak load increases. Four-point bend tests were conducted
on the same composites to determine fracture toughness. It was found that the coated systems
show an increase in the load carried in the latter part of the curve. At this stage, the ductile
reinforcement is participating heavily in the fracture process, due to interface debonding to
relieve foil constraint in the matrix. As a result, the area under the load-displacement curve is
much greater in the coated-Nb composites.
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The amount of the constraint can be seen through examination of the characteristics of
the fracture surfaces of the ruptured Nb foils® in the MoSi, matrix. The Al,O,-coated Nb
showed ductile rupture while the ZrO,~coated and uncoated Nb showed mixed mode fracture
(dimple rupture and cleavage). These results seem to contradict the above logic concerning
debond length and expected reinforcement ductility. One possible explanation for these results
is embrittlement of the Nb foils®? by oxygen present in the ZrQ, coating.

The curves from the tensile and bend tests demonstrate trends in peak stress and total
energy to fracture for uncoated and coated laminate composites. They seem to indicate that
whether or not strong bonding is desired depends upon the criterion used for toughness®*>.
Thus, if peak load is the criterion, strong interfaces are preferable, but if work of fracture is
used, a weak interface is desirable.

SUMMARY

The fabrication difficulties associated with high temperature structural materials have
been reduced significantly in the case of many intermetallics and intermetallic matrix composite
by utilizing reactive processing techniques. Extremes of temperature and pressure are no longer
required to fabricate IMCs and thus their deleterious effects have been greatly diminished. A
variety of techniques has been developed to exploit the wide range of reaction dynamics
accompanying each specific system, and to impose control over the reaction sequence or the
reaction rate to facilitate the formation of a specific reaction product or to enhance densification.

Various in-situ processes have been developed to form IMCs via reactive processing.
Interfacial coatings and reinforcements have been formed during processing by manipulation of
the reactants and/or the reaction sequence itself.

Finally, the effect of increased control over the processing parameters has had a
beneficial impact on both the integrity of the composite and the mechanical properties. The
processing variables can be used to develop interfaces with desired chemical and mechanical
properties.
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SINTERING OF MoSiy

JJ. PETROVIC AND J.S. IDASETIMA
Materials Division, Group MTL-4, Los Alamos National Laboratory, Los Alamos, NM
87545

ABSTRACT

Despite the fundamental nature of sintering and its importance as a low cost
fabrication process, little information exists on the sintering behavior of the structural silicide
MoSiy. The sintering of commercial MoSiy powders in the range of 1-10 um was
investigated as a function of sintering temperature, sintering time, and sintering atmosphere.
Initial densities for uniaxially cold pressed powders were in the range of 47-56% theoretical.
A maximum sintered density of 90% of theoretical was achieved for 1 pm MoSi; powders

after sintering for 100 hours at 1600 OC in an argon atmosphere. Larger 10 um MoSia

powders achieved lower sintered densities under these conditions. Avenues to optimize the
sintering behavior of MoSi, are suggested.

INTRODUCTION

The borderline ceramic-intermetallic compound MoSij is considered to be a promising
high temperature structural material due to its combination of high melting point, superb
elevated temperature oxidation resistance, brittle-to-ductile transition, and electrical
conductivity [1]. Because of their high melting points, most ceramic materials are fabricated
into consolidated shapes by the pressing and sintering of powders, and there has been a
tremendous amount of research performed on the sintering of ceramics. Sintering is an
attractive processing route because it is a simple, inexpensive processing approach of
importance to commercial applications. However, somewhat surprisingly, there has been very
little work performed on the sintering of MoSiy and MoSi; composites. Previous work on
the sintering of MoSiy has been performed by Fitzer et.al. (2,3]. The purpose of the present
investigation was to provide information on the sintering of MoSiy powders as a function of

powder size, temperature, time, and sintering atmosphere.

EXPERIMENTAL

The commercial MoSiy powders employed for this study were H.C. Starck Grade A

and Grade C. The Grade A material has an average particle size of approximately 10 um,
while the Grade C material has an average particle size of approximately 1 um. The Grade A
material is reported to contain 0.5 wt.% oxygen, while the Grade C contains 2.0 wt.%
oxygen. These powders were uniaxially cold pressed into green bodies of dimensions 12.7
mm diameter by approximately 6.35 mm thickness at a pressure of 138 MPa. No binders
were used in the green pressing. The Grade A material exhibited an average green density of
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56% of theoretical, while the Grade C material showed an average green density of 47% of
theoretical.

A high temperature dilatometer was employed to measure the change in length of the
green bodies during continuous heating to a temperature of 1550 ©C. The heating rate in
these dilatometer runs was approximately 3 °C/minute. Dilatometer runs were performed in
atmospheres of argon, argon-6 % hydrogen, and 10-3 torr vacuum. Isothermal sintering runs
were performed for one hour holds at temperatures of 1300, 1400, 1500, and 1600 ©C, and
for times of 1 hour, 10 hours, and 100 hours at 1600 ©C. Heating rates for these isothermal

runs were approximately 15 ©C/minute. All isothermal sintering runs were performed in an
argon atmosphere.

Sintered densities were measured both geometrically on the sintered specimens, and by
the liquid immersion technique for porous materials described by Pennings and Grellner [4].
A water medium was employed for the immersion density measurements. Optical and SEM
microscopy was employed to characterize sintered microstructures, and to detect any phases
formed as a result of the sintering process.

RESULTS AND DISCUSSION

Dilatometer Results
The results of dilatometer sintering runs on the MoSiy powders are shown in Figure 1.
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Figure 1. Dilatometer Results for Starck Grade A and Grade C MoSiy Powders
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These dilatometer results clearly show that the onset of MoSiy sintering occurs at a

temperature of 1100 °C. Sintering atmosphere has little effect on this initial sintering
temperature. The slight increase in length observed in some of the sintering runs at
approximately 1000 OC is not understood at the present time. The Grade C material exhibits
a higher sintering rate than the Grade A material, due to its finer particle size. The presence
of hydrogen in the sintering atmosphere appears to accelerate the rate of sintering somewhat.
Faster sintering in hydrogen-containing atmospheres has also been observed previously for
MoSi3 [2]. A vacuum atmosphere accelerates sintering slightly for both the Grade A and
Grade C materials. Fitzer et.al. [2] have reported that weight losses occur during the vacuum

sintering of MoSiy.

Isothermal Sintering

Isothermal sintering results are shown in Figures 2 and 3. In Figures 2 and 3, both the
measured geometric % theoretical density and the measured immersion % theoretical density
are plotted. Immersion densities tended to be higher than geometric densities. Generally,
density increases with increasing sintering temperature, as expected. The extent of
densification is significantly greater for the Grade C material as compared to the Grade A
material, despite the fact that the Grade C material had the lower initial green density. For a
one hour hold at 1600 ©C, the maximum density attained by the Grade C material was 85%
density, while the maximum density for the Grade A material was only 65% density. As
shown in Figure 3, sintering time had only a secondary effect on the extent of sintering at

1600 ©C. Most of the densification took place within a ten hour sintering time.
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Figure 2. MoSij Sintered Density versus Temperature
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A maximum density of 90% theoretical was attained for the Grade C material after a 100 hour

hold at 1600 ©C. The reason for the lower immersion density value of the Grade A material
at a 100 hour sintering time is not known at present.
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Figure 3. MoSi; Sintered Density versus Time

Sintered microstructures exhibited classical sintering features. Extensive neck
formation was observed in Grade A and Grade C materials sintered for 1 hour at 1300 °C,
while interconnected porosity was observed for 1 hour sintering at 1600 °C. An isolated
porosity microstructure was seen in the Grade C material sintered for 100 hours at 1600 ©C.
Although not detected by x-ray diffraction, SEM analysis showed the presence of the MosSi3
phase in the Grade C material sintered for 100 hours at 1600 ©C in argon. The formation of

this phase was also noted by Fitzer et.al. [2] after sintering for 3 hours at 1700 ©C in a
hydrogen atmosphere. The MosSi3 phase likely results due to Si loss occurring during the

sintering process.

Sintering Theory

P B

The current state of sintering theory has been nicely summarized recently by Hansen
et.al. [5]. These authors also present a combined-stage sintering model which can describe all
the three stages of the sintering process. Stage 1 sintering involves the initial formation of
necks between sintering particles. Stage 2 sintering is associated with extensive neck
formation and the development of an interconnected network of porosity. In Stage 3
sintering, pores have become isolated from each other. In Hansen et.al., the cell sintering
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geometry proposed by DeHofT [6] is employed to describe the various stages of sintering in a
continuous fashion. This is coupled to a fundamental sintering model of a grain boundary
intersecting a pore, which is considered to apply to all stages of sintering. The Hansen model
results in the following expression for the change in length of a body during sintering [5]:

dinL/dt = (yQkT) GDyly/G4 + D\T'/G3) )

In this expression, L is the sintering specimen instantaneous length, y is the surface energy, Q
is the atomic volume, k is Boltzmann's constant, T is absolute temperature, 3 is the grain
boundary diffusion width, Dy, is the grain boundary diffusion coefficient, Dy, is the volume
difffusion coefficient, and G is the particle or grain diameter.

In Equation (1), the terms I'y, and Ty, are a function of scaling factors which represent
specific features of the microstructure that influence the kinetics of sintering. These terms
contain information that describes the driving force of the microstructure for sintering
(curvature), efficiency for diffusional transport (mean diffusion distance and area available for
diffusion), and the rate at which mass transport is converted to shrinkage (base to centroid
distance and grain boundary area). Hansen et.al. [5] have provided estimates of these terms
as a function of density during sintering.

The present sintering results for MoSiy have shown that sintering is more rapid for
finer initial powder particles than for coarser particles. This is consistent with the predictions
of Equation 1. At present, very little information is available concerning diffusion coefficients
in MoSiy. From oxidation experiments, the activation energy for Si diffusion in MoSiy is
reported to be 250 kJ/mole [7,8). From creep experiments, Sadananda et.al. [9] have
indicated that the activation energy for Mo diffusion in MoSis is in the range of 350-540
kJ/mole, and more likely closer to 350 kJ/mole. These very limited diffusion data might
suggest that Mo is the slower diffusing species in MoSip, and would then control the sintering

behavior of MoSip. However, at the present time this is a very tentative conclusion at best.

In many ceramic materials, grain boundary diffusion often tends to dominate over volume
diffusion during the sintering of ceramic powders. Currently, no grain boundary diffusion
data exist for MoSiy.

ASSESSMENT OF MoSiz SINTERING

The sintering of MoSiy powders begins at a temperature of 1100 °C. The extent of

sintering increases with decreasing powder size, and shows some sensitivity to the sintering
environment. Hydrogen-containing environments may promote the sintering process. A

sintering temperature of at least 1600 OC is required to sinter 1 um powders to density levels
in the range of 85-90% theoretical density in times less than 100 hours. Larger size MoSip

powders exhibit lower levels of densification under these conditions. Silicon loss during
sintering can result in the formation of an MosSi3 second phase in the sintered

microstructure.
Key aspects to increasing the sintered density of MoSiy powders involve green

density, sintering temperature, and sintering atmosphere. It is generally observed for ceramic
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powders that, under fixed sintering conditions, the final sintered density is roughly
proportional to the initial green density. Thus, increasing the green density to as high an
initial level as possible is clearly desirable. This can often be achieved by increasing pressing
pressures (as with cold isostatic pressing), and by employing bimodal or multimodal particle
size distributions. Generally, increasing the sintering temperature promotes the level of
densification much more than increasing the sintering time. Larger particle size MoSi;
powders will require sintering temperatures in excess of 1600 ©C, probably in the range of
1700-1800 ©C. Silicon loss at these higher temperatures may lead to significant levels of in-
situ MosSi3 phase in the sintered microstructures, but this may actually be desirable if the
second phase formation leads to mechanical property improvements. Finally, hydrogen-
containing sintering atmospheres appear to promote the sintering of MoSiy, possibly by
reducing silica layers present on MoSi; powders.
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COMBUSTION SYNTHESIS OF MoSiz AND MoSi;-COMPOSITES.

K. MONROE, S. GOVINDARAIJAN, J.J. MOORE, B. MISHRA, DL. OLSON, and J.
DISAM*. Dept. of Metallurgical and Materials Eng., Colorado School of Mines, Golden, CO
80401. *Schott Glaswerke, Mainz, Germany.

ABSTRACT

MoSiy and MoSip-composites are potential candidate materials for both high-temperature
coatings and structural components. The application of combustion synthesis and hot pressing in
the production of dense MoSiy and MoSi- composites, i.e., MoSi»-SiC, MoSiy-Mo, is currently
being studied. Selection of compositions was based on oxidation resistance, thermal expansion,
thermodynamic stability, and compatibility. Functionally-graded materials (FGM's) of these
composite material systems are also currently being studied.

INTRODUCTION

In recent years, intermetallics have been studied because of their potential use for high
temperature structural applications. Molybdenum disilicide and it's composites have been shown
to be excellent candidate materials due to their high-temperature oxidation resistance!-2 . The
primary factors that have contributed to the choice of MoSi; as a matrix material for high
temperature structural composites or coatings are: (1) a high melting point of around 2300K; (2)
low density (6.24g/cc) when compared with nickel-based superalioys; (3) superior oxidation
resistance; (4) high temperature strength; and (5) high thermal and electrical conductivity.

However, MoSij is very brittle and exhibits low toughness at room temperature, has poor
strength and crecp resistance, and can also exhibit "pesting” between 673K and 873K} During
the last two decades, there has been a strong research effort directed towards the development of
MoSip-based composites 124, Amongst these composites, MoSi7-SiC appears to offer the best
combination of oxidation resistance and mechanical properties.  Self-propagating high
temperature (combustion) synthesis (SHS) has been used in some cases to produce these
compositess-7. It is well established®.? that an exothermic reaction system becomes self
propagating when (AHo_ 298 /| C°p 298) > 2000 , where AH°ﬁ 298 » C°p agg are the heat of
formation (reaction) and heat capacity, respectively, of the products, e.g. MoSij.

. Based on these considerations, a program for assessing different processing routes and the

‘ effects of different processing parameters on the production of MoSiy, MoSi3-SiC composites
and functionally-graded composite materials was initiated. In order to achieve a dense product,
hot pressing has been used in conjunction with simultaneous combustion synthesis. The
preliminary results are discussed below.

RSP SO

EXPERIMENTAL PROCEDURE

Molybdenum (<10um), silicon (<7um) and carbon (<20um) powders were compacted under
loads varying from 454kg to 3178kg in a 13mm (diam.) die to provide a range in green density
from 53% to 63%. In the case of the functionally-graded material (FGM) samples, individual

13
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layers of varying stoichiometry to provide varying ratios of MoSiy:SiC were mixed and manually
stacked, one above the other, prior to compaction. Three different processing routes were
followed. SHS was carried out in the propagating mode in an argon-filled chamber (Figure 1) and
the green peilet ignited by a tungsten coil. The ignition (T;o) and combustion (T.) temperatures
were determined by a thermocouple (W-26wt‘/.RelW-5wt'§.Re) inserted in the sample as well as
an infrared pyrometer. Simultaneous combustion synthesis, in which the whole pellet is heated to
Tig and ignites simultaneously, was also ignited using a second reaction chamber (Figure 2). A
combination of simultancous combustion synthesis and hot pressing was also carried out in a third
reaction system (Figure 3). On detection of the reaction exotherm, the sample was hot pressed
under an applied pressure of up to 4680psi (32.3MPa). The samples were characterized using
optical and scanning electron microscopy, X-ray diffraction (XRD), and density measurements
were made using immersion in water and steam techniques.

— .
. | — P Gas
A [
| Savgte Tates Tarmootlt  Weper e l Raduces Tebom
+Ue" Covm Tbe Shecd Fayvies
| Coppus ctacets 14__\_‘:;-_ . /
( el
g2 “’
e hom Shatt Drdied To
Thvough Viaca  Thwasbod
-‘/wﬂ- Oy St gy, Coumecir
VA" Suageioh
© vana the and vout Tee
e - gt

Figure 1. Schematic representation of the self- Figure 2. Schematic representation of the
propagating combustion synthesis chamber. simultaneous combustion synthesis chamber.

Figure 3. Schematic representation of the simultaneous combustion and hot pressing chamber.
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RESULTS AND DISCUSSION

SHS experiments conducted in the propagating mode using Mo and Si stoichiometric ratios
corresponding to MoSiy with green densities from 53% to 63% resulted in a decrease in the
combustion temperature with increasing green density. This decrease was ascribed to the
increased heat losses resulting from higher thermal conductivities of samples with increasing green
density. The reacted samples consistently exhibited around 60% pores irrespective of green
density and is largely due to the molar volume change accompanying the reaction (around -40%
for MoSig8). Therefore, hot pressing was needed to achieve higher densities. X-ray diffraction
analysis on the reacted samples indicated complete reaction to MoSis, with no traces of Mo3Si or
MosSi3.  Scanning electron microscopy (SEM) of the reacted samples indicated a distinct
variation in morphology between the top (closest to the tungsten heating coil) and bottom (where
the reaction terminated) of the sample. Significant melting and a high level of porosity was
observed at the top of the sample - a direct effect of the heating coil. These preliminary results
confirmed the possibility of producing MoSiy by the propagating mode of SHS and the necessity
of resorting to hot pressing to achieve dense products.

SHS of Functionally-Graded Materials (FGM's) of MoSi> + X SiC by the propagating mode

A FGM of MoSiy (CTE = 9.7x10°5K-! at 1873K)+ X SiC (CTE = 6.2x10-6K-! at 1873K)
with a gradually varying CTE profile was designed. A six-layer FGM was designed with X
varying as follows: 0, 0.25, 0.5, 1.0, 1.5 and 2.0. The samples were heated from the MoSi; - rich
sides and were found to react about 33% through the sample, with the reaction quenching out at
higher levels of SiC, i.e. X>0.5. An interesting obscrvation was the fact that the sample height
(and, consequently, the heating rate) strongly affected the extent of the reaction. XRD analysis of
the partially reacted samples showed MoSis , SiC, and smali amounts of vnreacted Mo, Si and C
to be present. SEM photomicrographs of the partially reacted samples revealed melting had
occurred at the top of the sample (i.e. MoSij rich layer, close to the tungsten ignition coil) while
unreacted graphite graphite flakes were present in the region where the reaction had quenched
out. The size of the MoSi, grains was approximately 1-3um.

FGM samples composed of 3 layers (X = 0, 0.25, and 0.5) reacted fully in the propagating
mode, and XRD analysis again confirmed MoSi, and SiC to be present with small amounts of Si
and C. The unreacted Si and C is possibly due to the large graphite particie size and the fact that
individual particles of Si and C may not be in intimate contact at these low stoichiometries. This
can be overcome by using finer particle sizes (e.g. carbon black). As with MoSiy, the samples
exhibited a distinct variation in morphology of products between the top and bottom. Based on
the above results, it was concluded that to minimize porosity and enhance the conditions required
for the reaction to go to completion, the best processing route would be to use simultaneous
combustion (SC) and hot pressing (HP).
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Synthesis of Individual Lavers of MoSiy + X SiC by Simultaneous Combustion (SC) and Hot
Pressing(HP) Procedures
Four reactions were studied for use in the synthesis of MoSiy + X SiC, as follows:
Mo + 2 Si + X SiC — MoSip + X SiC )
Mo + (2+X) Si + X C - MoSip + X SiC )
1/2 Mo, C + 5/2 Si + X/2 SiC — MoSij + (1+X)/2 SiC 3)
1/2 MoyC + (4+X)/2 Si + (X-1)/2 C - MoSig + X/2 SiC 4)

The most exothermic reactions are (2) and (4), with both reactions fully reacting in the
simultaneous combustion and hot pressing modes when X was less than 1. The samples were hot
pressed just after observing the exotherm on the thermocouple. A pressure of 33MPa was
applied at this point and reapplied once a minute for 5 minutes, then held for 5 minutes, at 1873K.
All reactions were conducted in an argon atmosphere. Reactions (1) and (3) were incompletely
reacted, with MoSi,, SiC, and varying amounts of Si and C observed in the X-ray diffraction
data. Reactions (1) and (3) used SiC as a diluent, and because these reactions are not highly
exothermic, they are unable to fully react under these conditions. Examination of the
photomicrographs (Figure 4 (a,b)) and XRD analysis of the products from reaction (2) show both
the center (a) and surface (b) to be fully reacted for values of X<0.5. The average density was
determined to be 89% of the theoretical density, but it is evident from the photomicrographs that
the surface is very porous while the center is extremely dense. Further research will be carried
out on reactions (2) and (4), with varying amounts of SiC used to build the FGM layers.

@ ®)

Figure 4. Center (a) and surface (b) regions of the reaction [Mo+2.58i+0.5C — MoSiz+0.5SiC)
synthesized by simultaneous combustion and hot pressing in argon.

Synthesis of MoSip + X SiC by Simultaneous Combustion and Hot Pressing in Vacuum

The reaction [1/2 Mo,C + 3 Si + 1/2 C —» MoSiy + SiC) was reacted and hot pressed in a
vacuum atmosphere. Preliminary results appear to be very promising, in that the samples which
were reacted under vacuum have a much more uniform structure throughout the sample than
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those reacted in argon. This is most likely due to the lack of gas being trapped in the sample.
The microstructure of the center (a) and surface (b) of a sample which was pressed under
atmospheric loading (no applied force) are shown in Figures S (a) and (b) respectively. Very
uniform porosity and microstructures were observed in both regions of the sample. Future work
will be conducted using hot pressing at much higher loads.

(a) (®)

Figure 5. The center (a) and surface (b) of the reaction [1/2MoyC+3Si+1/2C — MoSi; +SiC]
synthesized by simultaneous combusticn in a vacuum atmosphere without hot pressing.

Discussion

The enthalpy-temperature diagrams for the synthesis of MoSiy + X SiC are shown in Figure 6.
The SiC additives (X SiC) to the SHS reactants act as "diluents” and reduce the adiabatic
temperatures. The resulting microstructure of the product phases has been shown to be
controlled by T, in that lowering T¢ will refine the particle size of the phases and, therefore,
affects the mechanical properties®. Examination of the enthalpy-temperature data and the criteria
for a reaction to be self-sustaining suggest that the formation of MoSiy by SHS is possible, as
shown experimentally. However, addition of X SiC reduces the exothermicity of the reaction and
at a certain level, the reaction will quench out. In the case of FGM's, the presence of 100%
MoSiy layers in the top of the samples provides sufficient heat to allow the reaction to propagate
past the layers where the reaction should have theoretically been quenched out. Consequently,
the use of SHS experiments on individual layers of the FGM, to predict the extent to which the
reaction will propagate, may not be a suitable indicator.

CONCLUSIONS

(1) Pure MoSi; has been synthesized by reacting stoichiometric proportions of Mo and Si, using
the SHS technique. The product porosity was ~ 60%, irrespective of the initial green density.

(2) Functionally-graded materials MoSiy + X SiC were produced using the propagating mode of
SHS. The reaction quenched out at higher concentrations of SiC, i.e. when X>0.5. Below
X=0.5, the product was MoSij, SiC, and small amounts of unreacted Si and C.
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(3) Individual layers of MoSi3 + X SiC were produced by the simultaneous combustion and hot

pressing modes. The most exothermic reactions appear to be the following:

Mo + (2+X) Si + X C = MoSiz + X SiC

1/2 MozC + (4+X)/2 Si + (X-1)/2 C - MoSis + X/2 SiC
Photomicrographs of the reacted samples showed uneven porosity throughout the sample.
Product phases were MoSij and SiC as found by X-ray diffraction.

(4) 172 MoyC + 3 Si+ 1/2 C —» MoSig + SiC reacted by simultaneous combustion in a vacuum
atmosphere had more uniform porosity than samples reacted in argon. This process may
provide dense, uniform hot pressed microstructures and fusther research will be done in this
area.

(x+2y)Si + xC * yMo —— xSIC + y MoSL.
m L] L] v L T ¥ l
00 [ et
—— 20, y=1 e’ . ?
. ol _._‘.1';:1 T ST ]
b —e xet, yu0 k|
3001 - estimated data I
20} -
_' o
: £ 1o}
! g 100 |-
_é o
g o
g =
-100 - : : :
sl N NN
0 500 1000 1500 2000 2500 3000 3500 4000
Temperature, K
Figure 6. Enthalpy-Temperature diagram for the X SiC + Y MoSij system.
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COMBUSTION SYNTHESIS OF MOLYBDENUM DISILICIDE AND ITS
COMPOSITES

SEETHARAMA C. DEEVI .
Research and Development Center, Philip Morris, USA, Richmond, VA 23234-2269.

ABSTRACT

A combustion wave originating from an exothermic reaction between Mo and Si propagates
through the reactants converting Mo-2Si mixture to MoSij. X-ray analysis of the product
confirmed that the product is single phase MoSiy with no second phase or reactants when

combustion synthesis experiments were carried out in argon. The oxygen content of the product
was 0.22 wt.%. When the mixture was reacted under pressure in a hot press, the product
obtained was also MoSij, and a theoretical density up to 92% could be achieved. Heating of a

mixture of Mo and Si with C leads to the formation of MoSi7 with a dispersed SiC phase.
INTRODUCTION

Among the silicides of transition metals, molybdenum disilicide (MoSip) is an attractive

candidate for high temperature structural applications, due to its high melting point of 2020 OC,
stable electrical resistance over long periods of time, self-healing ability due to the formation of a
highly protective and continuous amorphous silica layer, and excellent oxidation and thermal
shock resistance [1]. Several methods have been reported for the synthesis of MoSiy. Brewer
et al {2] synthesized high-melting silicides of Mo by mixing and heating 100 to 400 mesh
powders of Mo and Si to the desired temperature in an Ar atmosphere using an induction furnace
at temperatures of 1657 ©C to 2157 ©C with times ranging from 3 to 68 min. Cherniack and
Elliot [2] reported that the densities of MoSi increased up to 1650 to 1700 ©C, and at a
temperature of 1750 ©C and 150 min, MoSi) decomposed in the interior and formed MosSi3_
The use of MoSi as a structural material was thought to be limited to 1700 ©C owing to the
internal formation and agglomeration of MosSi3, while MosSi3 was also believed to be
responsible for the difficulty in fabricating sound MoSiy bodies by sintering at the temperatures
necessary for densification. MoSi» is also produced using a thermite mix consisting of 41.75%
Mo03, 10.8% Al, 38.6% of ferrosilicon, 6.6% of limestone, and flourspar {3). The literature
indicates several other methods for the production of MoSiy: ranging from reduction of MoO3
with SiC and carbon, siliciding of molybdenum powder, powder pressing and sintering, arc -
melting, and hot pressing [4].

In contrast to the techniques discussed above, combustion synthesis or self - propagating
high temperature synthesis (SHS) based on heterogeneous combustion between molybdenum
and silicon has been shown to be effective in preparing a single phase tetragonal MoSiy with
high purity [5-10]. Sarkisyan et al [6] were the first to report combustion velocities and behavior
of mixtures of Mo-Si with different amounts of Si in argon using metal powders of size < SOum,
and Si of size < 30 um. At low compact diameters (< 20 mm), the product was multiphase
consisting of MoSis and MosSi3 along with Mo and Si. Deevi [7,8] and Zhang and Munir [9]
further investigated the synthesis aspects of MoSip based on Mo+2Si mixtures.

In this paper, features of combustion synthesis of MoSi9 and application of combustion
synthesis to the densification of MoSi3 and its composites will be presented.
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EXPERIMENTAL METHODOLOGY

Molybdenum (Mo) and silicon (Si) powders used in the present work were as received
powders from Alfa Products with Mo size of <63 um, and Si size of < 47 im, whose average
particle sizes correspond to 13.3 pum, and 12.6 pm respectively. Cylindrical compacts of Mo-
28i mixture of approximately 30 mm in length were obtained by applying pressure uniaxially on
both sides of the powder. Combustion synthesis experiments were carried out in a stainless stee!
chamber with two 12.5 cm quartz windows. Experiments were carried out either in a stagnant
vacuum of 5 to 10 microns or stagnant argon pressure of 1.2 Kycm2 [7]. Ignition was achieved
by supplying current to a tungsten ignition coil for a few seconds. Temperature measurements
were carried out using tungsten - 5% rhenium vs wngsten - 26% rhenium thermocouples.

Hot pressing of Mo-2Si mixture, and a mixture of 49.81% of Mo, 43.84% Si, and 6.25%
C (all by weight) was carried out by pressing at different temperatures in the range 1100 to 1600
©C in argon with a pressure of 100 - 300 Kg/cm?Z for 30 min.

COMBUSTION SYNTHESIS OF MaoSip

Combustion synthesis is based on the ability of the reactants, Mo and Si, to react
exothermically once ignited, converting the reactants to products as a combustion wave
progresses through the reactants. This is illustrated in Fig. 1 with a set of photographs taken
during the combustion wave propagation in Mo-2Si mixture. Formation of MoSi2 is
accompanied by a heat release of 31.0 k. cal/Mo atom, and this comresponds to an adiabatic
temperature of 1627 ©C [7]. The observed temperature agrees with the calculated temperature,
and is hisgher than the melting temperature of Si, but lower than the melting temperatures of Mo
and MoSi).

Combustion wave velocities of Mo-28i mixture obtained in vacuum and argon [Fig. 2]
show an increase with increase in green density due to an effective increase of thermal

conductivity, and reduction of porosity [7). The combustion wave propagated at a lower velocity _

in vacuum than in argon. The maximum combustion temperature noted in vacuum was 1423 °C
as opposed to 1613 ©C in argon, and the temperature remained at its maximum temperature for
seven seconds in vacuum. In vacuum, conduction is mainly by particle-particle contact and
therefore, the sample remained at its maximum temperature for seven seconds due to the
continuation of the exothermic diffusional reaction between Mo and Si powders. In contrast to
the behavior observed in v:icuum, the temperature profile obtained in argon at 1.2 atm. indicated
that the product remain:¢ ai its maximum combustion temperature for less than a second.

A product of the :inear combustion velocities (cm/min) of compacts of uniform cross-
sectional area (cm2), ana densities of the compacts (g/cm3) provides the volumetric mass
conversion rates of Mo+28Si into MoSi2. The mass conversion rates shown in Fig. 3 indicate
that they are dependent upon (a) density of the compact, (b) the atmosphere, and (c) the diameter
of the compact. The mass conversion rates vary from 25 g/min to 130 g/min, and itis interesting
to note that when a compact of Mo+28i is ignited, MoSi2 can be synthesized at a rate of 130
g/min. X - ray diffraction analysis of combustion synthesized powders obtained after grinding
of the compacts showed that the conversion to MoSi2 was complete in argon (Fig. 4), while
about 91% of the reactants were converted to MoSi2 in vacuum. This illustrates not only the
simplicity of the technique but also reflects its viability as a manufacturing process. Combustion
synthesized product was analyzed for impurities and oxygen content, and the oxygen content of
combustion synthesized MoSi2 was 0.22 wt.%, which is lower than the weighted average
oxygen contents of the reactants [7]. This is also lower or comparable to the oxygen contents
reported by several investigators [1,4]

The heating rates calculated in combustion synthesis (based on the time-temperature
profiles) indicate that a heating rate of ~48,000 ©C/min was obtained in argon. The combustion
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Fig. 1. Photographs of Passage of Combustion Front in Mo-2Si Mixture in Argon.

< 12
B | a
E || | (Particle Size: "
Mo <63 um on atm.
g. o f | 5t <44 km A «
g | {Dia: 1.96cm - L]
2 °r *
. .

g s .
2 i o* Vacuum, 5 microns
£ .
3 (I NN . , . L

6

20 30 40 50 60

% Theoretical Maximum Green Density

Fig. 2. Variation of Combustion Velocities on the % Theoretical Maximum
Green Density (%TMD) of Compacts

140

(=
B Particle Size: A atm
E 120F | Mo <63 um DEO{‘% cm "
Bh .
N Si<47 um [
&-,: 100 | i *
] .
= Vacuum, 5 microns
-g- sor s s Dia: 1.96 cm
i : eof o*
| é o . Argon atm
g % Or . - # Dia: 1.25cm
’% 20 A i A L PR 'l
: 20 30 40 50 60

i % Theoretical Maximum Green Density

Fig. 3. Dependence of Mass Conversion Rate on % Theoretical Maximum Green
Density (%TMD) of Compacts.

21

|
|

e e A 1% e AL ST M % g v e nas . . -

s e e - S R e S a,

I

g



P

MoSi 5 (103)

S MeSim0)

@

c

2 MoSnO 65 MoSi,(112)  Si (220)

£ | [e—— MoSig g5 ——| [ [
1 I | I 1 | ! 1 1 | |
39 40 41 42 43 44 45 46 47 48 49

20

Fig. 4. X-ray Diffractogram of a Combustion Synthesized MoSi? indicative of
a single phase, MoSi2, with no unreacted elements.
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temperature of the reaction is sufficiently higher than the melting point of the diffusing species,
i.e. Si, and therefore liquid Si diffuses into Mo giving rise to MoSiy phase. In most
conventional processes, reactants are heated at a much lower heating rate, which will favor
solid-solid diffusional reactions prior 1o the melting point of Si {7,8].
An understanding of diffusional and interfacial reactions was attempted by heating

various combinations of particle sizes of Mo-2Si in the temperature range 300 to 1900 K using a
high temperature differential thermal analyzer (DTA). A detailed account of the results is
presented elsewhere [8]. In summary, DTA experiments showed two exotherms at low heating
rates in the range 5 to 100 °C/min, and a single exotherm above 100 °C/min. The first exotherm,
occurring prior to the melting of Si, was identified by X-ray analysis as due to the formation of
MosSi3 (Fig.5). The second exotherm represents the formation of MoSi3 and the exothermicity
of the second exotherm increased with increase of heating rate. The exothermicity of the first
reaction and the amount of MosSi3 formed decreased with increase of heating rate and above 150
°C/min only a single exotherm was observed, with the formation of single phase MoSiy. X-ray
examination of the products obtained at different heating rates confirmed that at heating rates
above 150 °C/min, the probability of formation of MosSi3 is negligible since diffusional time for
solid-solid diffusional reactions is very limited [8].

The MoSiy synthesized by combustion synthesis is porous with a porosity in the range of
30 to 50%, and the compact can easily be crushed to obtain powder. If densification is achieved
by the application of pressure, combustion synthesis becomes an attractive technique to obtain
dense materials. Densification was carried out by hot pressing mixtures of Mo + 2Si in the
temperature range 1100 to 1600 ©C. A single phase MoSiy was observed in all cases when the
hot press temperature was above 1350 OC. At the melting point of Si, i.e at 1410 ©C, application
of pressure in the range 100 Kg/cm2 did not cause any significant densification(Fig. 6a). At
1450 ©C, the sample densified to about 85% of theoretical density, while 2 maximum density of
92% was achieved at a temperature of 1550 OC with a pressure of 250 Kg/cmZ (Fig. 6b)_ Hot
pressing of a mixture of Mo,Si, and C to obtain MoSi;-SiC also resulted in densification with
densities approaching 95% (Fig. 6¢c and 6d). A detailed account of the microstructural
observations, X- ray phases, and densification curves will be presented at a later stage.
Composites of MoSi3-Al203 were also prepared by heating a mixture of MoO3, Si and Al
similar to a thermite mixture, and the reaction originated with the melting of Al. Thermal analysis
revealed several different reactions, and the reaction was found to be extremely rapid with larger
sample sizes of 500 mg and at heating rates above 50 ©C/min.

CONCLUSIONS

. Single phase MoSij can be synthesized from elemental powders of Mo and Si using SHS
technique. Mass conversion rates showed that SHS is a viable technique for rapid production of
MoSi3 from the elements. The combustion velocities, and hence the conversion rates were lower

in vacuum as compared to argon atmosphere. The low combustion temperature in vacuum
accounts for the lower conversion efficiency of Mo and Si powders to MoSiy.
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Fig. 6. Micrographs of Hot Pressed Mo+2Si Mixtures, and a Mixture of Mo, Si, and C to give
rise to MoSi2-SiC. (a) Mo+28i, hot pressed at 1410 °C for 30 min (b) Mo+2Si, hot pressed at
1450 °C for 30 min, (c) Mo, Si, and C, hot pressed at 1550 °C for 30 min, and (d) Mo, Si, and
C, hot pressed at 1500 °C for 30 min.
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SYNTHESIS AND CHARACTERIZATION OF METAL SILICIDE/SILICON
CARBIDE COMPOSITES BY LOWI’(I')EN&SIPERATURE SOLID-STATE
REACT .

D. ZENG?, M. J. HAMPDEN-SMITH! AND L.-M. WANGH
E:gmmcm of Chemistry and Center for Micro-Engineered Ceramics, ttDepartment of
and Planetary Science, University of New Mexico, Albuquerque, NM 87131.

ABSTRACT

Co-reduction of mixtures of MoCl3(THF)3 and SiCly in THF using Li/CjoHg or
both Li/CoHg and LiBEt3H resulted in formation and separation of black powders which
upon thermal annealing at temperatures ranging from 750°C to 1100°C produced crystalline
molybdenum silicide and silicon carbide composite. Co-reduction of mixtures of WCly and
GeBry4 with LiBEtsH in THF formed W2C and elemental Ge which upon thermal treatment
at 750°C for 4 hours generated a small amount of crystalline WsGes.

INTRODUCTION

Solid-state displacement reactions between Mo2C and Si forms molybdenum
silicide and silicon carbide composite on heating for 1350°C for 2 hours followed by
1700°C for 1 hour.[1] We have recently demonstrated that nanometer-sized meltal carbides,
M2C (M = Cr, Mo and W){2-5] react with micrometer-sized silicon powder to form the
corresponding metal silicide and silicon carbide composites under milder reaction
conditions (1000°C/4 hours),[6] probably as a result of high surface energy of the MaC
particles. In this work we report the co-reduction of mixture of MoCl3(THF)3 and SiCls,
WCly and GeBrg4.

EXPERIMENTAL PROCEDURES
(i).Co-reduction of a mixture of MoCl3(THF)3 and SiCly in THF by Li/CjoHg

Lithium metal (1.15 gram, 164.3 mmole) and CjgHg (20.95 gram, 163.7 mmole)
were mixed in 300 mL of THF and stirred for 12 hours to form a dark-green solution.
This solution was then transferred to a 100 mL red-brown THF suspension of
MoCl13(THF)3 (5.00 gram, 12.0 mmole) and SiCls (4.07 gram, 23.9 mmole) while
stirring. The dark-green color of Li/CygHg disappeared rapidly during the initial addition
of Li/CgHg/THF. The reaction mixture become darker as addition of Li/CjoHg/THF
progressed, and an exothermic reaction was observed. The mixture was stirred at room
temperature for 48 hours to form a homogenous black suspension. This suspension was
centrifuged at 2000 rpm for 45 minutes to precipitate a black solid. The black solid was
washed with THF and dried under vacuum to give 1.69 gram of black powder. Black
powder contains high percentage of carbon, 37.56%. Heating this powder to 1100°C
under vacuum formed molybdenum silicide and silicon carbide.

(ii).Co-reduction of a mixture of MoCI3(THF)3 and SiCly in THF by both Li/C1gHg
and LiBE1i3H

Lithium metal (0.79 gram, 112.86 mmole) and CyoHg (14.23 gram, 111.17
mmole) were mixed in 100 mL of THF and allowed to stir for 12 hours to form dark-green
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solution. This solution was then transferred to a 70 mL red-brown THF suspension of
MoCl3(THF)3 (6.00 gram, 14.35 mmole) and SiCly (5.34 gram, 31.41 mmole) while
stirring. The dark-green color disappeared rapidly during the initial addition of
Li/C1oHg/THF. A black suspension was formed at the end of addition of Li/C)gHg/THF.
After further stirring for 30 minutes, 1.0M THF solution of LiBEt3H (80 mL, 80 mmole)
was added and stirred for another S hours at room temperature to form a homogenous black
suspension. The suspension was centrifuged at 2000 rpm for 45 minutes to precipitate
black solid. The black solid was separated and was washed with THF and then was dried
under vacuum to give 0.82 gram black powder. The powder was heated to 1050°C under
vacuum to form molybdenum silicide and silicon carbide.

(iii).Co-reduction of 2 mixture of WCly and GeBr4 in THF by LiBEt3H.

WCl4 (2.00 gram, 6.13 mmole) and GeBrg (4.82 gram, 12.26 mmole) was mixed
in 150 mL THF. Into this mixture, 1.0M LiBEt3H (75.0 mL in THF, 75.0 mmole) was
transferred at room temperature while stirring. Gas evolution and a color change from
black to dark brown and finally back to black was observed. The reaction mixture was
stirred at room temperature overnight, resulting in a formation of black suspension.
Centrifuging for 10 minutes precipitated the black solid, which after washing with THF
and drying under vacuum, yielded 2.05 gram black powder composed of W2C and
clemental Ge, a yield of 100 % based on the formation of mixture of W2C and Ge.

RESULTS AND DISCUSSION

The reduction of a mixture of MoCl3(THF)3 and two molar equivalents of SiClg by
Li/C10Hg in THF resulted in formation of a homogeneous black suspension, from which a
black powder was separated by centrifuging. Elemental analysis of the black powder
showed a high carbon and hydrogen content that appears to be associated with the electron
carrier (naphthalene). Both scanning electron microscopy (SEM) and transmission electron
microscopy (TEM) showed no discrete particles within the resolution limit of the

® MoSiz (Hexagonal)
O MoSiy (Tetragonal)

b d # MosSi3 (Hexagonal))
= SiC
V' Mo,C (Hexagonal)
¥ Mo, C (RCC)

Relative Intensity

20 2 T4 LN " A A T
26 (deg)

Figure 1. XRD patterns of the 750°C (a) and 1100°C (b) annealed sample.

B T L = e T T U 7., TUUPUIED O S S S




§ - Bl o e = 410

AT VT v

instrument. The electron diffraction and X-ray powder diffraction data showed that the
black powder is amorphous material resulting in no diffraction but only one broad peak at

20 ~ 20°. Afier the sample was heated to 500°C for 4 hours, SEM revealed the presence of
large dense particles. X-ray powder diffraction of the S00°C annealed sample did not show
sufficient peak sharpenin )g for phase identification, The sample was heated to 750°C for 4
hours and the resulting ray diffraction patiern is shown in Figure la. The diffraction
maximum centered at d = 2.4 A was assigned to FCC M0C, and the peak atd =2.1 A 1o
2.2 A was assigned to the mixture of MoSiz and MosSi3. This assignment was confirmed
by the X-ray powder diffraction pattern taken for the samplia.fter heaung to 1100°C for 4
hours as shown in Figure 1b. The diffraction peaks at 1.54 and 2.51 A were assigned to
SiC which may result from reaction between MoC and elemental silicon powder at 750°C
or higher. The formation of molybdenum silicide and silicon carbide is consistent with the
formation of amorphous molybdenum carbide and elemental silicon powders during the co-
reduction step. We have studied the reduction of MoCl3(THF)3 in THF by using Li/CygHg
as reducing agent separately and observed the formation of amorphous Mo2C which upon
heating crystallized to form FCC Mo2C.[4] Further heating resulted in phase transition
frz;ln FCC to hexagonal phase of MoC. We are currently unable to assign those peaks
labeled by “7.

The reduction of mixture of MoCl3(THF)3 and two equivalents of SiCly in THF
with 7 molar equivalents of Li/CjgHg followed by 4 molar equivalents of LiBEt3H also
resulted in formation of a homogeneous black solution from which a black powder was

isolated by centrifuging. The grain size of the black powder is about 2 - 4 tm as shown by
both SEM and TEM. Energy dispersive spectroscopy from both SEM and TEM showed
the presence of Mo and Si only, no chlorine was detected within the detection limit of the
instrument. High magnification TEM further revealed that the grains are composed of ~ 1
nm sized particles. Electron diffraction and X-ray powder diffraction showed that the

[
q
® MoSij (Hexagonal)
0 MoSij (Tetragonal)
4 #» MosSi3 (Tetragonal)
-y ® SiC
g 70 w Mo)C (FCC)
g
sl 14
211
20["";&,""4'(,""*[]"&)'!ll,]lol'llalo

20 (deg)
Figure 2. XRD pattern of 1050°C annealed sample
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material is amorphous. To assist the phase identification of the material, the sample was
annealed at 900°C and 1050°C, and X-ray powder diffraction of 1050°C annealed sample
showed the presence of MoSiz and MosSi3 phases as shown in Figure 2. The diffraction
peaks at 2.51 A and 1.54 A were assigned to SiC formed by solid-state displacement
reaction between Mo2C and elemental silicon powder. The peaks labeled by “?” are
consistent with those as shown in Figure 1, and again we are unable to assign these peaks.
In order to investigate the co-reduction using LiBEt3H as reducing agent, and at the
same time avoiding the possible formation of SiH4 as a dangerous by-product, a mixture of
WCl4 and two equivalents of GeBry were chosen as the starting materials. This mixture,
suspended in THF, was reduced with 12 molar equivalents of LiBEi3H. Again, a
homogeneous black solution was formed from which black powder was isolated in high
yield, Variable temperature X-ray powder diffraction of this black powder showed only
the presence of W2C and elemental Ge at 390°C (Figure 3a). When the sample was treated

o v

* WsGes

vV WoC

0 Ge
> o
&
5
E
2 v b: 750°C
3 v v
K} » oY%

T
a:390°C

2bll‘l3(’)‘lll4blll'5b‘l"al)|l1'7‘0'ﬁ7‘ 80

20 (deg)
Figure 3. XRD pattemn of 390°C and 750°C annealed sample.

at 750°C for 4 hours, X-ray powder diffraction (Figure 3b) showed presence of a small
amount of WsGe3 formed through a solid state displacement reaction between W2C and
elemental germanium. There 2: > a few small peaks labeled by “?” are not indexed as a
result of inability to assign them.

CONCLUSIONS

In summary, co-reduction by using Li/CjoHg alone or both Li/C1oHg and LiBEt3H
as reducing agents in THF solution resulted in formation of black suspension from which
black powder can be separated. The black powders are believed to be a mixture of
amorphous Mo2C and elemental silicon powder. Upon thermal treatment, MoSis, MosSi3
and SiC were formed via solid-state reactions between Mo2C and silicon powder. Co-
reduction of mixture of WClg and GeBry with LiBEt3H in THF solution at room
temperature forms W2C and elemental Ge which upon thermal treatment resulted in
formation of tungsten germanide.
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SYNTHESIS OF HIGH-TEMPERATURE SILICIDES VIA RAPID SOLID-STATE
METATHESIS

Richard M. Jacubinas and Richard B. Kaner
Department of Chemistry and Biochemistry and the Solid State Science Center, University of
California, Los Angeles, Los Angeles, CA 90024-1569

ABSTRACT

MosSi; has a very favorable combination of materials properties, including a high
melting point (2020°C), high strength at elevated temperatures, and resistance to high
temperature oxidation and corrosion. These properties make it a good candidate for a high-
temperature structural material; however, it has very poor ductility. A great deal of research
has focused on improving the ductility of this alloy through various preparative routes. We
have synthesized MoSiy, as well as WSiy, TaSis, and NbSiy, using rapid solid-state metathesis
reactions between a high oxidation state metal halide and an alkaline earth silicide. These
reactions take advantage of the large exothermic heat of formation of the alkaline earth halide
and can reach temperatures as high as the melting point of the product silicides. In addition,
this approach yields crystalline products in seconds. The synthetic technique will be discussed
along with characterization results.

INTRODUCTION

Interest in producing MoSi; and other silicides stems from their potential use as high-
temperature structural materials. The desirable properties of such a compound are present in
MoSi3!, specifically, moderate density (6.24 g/cm3), high melting point (2020°C), and
resistance to high temperature oxidation. Significant drawbacks to the successful
implementation of MoSi; as a structural material are its low temperature ductility and lack of
high temperature strength. Research is currently being pursued to improve these properties,
including the addition of a ductile phase, such as Nb, and alloying with, for example, WSij!.
Unfortunately, Nb has a deleterious effect on the high temperature oxidation resistance?.

Conventional methods for producing MoSi; involve heating elemental powders
together for several hours3. Other methods of bulk synthesis reported include self-propagating
high temperature synthesis (SHS)4, mechanical alloying’-%, and solid-state displacement’.
While all of these techniques produce the desired products, they are hampered by the amount of
time and energy they require to complete the reactions.

Rapid solid-state metathesis reactions (SSM) are a relatively new method used to
produce crystalline products in seconds39. The general synthetic technique involves
combining a high oxidation state metal halide with an alkali or alkaline earth species which
then react in seconds to form product. In the synthesis of MoSi, for example, MoCls is
reacted with Mg,Si. The formation of the by-product salt (MgCly) drives this process and
results in very exothermic reactions. In this work, rapid SSM reactions are used to synthesize
intermetallic alloys.

EXPERIMENTAL

The metal halides, MoCls (Aesar, 99.6%), WClg (Aesar), NbCls (Aldrich, 99.9+%),
and TaCls (Aldrich, 99.9%), were all purified by vapor phase transport prior to use. Mg)Si
(Aldrich, 99+%) was used as received.

All reactions were performed in a He-filled drybox. The reactants were ground together
with a mortar and pestle and then placed in a stainless steel reaction vessel, similar to those
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used for calorimetry. The reactions were initiated with a resistively heated nichrome wire. The
resulting highly exothermic reaction was complete in seconds. The products were washed with
methanol to remove salt and any unreacted precursors. In addition, aqua regia was used to
remove any byproduct molybdenum.

Powder X-ray diffraction was performed on a locally automated Crystal Logic
diffractometer with graphite monochromated Cu Ko radiation in 0.1° 26 increments with 2
second count times, except for MoSiz in which 0.05° 26 increments with 3 second count times
was used. Scanning electron microscopy (SEM) and energy dispersive X-ray analysis (EDAX)
were performed on a Cambridge Stereoscope 250 SEM equipped with a Tracor Northern
EDAX TN2000 spectrometer. The samples were mounted on graphite discs with colloidal
graphite paste (Ted Pella Inc.).

RESULTS AND DISCUSSION
The reactions were all balanced to produce a stoichiometric amount of salt:
8 MCls + 10 Mg2Si —— 20 MgCl; + M3Sijo (M = Mo, Nb, Ta) N
2 WClg + 3 Mg3Si— 6 MgCly + W>Si3 2)

The reaction products were identified through X-ray diffraction (Figure 1) and compared to
standard patterns!®. The X-ray results suggest that equations (1) and (2) are more accurately
written as:

8 MCls + 10 MgySi ——» 20 MgCly + 5 MSip + 3M (M = Mo, Nb, Ta)  (3)
4 WClg + 6 MgoSi — 12 MgCly + 3 WSip + W (4)
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Figure 1. X-ray diffraction patterns of: (a) MoSi2 products, (b) WSi2 products, (c) NbSi,
products, and (d) TaSi, products. ¥ denotes Mo, W, Nb, or Ta. The unlabeled
peaks are assigned to the MSi2 phase.
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Figure 2: X-ray difffraction pattern of the MoSi, reaction product washed in aqua regia.
+ denotes a-MoSiz, + denotes B-MoSiz. and ¢ denotes Si.

When the byproduct molybdenum was washed away using aqua regia, the two phases of
MosSiz, o and B, are readily apparent (Figure 2). The presence of small amounts of elemental Si
is taken to indicate incomplete reaction of the Mg2Si with the metal halide.

On the basis of the Mo-Si phase diagram!!, the thermodynamic phases predicted to be
present at room temperature are MosSi3 and a-MoSi;. However, in the SSM synthesis, no
evidence was found in the X-ray diffraction pattern for MosSi3. According to equation (1), the
Mo:Si starting ratio is 4:5, which places it in a region between these two phases. 1t is likely
that MoSi3 is the first phase to nucleate and is quenched to room temperature before further
reaction can occur. This result exemplifies the non-equilibrium nature of these reactions.

When an adiabatic situation is assumed in which the entire enthalpy of reaction is used
to heat only the products and not the surroundings, an adiabatic temperature (T,q) can be
calculated?. The Tad's for these reactions are calculated using temperature dependent heat
capacities and heats of transformation of the products, as well as the overall heat of reaction'2
(see Table I). The boiling point of MgCl, is 1710K while MoSiy melts at 2293K. In all cases,
the reactions theoretically reach at least the boiling point of MgCl,. This may explain the
rapid nature of these reactions since solid-state diffusion increases at higher temperatures and
can be even more rapid if a molten flux is present.

In SHS reactions, Taqg has been used as an indicator of self-propagating behavior; when
Tad is greater than approximately 1800K, a self-propagating reaction is expected.4 In contrast,
all the reactions performed in this work are self-propagating, even though two cases fail to meet
this condition. This is further evidence for enhanced solid-state diffusion which would lead to
a lower threshold for self-propagating behavior. In addition, attempts to synthesize MoSia
using a combination of the elements and the same reaction conditions were unsuccessful.

Preliminary SEM analysis of the MoSi; product after washing in aqua regia indicates a
range of particle sizes from approximately 0.5 pm to 10 pm. In addition, X-ray line
broadening shows that the product is at least as crystalline as typical standards. Semi-
quantitative EDAX analysis verifics a slight silicon enrichment as indicated by the X-ray
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Table 1

Calculated Tgg
Silicide produced TB EK)
Mo3i1; ‘
—Wsi, 3373
NbS1» 1710
Tadiy 1710

diffraction pattern.

One of the ways in which the properties of MoSiz can be improved is through alloying
with other silicides. The preparation of a mixed metal halide precursor is straightforward!3.
The two halides, after being individually purified via vapor phase transport, are melted together
and then shaken vigorously after removal from the oven, causing rapid cooling. The material is
inspected visually for homogeneity and then used in the SSM reactions. Initial results indicate
that when a 1:1 MoCls*WClg precursor is used, a single phase silicide is obtained. In contrast,
when a 1:1 MoClg*NbCls precursor is used, several silicide phases are present. This can be
understood by realizing that MoSi» and WSi; have the same C1 I}, crystal structure, while
NbSi; has a C40 crystal structure. Thus, while the (Mo, W)Si; product is likely a substitutional
solid solution, the niobium and molybdenum products are likely an intimate mixture of
different phases. Further work is in progress to clarify these results.

CONCLUSIONS

SSM reactions provide a quick method for the preparation of transition metal silicides.
The formation of a molten flux likely enhances solid-state diffusion, resulting in rapid
formation of single phase, highly crystalline disilicides. Preliminary results indicate that solid-
solution formation using SSM reactions is possible and further work will elucidate the
parameters necessary for successful synthesis of the desired products.
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SYNTHESIS AND PROPERTIES OF MoSi2/SiC PROCESSED BY LOW
PRESSURE PLASMA CO-INJECTION AND DEPOSITION

D.E. Lawrynowicz, J. Wolfenstine, S. Nutt*, and E.J. Lavernia
Materials Science and Engineering
Department of Mechanical and Aerospace Engineering
University of California, Irvine, CA 92717-3975
*Division of Engincering, Brown University, Providence, R1 02912

D.E. Bailey and A. Sickinger
Electro-Plasma, Inc., Irvine, CA 92714

ABSTRACT

Low-pressure plasma deposition (LPPD) and co-injection has been used to fabricate a MoSi,

composite reinforced with 15 pm SiC particles. The microstructure and creep behavior of the
LPPD processed composite are reported and discussed. Scanning electron microscopy (SEM) and
transmission electron microscopy (TEM) showed the structure of the composite to be lamellar and
energy dispersive X-ray analysis (EDAX) identified the phases present in the material as: MoSi,,
MosSis, Si03, and SiC. Density characterization revealed a porosity of less than 1.0 vol. %,
indicating a nearly fully dense material. A high concentration of SiO, (~8.0 vol. %) present in the
MoSi,/SiC composite may be attributed to possible contamination of the starting powders before or
during LPPD. Sublimation of SiC during co-injection led to a low volume fraction (< 2.0 vol. %)
of reinforcement in the composite. The creep rate of the LPPD MoSi,/SiC was higher relative to
that of MoSi,/SiC composites fabricated by powder metallurgy (PM) techniques. On the basis of
the results of this study it has become evident that alternative processing methods such as LPPD in-
situ processing may be better suited for the fabrication of eievated volume fraction MoSi,/SiC
composites.
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INTRODUCTION

In recent years, many intermetallic compounds such as aluminides and silicides have been
extensively evaluated for high temperature structural applications [1,2). Considerable attention has
been directed towards refractory metal silicides as a result of their favorable elevated temperature
characteristics. In particular, molybdenum disilicide (MoSi;) has become a leading candidate
matrix material for elevated temperature composites {2]. Its unique combination of physical
attributes, which include: moderate density of 6.31 g/cm3, high melting point of ~2030 °C,
excellent oxidation resistance and high modulus at elevated temperatures [3-5), make it an integral
part of continuing research for viable high temperature structural materials. The addition of second
phases such as SiC improves the elevated temperature creep resistance and fracture toughness of
the notoriously brittle monolithic MoSi3 [5-9]). Currently, most of the SiC-reinforced MoSi,
composites have been fabricated using conventional powder metallurgy (PM) techniques or solid-
state reactions [7,9,10]. Inspection of the available scientific literature reveals a limited exploration
of other alternative innovative synthesis techniques such as plasma spraying of MoSi»/SiC
composites [11]. This processing method is reported to provide further improvements in the
mechanical properties through microstructural refinement as well as the prospect of near-net shape
manufacturing [12].

It is suggested that the best overall mechanical properties (i.e., creep resistance, fracture
toughness, etc.) of MoSiy/SiC are realized when ~30 vol. % SiC is incorporated in the matrix [13].
Currently, plasma spray processing of MoSi/SiC has only been able to achieve up to ~ 10 vol. %
SiC in the MoSi; matrix [4,13,14]. In view of these findings, the present study was undertaken
with the objective of fabricating a high SiC content ( ~ 25 vol. %) reinforced MoSi, composite
using low-pressure plasma deposition (LPPD). Accordingly, the microstructure and creep
behavior of the plasma sprayed composite are discussed.

EXPERIMENTAL PROCEDURES

Processing

The experimental procedure used in the present investigation is described as follows. The
MoSi; powders were obtained from CERAC (Milwaukee, WI) and ranged in size from 10-44 um.

The SiC powder had an average size of 15 jim and was obtained from Exclon-ESK (Tonawanda,
NY). The MoSi; and SiC powders were combined in a 50-50 vol. % ratio in a blender and mixed
until a uniform distribution was achieved. The LPPD processing experiments were conducted at
Electro-Plasma Inc. (Irvine, CA) using an EPI-LPPS ™ system capable of spraying a wide variety
of materials under high deposition rates with a2 number of different operating configurations. The
present experiment utilized the co-injection capabilities of the plasma system. Two separate
hoppers were used to feed two separate injection ports. One hopper contained the 50 vol. %
MoSi;-50 vol. % SiC mixture and the other hopper contained 100% SiC. The SiC injection port
was positioned as far down into the plasma stream as physically possible in order to minimize the
temperature the SiC would encounter in an effort to avoid sublimation of the SiC. The target
substrate was a 150 mm x 150 mm x 5 mm molybdenum plate controlled by a two axis target
manipulator. The choice of substrate material was based on minimizing thermal expansion
differences between the substrate and the deposited material {12). A summary of the primary
processing parameters is shown in Table I. The resultant LPPD MoSi,/SiC material exhibited a
discoidal geometry of approximately 6 mm in thickness. The deposited composite was then
removed from the substrate, sectioned and prepared for microstructural and mechanical
characterization studies following established procedures.
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Table I LPPD Processing Parameters

Plasma Unit EPI-LPPS System
Plasma Gun EPL-03CP
Voltage (Volts) 66
Current (Amps) 1400
Arc Gas Flow Rate - Ar (SLPM) 104
Second Gas - H; (SLPM) 15
Powder Gas Flow Rate MoSiy+SiC - Ar (SLPM) 6
Powder Gas Flow Rate SiC - Ar (SLPM) 5
Powder Feed Rate SiC (g/min) 50
Powder Feed Rate MoSi,+SiC (g/min) 50
Spray Distance (mm) 30.5
Spray Time (min) 45
Atmosphere (Pa) Ix104
Characterization

Scanning (SEM) and transmission electron microscope (TEM) analysis of the
microstructural features was conducted on polished, unetched MoSiz/SiC samples. The
composition of the LPPD processed composite was analyzed using X-ray diffraction
measurements. The density of the MoSi,/SiC composite material was determined on as spray-
deposited samples utilizing Archimede's principle. Porosity quantification was determined using
image analysis of polished sections. These measurements were conducted in accordance with
ASTM standards. The creep specimens evaluated in this investigation were rectangular
parallelepipeds with a height to width ratio of approximately 2:1, with typical dimensions of 3.0
mm x 3.0 mm x 6.0 mm. The specimens were loaded perpendicular to the plasma spray direction
and were deformed to a total true strain of approximately 0.15. After deformation, the samples
were cooled rapidly under load to preserve any structures developed during creep.

RESULTS AND DISCUSSION

Image analysis characterization conducted on several representative random areas revealed a
total porosity of less than 1.0 vol. %, indicating a nearly fully dense material. The density of the
MoSi,/SiC composite was measured to be 6.03 g/cm3. From previous studies [4,13], the
theoretical density of a 20 vol. % SiC reinforced MoSi; composite should be ~5.70 g/cm3 ( under
the assumption that only MoSi; (6.31 g/cm3 ) and SiC (3.21 g/cm3 ) are present in the material ).
This result suggests that the composite material fabricated in this study contains less than 20 vol. %
SiC. The discrepancy may be accounted for by the possible sublimation of SiC at elevated
temperatures ( >3500 °C ) similar to those present in a plasma arc (4000-104 °C) [8]. In addition,
SiC particles are readily dragged by the plasma stream as a result of their low density (3.21 g/cm3).
These two factors lead to significant loss of SiC during plasma spraying, and as a consequence,
can account for the observed density difference. The loss of SiC may be minimized by utilizing an
external injection nozzle that would deliver the SiC powder at the surface of the substrate as
opposed to inside the plasma gun. Also, in-situ plasma spray fabrication of MoSiy/SiC
composites promises the capability of forming higher volume fraction SiC-reinforced MoSi;
composites. These two approaches will be the focus of future experiments which will assess the
viability of these alternative processing methods.
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SEM_Analysis

SEM images of transverse sections (perpendicular to the spray direction) of the spray
formed composite revealed a wavy microstructure consisting of alternating layers of three different
phases (see Figure 1) which were subsequently quantified by energy dispersive X-ray (EDAX)
analysis. The higher magnification SEM micrograph of Figure 2 reveals consistent results.

Figure 1 Transverse section of sprayed composite

10 pm
Figure 2 Magnified transverse section identifying phases:
arrow # 1):S10,, #2): MoSij, #3): MosSis
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Figure 3 Magnified area of Figure 2 showing SiC (arrow # 1)
Si0; (arrow # 2)

The wavy microstructure with limited porosity (< 1.0 vol. %) suggests that the MoSi»/SiC
droplets arrived al the deposition surface in a fully liquid condition, eventually spreading in the
transverse direction. This process caused elongated flattened grains to be present in the
microstructure. This result is consistent with the findings of Castro et al. who reported similar
observations [16-17]. The dark phase identified by arrow 1 in Figure 2 was quantified by EDAX
to be §iO,, and comprised on average ~ 8.0 vol. % of the microstructure. The light gray phase
denoted by arrow 2 in Figure 2 is comprised of 43.5 at. % Si and 56.5 at. % Mo which most likely
corresponds to MosSi3. The dark gray phase numbered 3 in Figure 2 contains 66.2 at. % Si and
33.8 at. % Mo consistent with the MoSi, phase. The grain size of the composite varied with

different phases. The MoSi, phase had a grain size which ranged from 2-10 pm while the MosSi;

phase had a 1-7 pm grain size range. A high magnification of a selected area of the micrograph of
Figure 2 shows one of the few visible SiC particles (see Figure 3). Arrow 1 in Figure 3 points to a
SiC particle and arrow 2 in Figure 3 identifies the associated SiO; phase found attached to SiC in
nearly all of the randomly selected SiC particles found in the prepared samples. These results
suggest that an oxidation reaction may have occurred at the location of SiC and the SiO, formed
adjacent to those areas.

TEM Analysis

TEM observations revealed long stringers of layered phases present in the microstructure.
This result were consistent with the previous microscopy analysis. Selected area diffraction (SAD)
patterns of the various phases of the microstructure confirmed the presence of MoSi; and MosSi; .
Figure 4 shows the lamellar structure, consistent with the SEM results, made up of alternating
layers of MoSiz and MosSi3. In addition, a substantial concentration of the $iO; phase was also
present. Figure 5 shows a glassy SiO; layer (arrow 1) present at a prior droplet boundary of
MoSi,. Similar SiO, features were observed in other samples and similar findings in plasma
sprayed MoSi; have been reported by Maloy et al. [18-20]. The average particle size of the SiO,
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phase varied from 0.25-5 pm. SiC particles were observed less frequently. Figure 6 shows a
typical SiC inclusion found in the microstucture. Very few of these particles were identified in the
samples which were examined. In addition, the TEM revealed regions of dual-phase finely mixed
MoSi; and MosSi3 (see Figure 7). This dual-phase mixture was present at various focations in the

025pm

Figure 4 Lamellar structure, arrow # 1: Figure § Glassy phase SiO;
MoSi,,arrow # 2: MosSis (arrow # 1) surrounded by MosSis
(arrow # 2) and MoSi; (arrow # 3)
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e
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NG A 0.25pm
Figure 6 SiC inclusion (arrow #1) Figure 7 Dual-phase region made up of
both MoSi; and MosSis3
{arrow #1)
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microstructure. The size of the dual-phase varied from thin bands (<0.1 pm) to larger areas up to

several ym thick and 10 pm long. X-ray diffraction of the bulk material reconfirmed the presence
of MosSi3, MoSis, SiO» and trace amounts ( < 2.0 vol. %) of SiC.

Creep

The creep data for the as-sprayed and heat treated MoSi»/SiC composite is shown in Figure
8 on a plot of logarithm steady-state creep rate vs. logarithm applied stress. Also shown on the
Figure 8 is data for a PM MoSi,/SiC [21]. The slope of the curves is equal 1o the stress exponent,
n. From Figure 8 several important points are noted. First, the creep rate of the plasma sprayed
MoSi,/SiC material is faster than that for the PM composite over the entire stress range
investigated. Second, different stress exponents are exhibited by the plasma sprayed (n~2.3) and
the PM (n~3.3) materials. Third, as the annealing time increases the creep rate for the plasma
sprayed material decreases.

Microstructural examination of the deformed specimens revealed very little change in grain
morphology and size, as a result of deformation. In addition, there was only a slight increase in
dislocation density due to deformation.

‘The stress exponent of about 2, combined with the microstructural observations that the
grains remained equiaxed with almost no increase in dislocation density due to deformation,
suggests that the creep behavior of the fine grained plasma prayed material is controlled by a grain
boundary sliding mechanism. In contrast, it has been postulated that the creep behavior of the PM
MoSi,/SiC is controlled by a dislocation mechanism {21]. For the case of a grain boundary sliding
mechanism it is observed that the creep rate is a function of the grain size [4,22}. In general, as the
grain size increases the creep rate decreases. The results shown in Figure 8 are in agreement with
this suggestion.

Plaama-Speayed SICA4aS],
Wb
1
!ll"
Wi
—%— 1300°C, son-mealed
4 1300°C, smenind & 1300°C, 30 he
~—¢=- 1300°C, mumcaled u 1! 1000
€~ 1300 °C, MM 20% SIC
1wt +
| 10 1w

Tres Swem, M

Figure 8  Creep curves comparing results of present study
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The possible reasons why the creep rate for the plasma sprayed SiC reinforced MoSi; is
higher than that for the PM SiC reinforced MoSi; are as follows: 1) lower volume fraction of SiC
reinforcement (2 versus 20 vol. %), 2) lower aspect ratio (particulate versus whisker), 3) smaller

grain size (5 versus 10 um) and 4) the presence of an amorphous boundary phase at prior droplet
boundaries in the plasma sprayed material. However, the presence of silica grain boundary phases
has also been noted in some PM monolithic and reinforced MoSi; [13,14}. Further work is
currently underway to identify the most important reason for the difference, and to increase the
creep resistance of the plasma sprayed SiC reinforced MoSi,.

CONCLUSIONS

The MoSi,/SiC composite material formed by plasma spray, co-injection and deposition
elucidated several aspects of the processing method and its effect on the material properties. First,
sublimation of SiC during co-injection leads to a low volume fraction of reinforcement in the
composite. Second, the high concentration of SiO, present in the microstructure can be attributed
to possible contamination of the starting powders before or during LPPD and volatilization of SiC.
The microstructure of the MoSi2/SiC composite formed by LPPD was >99 % dense and contained
the following phases:

SiC ~ 20%
SiO, ~ 8.0 %
M055i3 ~ 20.0 %
MoSi; ~ 70.0 %

The creep rate of the LPPD MoSi,/SiC is higher relative to PM MoSi,/SiC composites. The creep
rate of the LPPD MoSiy/SiC decreased with an increase in grain size. It is proposed the creep
behavior of LPPD MoSi»/SiC is controled by a grain boundary sliding mechanism. As a result of
this investigation, it was determined that LPPD and co-injection of MoSiy/SiC is not an effective
processing alternative for this composite. Future work will investigate LPPD in-situ reaction of
SiC in MoSi; as yet another processing option for this composite system.
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THERMO-CHEMICAL SYNTHESIS OF NANOSTRUCTURED CHROMIUM
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* Connecticut Advanced Technology Center for Precision Manufacturing and Department of
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ABSTRACT

Intermetallic silicides and silicon carbide composites are potential useful materials in high
temperature applications requiring superior strength combined with enhanced fracture
toughness. This paper presents results obtained on these materials in nanostructured form, since
structural reduction to this scale offers a way for achieving unique properties.

Chromium silicide / silicon carbide and molybdenum silicide / silicon carbide composite
powders were readily synthesized by thermal conversion from spray dried precomposites at
1250°C. Basically, the process involves spray drying the aqueous chemical solution to a
precomposite, followed by thermal conversion in a tube furnace reactor. The phases present in
the composites are hexagonal Cr, ,Si, Cy,y (Cr,8i,Cy) / cubic B-SiC and tetragonal MoSi,,
hexagonal Mo,Si,C,/ cubic 8-SiC. The volume fraction of these phases can be controlled
through the soiution preparation of the precursors. Characterization of composite powders
include x-ray diffraction spectrometry (XRD), scanning electron microscopy (SEM) and
transmission electron microscopy (TEM). Particle size distribution of the synthesized chromium
silicide and silicon carbide composite was conducted by a computerized image analyzer and the
statistical result was obtained.

INTRODUCTION

Advanced material systems for service at high temperatures up to temperature 1600°C must
combine strength, creep strength, fracture toughness and high thermal conductivity. The latter is
now of considerable importance in applications where rapid heat dissipation is necessary.
Although carbon / carbon and ceramic / ceramic composites are now being developed for high
temperature applications, these materials have inherent limitations [1]. Uncoated carbon /carbon
composites for example, have poor oxidation resistance and ceramic / ceramic composites are
brittle over the operative temperature range. Consequently, intermetallic-matrix composites are
of considerable potential importance because they can have good fracture toughness at high
temperatures. Studies of potential intermetallic phases and reinforcing phases (with requisite
strength and elastic modulus) indicate the intermetallic silicides and silicon carbide to be a good
candidates for composites.

Composites having ultrafine microstructures is a concept that can provide the means for
achieving isotropic properties and optimized fracture toughness. Additionally, there is the
important concept of super strength, when a high volume fraction (>50%) of submicron particles
are embedded into a ductile matrix. This unusually high strength depends solely on the inverse
particle diameter and particle-matrix interfacial properties. It is temperature independent and is
maintained even at the matrix melting temperature, The preceding aspects illustrate some of the
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benefits to be gained by synthesizing large amounts of composites possessing nanostructures
such as chromium silicide and molybdenum silicide /silicon carbide. Although the thermodynamic
compatibility of such systems has been calculated, the processing capability needs to be
developed for producing the structures on a sufficiently nanoscale. Recent works [1,2,3] have
shown, for instance, that molybdenum silicide powders containing silicon carbide can be
produced by rapid solidification or conventional hot pressing techniques. With these techniques,
however, the dispersoids are too coarse for achieving the desirable properties. This structural
scale limitation may be overcome by developing appropriate chemical precursors and processing
routes to produce silicide matrix nanoparticles, dispersion strengthened by silicon carbide
nanoparticles. Based on newly developed synthesis technofogies at the University of Connecticut
[4,5,6), a solution chemical synthesis route is selected for synthesizing a chromium silicide /
molybdenum silicide and silicon carbide nanocomposite. The approach involves (i) the spray
drying of water soluble inorganic compounds to form an intermediate precursor, and (ji) thermal
chemical conversion of the intermediate precursor to form the final product materiat at an
elevated temperature in a dynamic gas environment.

EXPERIMENTAL

Chromium chloride (CrCl,) or molybdenum chloride (MoCl,), sodium methylsiliconate
(CH,Si(ONa), ) with 30wt% water and dextrose (D-Glucose C;H,,0, ) were dissolved in distilled
water to produce an aqueous solution. Spray drying of the precursor was performed in a spray
dryer. The solution was pumped from a feed tank into the spray nozzle. Atomization was
achieved using compressed air. The resulting powder was cyclone separated from the flowing
gas stream. The intermediate precursor powders were placed in an alumina crucibie in a tube
furnace. The system was cyclically evacuated to 10” torr and flushed with argon gas several
times, and then back filled with argon gas to near ambient pressure. During this process
operation, the system was maintained under an argon flow rate of 70 cc/min.

CHARACTERIZATION
X-ray Analysis

X-ray diffraction analysis provides detailed information of the crystaliine structural
characteristics (crystalline phase formations). Fig.1 shows the x-ray spectra for the synthesis of
chromium silicide and silicon carbide composites at the 1250°C. Samples were prepared from
different solution precursors where the concentration ratios of chromium chloride (CrCl,),
sodium methylsiliconate (CH,Si(ONa), ) and D-Glucose (CH,,0, ) were 1:3:1, 1:2:1, and 1:4:2.

The analysis revealed the chromium silicide phase has a hexagonal structure and the

! modification is Cr,,Si, ,Cy,(Cr,Si,C,); silicon carbide has a cubic structure and the modification
is B—SiC. Silicon dioxide cristolbalite SiO, presented as crystalline phases in the composite for
the samples prepared from the solution precursors where the molar ratios 1:3:1 and 1:2:1 but not
1:4:2. By increasing the processing temperature up to temperature 1300°C, SiO, cristolbalite
phase disappearing for the sample 1:2:1. (Fig.2). It suggests that the silicon dioxide phase as
impurity of the final composite can be controlled by optimizing the Cr, Si, and C ratios of the
precursors and the processing temperatures.
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Fig. 1 X-ray analysis of chromium silicide and silicon carbide composite powders produced from
precursors where the molar ratios of Cr, Si, and C are 1:3:1, 1:2:1 and 1:4:2 at 1250°C for
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Fig. 2 X-ray analysis of chromium silicide and silicon carbide composite powders produced from
the precursor with Cr, Si, and C molar ratio in 1:2:1 at 1300°C for 3.5 hours.

151

Ll e e o e o T SR e MO, el
e - e e e T R L




 —————— - NN = AN |~ iy Vs SN S AN e e

s T e - —— o —

Molybdenum silicide and silicon carbide composite was prepared from a precursor made of
molybdenum chloride (MoCl,) and sodium methylsiliconate (CH,Si(ONa), ) and D-Glucose
(C.H,,0, ), where the molar ratio of Mo, Si and C was 1:4:2. The process was followed by a
thermal chemical treatment at 1300°C for 5 hours. The synthesized final composite was revealed
by the x-ray analysis and the analytical result is shown in Fig.3. The contained phases of the
synthesized composite were identified as tetragonal MoSi,, hexagonal Mo,Si,C,, and cubic f3-
SiC. It was found that different phase modifications of molybdenum silicides and chromium
silicides were produced in the synthesized composite even though they were produced from the
solution precursors with the same molar ratios. This result might due to the differences
between CrCl, and MoCl,. that the ionic status of chromium is in the 3* and of molybdenum is
in 5°. A slight difference in the reaction paths involved may affect on the silicide formation.

A Mo, SiC o

; Mo,si,C. ©
[ ] A -
c A A
30.0 35.¢ 40.0 45.0 50.0 55 0 60 ©
20

Fig. 3 X-ray analysis of molybdenum silicide and silicon carbide composite powders produced at
1250°C for 5 hours.

El Mi Examinati

Morphological examinations of the synthesized powders were performed using SEM and
TEM. Fig.4 is a SEM micrograph of the powders, which shows transparent and hollow
structures under the clectron beam. These particles were observed and examined using the
TEM. Studies revealed these powders are nanostructured agglomerates, each agglomerate is in
the nanometer size, and these agglomerates are platelets with the hexagonal or cubic shapes
(Fig.5).

Fig. 4 Scanning electron microscopy (SEM) examination shows the morphology of the
synthesized chromium silicide and silicon carbide composite powder.

152

R . R [P S e S, B e .

e T e o W .~



e

§ ——— e

e T AT R

m—_ - - e L e

o0 ®

® 250 nm
. L

Fig. S Transmission electron microscopy (TEM) examination shows the shapes of the
particulates of the synthesized chromium silicide and silicon carbide composite powder.

Particle size distributi

Image analysis was applied to investigate the particle size distribution. A SEM picture

of the agglomerated composite powder was taken and imported into a image analyzer. The
diameters of these particles were measured on the screen and statistically calculated. Fig.6
shows the size distribution of the agglomerated particles which were produced at 1250°C for §
hours. The agglomerated particles have the average (mean) size of 1.12 um. The maximum size
is 3.72 pm and the minimum size is 0.0438 pum. 90% of the measured particles are in the size
range below to 2 pm. It is difficult to measure the minimum particle size because very tiny
particles which are below 0.1 m are not able to be counted from the SEM picture. In order to
analyze the particulate of the agglomeration, sample powders were analyzed using the high
resolution TEM. Fig. 7 shows the size distribution of the particulate. The average (mean) value
of the size is 50.47 nm, the maximum value is 92 nm. The minimum value is 13.6 nm. The
particulate size distribution is in the type of the Gauss-distribution.

72 1 r

60 | J i 1:4:2, 1250°C, 5 hours
so 1HIIH
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' 3 3.72145 P

1 2
Fig. 6 Particle size distribution of the agglomerated chromium silicide and silicon carbide
composite powders.
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Fig. 7 Particle size distribution of the particulates of chromium silicide and silicon carbide
composite powders

CONCLUSION

A process for the synthesis of nanostructured chromium silicide/ molybdenum silicide and
silicon carbide composites has been developed. This paper mainly emphasizes the merit of a
materials synthesis technique that involves the thermo-chemical materials processing concepts.
Silicon carbides in both intermetallic composites show the cubic structure and B- SiC
modification. Intermetallic silicides are in the hexagonal and tetragonal structures and the
modifications were identified as Cr, ,Si, ,Cy,(Cr,Si,Cy), Mo,Si,C, and MoSi,. The
agglomerated powders are in the spherical shape and have a mean value around 1 jim diameter.
The particulates are in the cubic and hexagonal shapes and have a mean value around 50 nm

length. Knowledge obtained in this study can be easily extended to the synthesis of other
nanostructured intermetallic silicides and silicon carbide systems.
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A REVIEW OF CREEP OF SILICIDES AND COMPOSITES

K. SADANANDA AND C.R. FENG
Materials Science and Technology Division, Naval Research Laboratory, Washington
D.C. 20375

ABSTRACT

A review of creep behavior of molybdenum disilicides and their composites is
presented. Creep rates of these silicides are compared with those of other high
temperature materials such as superalloys, ceramic-ceramic composites, intermetallics
including aluminides (nickel and titanium), berylides (vanadium and niobium), and
refractory metals(molybdenum and tungsten). Creep rates of silicides are shown to be
very sensitive to grain size even in the power-law creep regime with grain size
exponent of the order of five and above. In addition, the results show that with
increase in volume fraction of reinforcements there is a decrease in creep rates for
volume percentages less than 25%. To achieve significant improvement in creep
strength volume percentages of reinforcements greater than 25% are required. This
weakening effect at low volume percentages is related to accompanying decrease in
grain size with the addition of reinforcements. Addition of carbon to MoSi> eliminated
the silica present at grain boundaries and converted it to SiC. The SiC thus formed,
inhibited grain growth during hot pressing. Thus although addition of carbon enhanced
creep resistance, its effect is masked by the accompanying decrease in grain size. Thus,
grain size plays a dominant role in the creep of molydisilicide composites. It is shown
that among all the materials molybdenum disilicides possess very high creep resistance
comparable to ceramic-ceramic composites.

INTRODUCTION

Creep and oxidation resistance is a limiting factor for many high temperature
applications. For temperatures below 10000C , nickel base superalloys are being used
extensively as structural materials in propulsion systems. The strength of these alloys is
primarily due to the presence of a high volume fraction of an intermetallic NisAl as
coherent precipitates in a fcc matrix. Above 900°C the precipitates go into solution,
and the strength drops precipitously. Distribution of dispersoids by mechanical alloying
could retain some amount of strengthening, but since the volume fraction and the size of
these dispersoids are small, the improvement in creep strength is only marginal.

For temperature greater than 10000C , the competing materials are, refractory
alloys, intermetallics and ceramics. There are two disadvantages with refractory alloys,
particularly bee metals. First, they are extremely susesptable to oxidation, and second,
because of their open crystal structure, their creep resistance is lower than that expected
based on their melting point. Coming (o the structural ceramics, most of them are
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brittle even in the range of 1000-1400°C. The only alternate is intermetallics. Among
the intermetallics, aluminides and silicides are the two most important class of materials
that have high potential for application at high temperatures, because of their high
resistance to oxidation due to the formation protective layers of aluminia or silica.
Some aluminides and berylides have an additional advantage due to their high specific
strength. In recent years, MoSis- based systems have been explored as alternatives to
ceramics, because of their metallic nature, oxidation resistance, and significant ductility
at temperatures above 1000°C . Attempts are being made to optimize the strength of
these silicides by alloying and by using particulate and/or whisker reinforcements.
Molybdenum disilicide is currently being used as a heating element for high
temperature furnaces. In this report, we review extensive creep studies conducted at
the Naval Research Laboratory on a variety of MoSi,- based systems([1-8] and compare
the creep data with those published in the literature on similar systems [9-16].

CREEP OF MOLYBDENUM DISILICIDE BASED SYSTEMS

Creep behavior of MoSi; has been studied by several investigators, and Table I
provides the data in terms of materials, processing conditions and the microstructural
details of the systems studied. The specific size, aspect ratio and distribution of the SiC
particulates and whiskers in the MoSis matrix that we have tested have been studied in
detail and discussed elsewhere[7]. These materials were obtained from Los Alamos
Laboratory. Most of the materials listed in Table I were obtained through powder
processing route by hot pressing or hot isostatic pressing for densification. Initial and
final grain sizes, processing conditions, and final distribution of particulates are
different for each material as shown in Table I. Because of these differences in
processing and final microstructure care should be exercised in comparing the results of
one material with the other. Both our effort and the effort by Weiderhom et al.[9,16)
involved testing of the same materials from Los Alamos and, therefore, the results can
be compared on a one-to-one to basis. We present below review of our resnlts in
terms of the effect of microstructural and metallurgical variables on the creep behavior.
Later we compare our results with those of Weiderhorn et al. as well as the with the
results of other workers listed in Table 1.

Effest of Grain Si

Fig. 1 shows the effect of grain size on the creep rates in monotithic MoSi; at
1200°C[8). The following points may be noted from the figure: (a) with increase in
grain size from 14 to 25 um, creep rates decreased by more than two orders of
magnitude, (b) the decrease is more pronounced at low stresses, (c) although the
decrease is monotonic with increase in grain size, the decrement is not a smooth
function of the grain size, and (d) over the range of applied stresses, the stress-strain
exponent varies from n=2 to n=5 for small grain sizes, and from n=4 to n=9 for large
grain sizes. Normally the grain size effect is observed in metallic or ceramic systems in
the Newtonian viscous regime with stress exponent n=1 but not in the power-law
regime [18]. In the power-law regime, the grain size dependence is not normally
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TABLE 1. Materials, Microstructural Parameters and Processing Conditions

Proc. T, Grain Si1z¢
Material Processing Y um Ref.
Mod1y ‘Hot pressing - - Maxwell
MoSiy HPing 1800 20 Suzuki et al
MoSip Hot pressing 1600-1650 - Bose
MoSiy HIPing 1650-1700 30 Bosc
MoSiz HiPing 1700 30 Ghosh et al
MoSiz Hot pressing 1820 18 Sadananda et al
MoSiy, single crystal <210> - - Bose
(Mo, W)Sip Hot pressing 1600-1650 - Bose
(Mo,W)Sip Hot pressing 1650 13 Sadananda et al
MoSiz+20v%SiCy Hot pressing 1600-1650 - Bose
MoSiz+18v%SiCy HiPing 16501700 10 Bose
MoSiz+20v%SiCy HIPing 1700 7 Ghosh et al
MoSiz+20v%SiCy Hot pressing 1815 18 Sadananda et al
(Mo, W)Siy+20v%SiC,, Hot pressing 1900 19 Sadananda et al
(Mo, W)Sip+20v%SiC,, * Hot pressing 1900 20 Wiederhom et al
MoSin+20v%SiCy HIPing 1350 - Deve et al
MoSi2+20v%Sigp/Mo HIPing 1350 - Deve et al
MoSiz+20v%Si HiPing 1700 3 Ghosh et al
XD MoSip+30veSiC, HIPing 1600 10 Swkica
MoSi+20v&Er;Mo3Siap - - - Parcketal
MoSi2+20v%CaO§ - - 29 Patrick et al
MoSiy-45v%MosSiz Hot pressing - 7,15 Mosan et af
MoSiy-45v%MosSi3, DS Direct. solid. - 7 Mosan et al
MoSix+5v%Si Hot pressing 1850 10 Sadananda et al
MoSiy+10v%Si Hot pressing 1850 8 Sadananda et al
MoSi+20v%Si Hot pressing 1850 6.5 Sadananda e1 a)
MoSiz+30v%Si Hot pressing 1850 55 Sadananda et al
MoSiz+40v%Si Hot pressing 1850 5 Sadananda et al
MoSiz+5v%SiC Hot pressing 1850 - Wicderhom et al
MoSiﬁl()v%S'& Hot pressing 1850 - Wiederhom et al
MoSiz+20v%SiCy Hot pressing 1850 . Wiederhom ctal
MoSiz+30v%Si§ Hot pressing 1850 . Wicderhom t al
MoSiz+40vRSiCy Hot pressing 1850 - Wiederhom et al
MoSiz+9v%SiC Plasma spray - - Jeng et al
(Mo, W)Siy+20v%SiC, HIPing 1600-1650 - Bose
(Mo.W)Si2+20v%Si(£+10Nb HIPing 1600-1650 - Bose
p
MoSiz+1wt%C Hot pressing 1800, 1600 15,5 Sadananda et al
MoSix+2wi%C Hot pressing 1800 7 Sadananda et al
MoSiz+4wt%C Hot grcssini 1800 6 Sadananda et al
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observed since the controlling mechanism consists of the dislocation glide and climb.
The dislocation free path in the power-law creep regime is smaller than the grain size,
and therefore the grain boundaries are not expected to play a dominant role in the
dislocation climb. To analyze the grain size effect further, we have plotted log of creep
rate as a function of log of 1/d, where d is the grain size. Fig. 2 shows that the grain-
size exponent varies from 5 to 8 in the low stress regime. With increase in stress the
data appears to indicate the there is an intermediate grain size regime where the effect
disappears. Normally, the grain size exponent is 2 for Nabarro- Herring creep
involving bulk diffusion of vacancies, and it is 3 for Cobel creep involving grain
boundary diffusion. High grain boundary exponents of the order of 5 and above have
been rarely observed. Thus there are two puzzling factors in relation to grain size
effect: (a) that the grain size effect is significant in the power-law creep regime and that
(2) the grain size exponent is greater than three; it is of the order of 5 and above for the
most of the creep range. We note that the grain size effect was also observed in other
intermetallic systems and this aspect was discussed earlier{8].

Effect of Alloying

In order to improve the creep resistance of MoSi2 system, two alloying additions
were considered. From the phase diagram, MoSi is essentially a line compound and
does not tolerate solubility of molybdenum or silicon. Any excess silicon added during
processing gets oxidized as amorphous silica and forms a glassy phase at the grain
boundaries. This glassy phase causes free grain boundary sliding accentuating creep
deformation. To eliminate the silica, carbon is added during processing which converts
silica to SiC. SiC forms particulates and reinforces the matrix MoSi> and hence should
improve its creep resistance. The other alloying effect that was considered was the
addition of WSi2, which, because of its identical crystal structure, forms an extended
solid solution with MoSiz. We will consider the effects of both carbon and WSi, on the
creep behavior of MoSij.

Figure 3 shows the effect of creep rates with carbon addition. All the specimens
were hot pressed at the same temperature. It appears from the curves that carbon has
very little effect since the creep rates are essentially the same as the base material with
carbon varying from zero to 4%. However the analysis indicates that there is a small
decrease in grain size with increase in carbon content. Microstructural examination
shows that this decrease in grain size is related to the formation of particulates of SiC
which inhibit the grain growth during hot pressing. Fig. 4 shows the TEM
micrographs of (a) monolithic material with grain boundary silica (b) reduction of
silica by carbon to from SiC, and (c) SiC particulates in a reinforced material. In (b),
in addition to SiC, precipitates of CMosSi3 were also noted at the grain boundaries.
‘This precipitate could only have formed by an additional reaction of C with MoSi;. C
can remove Si from MoSi3 to form additional SiC thus reducing molybdenum disilicide
to a lower silicide. It is important therefore to add just enough C to reduce all the
silica but not the molydisilicide. In order to consider the effect of the addition of
carbon on creep without the masking effect of the grain size, we have compared the
materials that processed at different hot pressed temperatures that resulted in very
nearly the same grain size (within the errors measurement). Real effect of carbon
addition(at constant grain size) is shown in Fig. 5. In comparison to Fig. 3, the effect
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of carbon addition is clearly evident. Addition of C enhances creep resistance first by
eliminating the undesirable silica and second by replacing it by the desirable SiC which
contributes to composite strengthening. The effect of reinforcement per se on the creep
rates is discussed in the next section.

Fig. 6 shows the effect of alloying with WSiz which has higher melting
temperature. The crystal structures of both silicides are the same with the lattice
parameters along a=b axis and c axis differing less than 0.3% (For MoSi,, a=b =3.202
and ¢ = 7.851 A, while for WSi, they respectively are 3.211 and 7.868 i, a lattice
mismatch of less than 3%). Thus Mo and W are clearly interchangeable and they form
extended solid solutions. Creep behavior of both monolithic systems and their
composites have been investigated extensively{2-8] and the results are shown in Fig. 6.
Creep rates in the alloy are lower than that in MoSij, the enhancement due to alloying
may be more if one considers the added effect due to grain size since the grain size is
lower in the alloy than in MoSi;. The effect of alloying however disappears with
increasing temperature to 14000C . The alloying effect is also obvious in the composite
with 20% SiC whiskers. The alloy composite is significantly stronger than the MoSi,
composite. Note the change in the slopes (stress exponents) between the monolithic and
the composites and is due to the presence of reinforcements rather than alloying.
Similarly it was shown earlier that the activation energy for creep also increased by
alloying and since the melting point of WSi; is higher than that of MoSi,.

Fig. 6 shows the effect of 20%SiC whisker reinforcement on creep rates in both
MoSi; and in the alloy (MO,W)Si,. The reinforcement enhances the creep rates and also
increases slightly the creep exponent. To clearly evaluate the effect of reinforcement
on the creep behavior, several volume fractions of SiC particulates were considered and
the results are shown in Fig. 7. In this figure, we have also compared the data obtained
using tensile tests by Weiderhorn et al [17] on a similar material. Following
conclusions can be reached from the results: (a) with the increase in volume fraction of
reinforcements the creep rates increase and reach a maximum and then decrease for
volume fraction greater than 20%, (b) notable increase in creep resistance observed
only when volume fractions are greater than 30%. (c) the creep rates under
compression and tension are essentially the same except for the 40% volume fraction,
(c) for 40% volume fraction, the creep rates in tension are much lower than those
under compression, and (d) since the data in tension is based on only one specimen it is
not clear at this stage whether the observed difference at 40% vol. fraction is a true
material behavior. That the results under tension and compression do not differ
significantly can also be seen in Fig. 8 where identical whisker reinforced materials
were compared [2,7,9].

Just as with carbon addition, where the effect of carbon is masked by the
superimposed effect of grain size, the true effect of particulate volume fraction is
masked by the effect of the associated reduction of grain size. As shown earlier and as
evident from the Table I that the with increase in volume fraction of particulates the
grain size decreases until the it plateaus at high volume factions greater than 30%.

The reinforcement strengthening effect SiC formed by the addition of carbon can
now become clear when creep rates with carbon addition are compared with those with
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the addition of SiC particle reinforcement. Fig. 9 shows that the data for 2 and 4%
carbon addition falls in between the data for 30 and 40% SiC particulate reinforced
material( grain sizes are nearly the same). The results imply that there is nearly 35%
volume fraction of SiC formed with the addition of carbon. It is possible that some of
the SiC resulted through the reduction of MoSi; to MosSis.

Fig. 10 show summary of all the data on particulate reinforced MoSi;- based
composites. Since grain size is one of the important parameters that influences the
creep behavior, we have specificd the reported grain sizes for each system. Table 11
provides the complete list of the materials, test temperatures, reported stress exponents
and activation energies for all the MoSi; based systems. Recognizing that the grain size
exponent is of the order of 5, and above particularly at low stresses (Fig. 2), care
should be exercised in ranking materials. For example, the 20% vol. frac. of CaO
appears to be better than 20% vol. frac. of SiC, but the grain size of the CaO reinforced
material is at least 4 times larger than that in the SiC reinforced material [11].
Therefore reduction in creep rates in CaO materials could be partly due to increase in
grain size. Most striking result in all is that creep rates in the Los Alamos materials
with MoSiz with 40% vol. frac. with grain size of 5 im, in XD material with 30% vol.
frac. with grain size of 10 pum [15] and in directionally solidified eutectic material[16)
with 45% MoSi2 with grain size of 7 um all nearly equal. On equivalent grain size
basis, the Los Alamos material may fare better. The fact remains, however, that
significant improvement in creep rates of MoSi; can be achieved through particulate
reinforcements.

MoSi; wi i

As discussed in the introduction, for high temperature applications, MoSis has to
compete with the currently available ceramic-ceramic systems. Fig. 11 compares the
creep rates of MoSiz with 20% SiC whisker reinforced materials with that of SizNg
reinforced with 30% SiC whiskers.[19] Creep rates are comparable with ceramic-
ceramic composite although the volume fraction of the reinforcement is 10% lower.
The other advantages such as high ductility and ease of machinability would outweigh
the performance of the MoSi; system

Finally, Fig. 12 shows the comparison of creep of MoSiz- based composites with
the other potential candidate materials for high temperature applications. Clearly
MoSi; - based composites have a superior performance than currently used superalloys
(20], all high temperature aluminides [7,8,21], berylides [22,23], refractory metals
[24,25] that have been tested so far. The creep rates are comparable with the ceramic-
ceramic system. Thus the current research efforts have established that MoSi2-based
system is not just for academic interest but has a high potential for application in the
temperatures greater than 1000°C. It is now only a question of optimizing the
microstructure for additional improvement in properties, and for enhancing the
ambient temperature toughness.

SUMMARY AND CONCLUSIONS

Creep behavior of MoSiz based systems has been reviewed. The effect of grain
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TABLE II : Creep Data for MoSi2
Temp., Stress, Act Eng,,
Material °C MPa n k.l/mof Ref.
MoS12 1093-1371 8-70 1.3 - Maxwell
MoSiz 1200 42-130 35 . Suzuki et al
MoSiy, HP 1200 35-70 2.8 - Bose
MoSis, HIP 1200 35-70 28 - Bosc
MoSiy 1100-1400 10-80 17,44 372 Ghosh et al
MoSip 1100-1300 10-80 2 433 Sadananda et al
MoSiy, single crysal <210> 1200 70-170 2 - Bose
MoSix* 1200 10-50 27 - Ghosh et al
(Mo,W)Sip 1200 35-70 16 - Bose
(Mo, W)Si2 1100-1400 2-200 24,36 536 Sadananda et al
MoSiz+20v%SiC,, 1200 35-70 3.1 - Bose
MoSiz+18v%SiC,, 1200 35-100 31 - Bose
MoSiz+20v%SiCy, 1200 100-250 31 - Ghosh et al
MoSip+20v%SiCy, 1100-1450  20-200 33,52 596 Sadananda et al
(Mo, W)Six+20v%SiCy 1100-1400 8-250 2,4 - Sadananda et al
(Mo,W)Siz+20v%SiC,y, * 1175 30-50 32 557 Wiederhoen et al
(Mo, W)Sia+20v%SiC,* 1225 30-50 23 557 Wiederhom et al
MoS|z+ Si 1100 40-90 b} - Deve etal
MoSiy+20v%Si 1100 70-150 3 - Deve et al
MoSiz+20v%Si 1200 8-100 31 - Ghosh et al
XD MoSiz+ Si 1050-1300 = 35 430 Suzuki et al
Monz+20v%EqM 1200-1300 LU 35 - Patrick et al
1200 AR 35 - Patrick et al
MoSlz-45v%Mo5 13,HP 1200-1300 10 : v 25,35 - Mosan et al
MoSix-45v®MosSi3 DS 1100-1300 150-1000 45 300 Mosan et al
MoSix+5v%Si 1100-1200  20-180 1 460 Sadanands et al
MoSix+10v%Si 1100-1200  20-250 1 460 Sadananda et al
MoSiz+20v%®Si 900-1200 15-450 .4 460 Sadananda et al
MoSix+30v%Si 1100-1200  35-300 3,57 460 Sadananda et al
MoSi i 1000-1200  40-400 h) 460 Sadananda et al
MoSiz+5v%S 1050-1150 10-30 1 815 Wiederhorn et al
MoSiy+10v%Si 1050-1150 10-30 3 575 Wiederhom et al
MoSiz+20v%S: 1050-1150 10-30 5 894 Wiederhom et al
MoSip+30v%S 1150-1250 30-50 b 684 Wiederhom et al
MoSix+40v%hS: 1100-1200 30-50 5.10 628 Wiederhom et al
MoSix+9v%SiC 1100-1500  10-100 15,25 190,300 Jengetal
(Mo, W)Siz+20v&SiCp 1200 50-100 25 - Bose
‘ (Mo, W)Si2+20v%SiCp+10Nb 1200 65-120 35 - Bose
: MoSiz+1w%C 1200-1400  20-250 2,5 460  Sadsnandactal
MoSix+2wt%C 1000-1400  20-300 3 460 Sadananda et al
MoSiz+4wt%HC 1200-1400  20-250 3 460 Sadananda et al
* Tensile Creep Test
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size, effect of alloy additions, effect of reinforcements, combined effect of alloying and
reinforcement have been studied as a function of stress and temperature. It shown that
effect of grain size and reinforcement are significant. While the addition of
reinforcement enhances creep resistance of the composite, the accompanying reduction
in grain size reduces creep resistance, and a balance of the two determines the resulting
creep behavior. It was emphasized that care should be exercised in comparing the
results of different materials that were processed differently.

Creep rates of MoSi, material is compared with the those of other candidate
materials for high temperature application and it is shown that they are far superior
than superalloys, advanced aluminides, berylides, refractory metals etc. and their creep
rates are comparable to ceramic-ceramic composites. The conclusion is that MoSi; has
a high potential for application at temperatures greater than 1000 C. Future efforts
should address the optimization of the microstructure for additional improvement in
creep resistance and for the improvement in low temperature fracture toughness.
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PLASTICITY ENHANCEMENT PROCESSES IN MoSi2-BASE MATERIALS

R. GIBALA, H. CHANG AND CM. CZARNIK
Department Of Materials Science And Engineeting,
The University Of Michigan, Ann Arbor, MI 48109-2136

ABSTRACT

Low temperature plasticity enhancement processes observed in body-centered cubic
metals and B2 ordered alloys can be observed in MoSi in appropriate stress-temperature-strain
rate regimes. We illustrate effects of surface films (ZrO3) and dispersoids (TiC) in enhancing
plasticity of MoSi; in the ductile-to-brittle transition range of temperatures, 900-1400°C. We
also show, through experiments involving high temperature (1300°C) prestrain, that effective
operation of dislocation generation processes can extend the low temperature range to which
MoSi can be plastically deformed. These results illustrate that approaches to enhance toughness
of MoSi > need not be limited to ductile phases characterized by weak interfaces.

INTRODUCTION

Ordered intermetallic compounds such as MoSi2 possess many desirable engineering
properties, e.g. high stiffness, high thermal conductivity, low density, excellent environmental
resistance, and potentially high strength at elevated temperatures. However, a major difficulty in
the application of MoSi; as a structural material has been a lack of adequate ductility and
fracture toughness at relatively low temperatures. "Low" temperatures for MoSi are as high as
900°C-1400°C. At the lower end of this temperature range, MoSi; exhibits very limited
plasticity, even in compression of high purity single crystals {1-4]. Only toward the higher of
these temperatures, with the onset of dislocation climb and diffusional creep processes (5-7).
does MoSi; exhibit significant plasticity in compression, bending and tension in both single
crystals and polycrystalline materials [1-8). Within this temperature range, MoSi undergoes a
lt:rinle-toduclile fracture transition that appears to be dislocation-mobility or dislocation-density
imited.

Many approaches have been taken to reduce the brittle-to-ductile transition temperature
(BDTT) of MoSt3 or to enhance the capability for plastic flow and obtain increased toughness at
relatively low temperatures. Approaches include but are not limited to solid solution alloying,
second-phase microstructural control, ductile phase toughening, and thermomechanical
manipulation of grain size and texture (9). In this paper, we examine three specific methods of
plasticity enhancement that have proven effective previously in body-centered cubic refractory
metals such as Nb, Ta, Mo and W, and B2 ordered intermetallic alloys such as NiAl and FeAl:
high temperature prestrain, surface film coatings and second phase particles [10,11]. Such
results have demonstrated that the ductility of bcc metals and B2 ordered alloys can be greatly
enhanced by these methods because dislocation-mobility or dislocation-density limitations can
be overcome. The dislocation-mobility limitation follows, for example, from the large difference
in intrinsic mobility between edge and screw dislocations in the bce structure and in B2 ordered
alloys which deform by the motion of <111> dislocations [12]. The dislocation-density
limitation arises from a lack of sufficient numbers of surface or internal dislocation sources
[10,13]). For MoSi2, insufficient knowledge exists conceming the relative mobilities of cdge and
screw dislocations, and information on the different dislocation types <100>, <110>, 1/2 <111>
and 1/2 <331>, their glide planes, and the operative slip systems as a function of temperature,
strain rate and crystallographic orientation is only recently being developed [4,14,15]. Inspite of
this new information, it is clear that there is minimal dislocation plasticity below ~900°C at
normal strain rates [14], except perhaps under hardness indentations [16].
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Because MoSi2 exhibits qualitatively similar dependences of the yield strength on
temperature, strain rate and crystallo, ic orientation as bcc metals and B2 ordered alloys, it is
important to examine MoSi2 for possible plasticity enhancement by processes that are operative
in these materials. The purpose of this paper is to determine the extent to which the plastic
deformation of MoSi2 at and below the BDTT is bce/B2-like in its sensitivity to high
temperature prestrain, surface films and second phases.

EXPERIMENTAL

Maost of the experimental procedures have been described in detail in other papers or
theses given as references to this paper. Only those procedures that pertain to the particular
results described or discussed in this paper are given here.

Maierials

All experiments on monolithic polycrystalline MoSi2 were done on powder processed
materials. Most experiments were performed on -325 mesh MoSis powder obtained from Cerac,
Incorporated. Some work was done on high purity, oxide-free powders prepared by mechanical
alloying by Dr. R. Schwarz of Los Alamos National Laboratory [17]. Most monolithic materials
were tested in the hot-pressed condition. Hot pressing was done uniaxially in grafoil-lined
graphite dies in argon at temperatures in the range 1600-1700°C for 1/2 to 2 hours at pressures of
25-30 MPa. Some materials werc additionally HiPed at 1800°C for 1.5 hours at 200 MPa. The
approximately equiaxed grain size was typically about 30 um, and the materials were about 95-
98% of theoretical density. No preferential texture was noted. Surface film coating experiments
utilized PVD electron beam deposition of ZrO3 films approximately 100 nm thick at 50°C.

Some experiments were performed on single crystals of MoSiy prepared by the
Czochralski method by J.D. Garrett of McMaster University [16). The growth rate of these
crystals was approximately 180 mm/h, and crystal pulling was done in a high purity, Ti-gettered
atmosphere.

MoSi3-TiC particulate composites were prepared by powder processing in attempts to
disclose second-phase-induced plasticity enhancement. TiC powders of 2.5-4 pm size with the
stoichiometry TiCpgs were dry blended in a ball mill for 20 h with the commercial MoSis
powders described above in proportions to produce MoSiz-10, 15 and 20 vol.% TiC composites.
These materials were given identical hot pressing/HIPing treatments given to the monolithic
MoSi2 materials with which they were to be compared. The composites were usually 92-98%
dense. The grain size of the MoSi2 matrix was approximately 15-25 um in these materials. The
TiC particles were well distributed throughout the composite volume, but because of
agglomeration varied in size from 5 pm to 45 pm, with a mean size of 10 um. Because of the
large sensitivity of yield streagth and creep resistance on grain size, only monolithic MoSi3 and
MoSi2-TiC composites with nearly the same grain size (30 um and 25 pum, respectively) are
compared.

Meghanical Testi

Most mechanical testing of MoSis and MoSiz-TiC composites was done in compression
at a constant extension rate corresponding to an initial strain rate of 10-4 5-1 on specimens that
were 6 mm x 3 mm x 3 mm in dimensions, Tests were done on an Instron Model 4507 machine
in argon at temperatures in the range of 750-1300°C. Yttria was used as a platen lubricant to
minimize friction.
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To examine surface film effects in ZrOz-coated MoSiz, we used microhardness
indentation techniques. Diamond Vickers indentations at loads of 0.5 to 1 kgf were made at
temperatures of 25-1300°C with a Nikon QM hot hardness tester. ‘with an average of at least five
measurements made at each temperature. The MoSi3 specime:is were typically coaled over one
half of the indentation surface so that hardness measuremeats of uncoated and coated materials
could be made on the same specimen at the same lime.

Mi Lt -

All material~ ‘vcre examined by visible-light optical, scanning electron, and transmission
electron microscopies. Optical and SEM methods were employed to determine grain size, grain
shzpe, second phase structure and ‘.stribution, and deformation and fracture path morphologies
on fracture surfaces and side surfaces. Conventional TEM on a JEOL 2000FX microscope was
vsed to determine deformation behavior between phases in the two-phase microstructures and 10
analyze the dislocation substructures in each phase.

RESULTS AND DISCUSSION

This section of the paper discusses experimental results which disclo:: effects of high
temperature prestrain, surface films and particulate additions on the plasticity of MoSi2. In each
case, we make reference to previous results obtained in our laboratories and elsewhere for bee
metals and B2 ordercd alloys for comparison with MoSiz. The intent is 1o demonstrate that
dislocations "injected” into MoSi2 by high temperature prestrain or generated into the matrix
from strong, adherent interfaces associated with surface films or second phases afford plasticity
that would not ordinarily occur in the unprestrained, uncoated or unalloyed matrix.

Prestrain Effects

The effects of prestrain-enhanced changes in plasticity of becc metals and B2 ordered
alloys are well established. For example, Sethi and Gibala [13] have shown that the flow stress
at 77 K of high purity Nb and Ta single crystals can be reduced by prestrain at higher athermal
temperatures such as 295 K and 400 K, respectively, because of the sensitivity of the flow stress
to the mobile dislocation density. Similarly, many investigators have demonstrated that yield
points observed in impure bce metals, low dislocation-density sumiconductors and other
dislocation-deprived materials can be eliminated by prestrain [18). Hack and co-workers [19]
have shown enhancement of the fracture toughness of NiAl by prestrain in single crystals with
apparently well-pinned initial dislocation densities. These results plus recent experiments by
Maloy {4] showing modestly enhanced plasticity of [001] oriented single crystals of MoSi3 from
surfacy: abrasion led us to examine prestrain as a means of plasticity enhancement in MoSi>.

The hot pressed polycrystalline material examined in these experiments had a 30 pum
grain size and approximately 5% SiO2 panicles dispersed throughout the matrix at grain
boundaries and within grain intcriors. Stress-strain curves in compression for this maierial over
the temperature range 800°C-1300°C are shown in Fig. 1. At 1100°C-1300°C, the material
exhibits appreciable dislocation plasticity in compression, albeit with increasing amounts of
concurrent microcrack damage with decreasing temperature. At 1300°C, there is virtually no
microcrack damage after 1% plastic strain. We have used this as the high temperature prestrain
in experiments described below on MoSi2 deformed at lower temperatures. As the test
temperature is lowered below 1000°C, the unprestrained material exhibits a well-rounded yicld
point such as shown at 900°C in Fig. 1. At lower temperatures such as 850°C, there is limited
plasticity and obvious macrocracking in compression. At 800°C and below, there is no
observable plastic deformation before brittle fracture occurs.
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Two major effects of prestrain at 1300°C on the mechanical behavior at lower
temperatures are noted, as illustrated in Fig. 2. (a) The yicld point obscrved in unprestrained
materials deformed at temperatures such as 900°C is eliminated by the prestrain (Fig. 2(a)). (h)
The limited plasticity exhibited by materials deformed at temperaturcs below 900°C is greatly
enhanced by the high temperature prestrain (Fig. 2(b)). Note in Fig. 2(a) that the unprestrained
and prestrained materials deform at about the same flow stress, typical of dislocation-pinned or
dislocation-density limited materials. TEM obscrvations of both materials deformed to 1%
plastic strain disclose high dislocation densities, up to 104 m/m3, demonstrating the major role
of dislocation plasticity in the deformation. The most prominent slip systems in these materials
were <100> {011} and <100> {013} [20). Fig. 2(b) shows that at temperaturcs such as 800°C,
at which the unprestrained material exhibits no plasticity, there is significant plasticity afforded
by prestrain at 1300°C. Note there is even modest plasticity of ncarly 2% at 750°C, although it is
accompanied by macrocracking.

1000 1000 -

MoSiy at 800°C ~——— UNPRESTRAINED at 800°C
_ PRESTRAINED _
é 800} : 800 A l

e Iz T // -
bt P e = = T LEee—T
g o \ | l RESTRAI
P NED at 800°C

E UNPRESTRAINED a
# 400 400| PRESTRAINED at 750°C
E 200 200

(a) (b) Mos‘z

& " "

() — i o i i A i i
0 001 002 003 004 005 0.08 0.07 0 001 002 0603 004 005 0.08 007

TRUE STRAIN TRUE STRAIN
Figure 2. True stress-true strain curves in compression of polycrystalline MoSiz (a) at %00°C,

showing elimination of the yield point by prestrain at 1300°C, and (b) at 750°C and 800°C,
showing enhanced plastic flow by prestrain at 1300°C.
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These results represent the first report of plastic flow of MoSi2 at temperatures as low as
750°C. Although the results are encouraging, the importance of observing concurrent micro- and
macrocracking must be emphasized. The damage resilience of the polycrystalline MoSij is
associated with the ability of the polycrystalline grain structure to stop crack propagation during
deformation, as metallographic observations as a function of plastic strain at these low
temperatures attest [20]). In general, finer grained MoSiz and MoSi)-based composites are
stronger and more crack resistant at these temperatures but weaker at elevated temperatures than
their larger-grained counterparts [21]. Single crystals, without obvious crack-blunting
microstructures, exhibit negligible plasticity below 900°C-1000°C [1-4] and only small plasticity
compared 10 that obiained in polycrystalline materials at higher temperatures. Figurc 3 compares
the plasticity of an [00}] single crystal deformed at 1250°C to the much larger plasticity of the
polycrystalline material described in Figure 1 at 1200°C and 900°C. Future research on single
crystalline MoSi2 should investigate prestraining of the type done here and the incorporation of
crack-arresting second-phase microstructures as a means of enhancing plasticity.
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Surface Film Effects

A large number of investigations have demonstrated that surface films on bee metals {10,
13} and B2 ordered alloys [10,11,22,23), in single crystal or polycrystalline form, can enhance
the plasticity of the substrate material. The usual manifestation of such surface film softening is
reduced yield and flow stresses and increased strains to failure in tension, compression and cyclic
deformation. These effects occur at relatively low homologous temperatures, ¢.g. TS 0.2T .
where Tn, is the absolute melting temperature. Such temperatures are near or below the BDTT,
but at temperatures high enough that intrinsic dislocation mobility is significant. Although the
temperature range of 900°C -1400°C represents higher homologous temperatures for MoSip, the
previously discussed prestrain experiments suggest use of these temperatures for investigation of
film effects in terms of the requisite roles of dislocation mobility and dislocation generation
processes.

Surface film softening was investigated in various polycrystalline MoSia materials and in
[001] single crystals coated with 100 nm thick PVD-deposited ZrQz. ZrO3 was chosen as a
surface film because it forms adherently on MoSi2 when deposited by low-temperature PVD
methods. Adherence is important in order to develop the necessary elastic and plastic constraint
for dislocation generation at the film-substrate interface. In addition, rescarch by Petrovic and
co-workers [24] has demonstrated that MoSi2 composites containing ZrQ3 particles exhibit
toughening that is not observed in ZrQ)-free materials. The results on two different
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polycrystalline materials, a hot-pressed material of commercial powder from Cerac, Incorporated
and a hot-pressed high purity material prepared by mechanical alloying [17], are given in this
paper. Results on single crystals are given elsewhere [25].

Our initial experiments to investigate possible surface film softening of MoSi by ZrO;
films have employed hardness indentation testing at temperatures from 25-1300°C, as described
earlier in this paper. Hardness testing offers the advantage of utilizing deformation under a large,
essentially hydrostatic compressive stress state at large effective stresses and strain rates. Hence
dislocation glide plasticity is the operative deformation mechanism under these conditions
throughout this temperature range of hardness measurements [26]. Such conditions are optimum
for observation of film softening, because of its occurrence in bce metals and B2 ordered alloys
at relatively low homologous temperatures where the temperature dependence of the flow stress
is very large and where only dislocation glide mechanisms are operative. In MoSi7, the
temperature dependence of the flow stress in compression is very large over the temperature
range 900-1400°C, but the dominant dislocation mechanism changes from glide, to glide/climb,
to climb, to diffusional creep with increasing temperature in this temperature range for simple
slow strain rate monotonic testing [5]. Consequently, hardness testing offers a mechanistic
simplicity that other testing does not. Results of compression testing of film-coated MoSi; are
reported elsewhere [25).

The results of experiments on commercial hot-pressed MoSiy and mechanical alloyed
hot-pressed MoSiz are given in Fig. 4. Both uncoated materials exhibit a large decrease in
hardness as a function of temperature. The lower purity commercial MoSiy is harder at all
temperatures than the higher purity mechanical alloyed material, as expected. Both coated
materials exhibit a large decrease in hardness relative to that of the respective uncoated materials.
The amount of film-induced softening is larger for the higher purity material, again as expected
[10). It should be emphasized that the ZrO; films are approximately 0.1 pm in thickness
compared to hardness indentation depths of about 10 + 5 pm. Hence the hardness test is
sampling almost entirely the plastic zone of the substrate and not film properties. Experiments
on single crystals, including use of nanoindentation techniques, elucidate more clearly the role of
the film in the hardness behavior in these film-coated materials [25,27].
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Effects of Second-Phase Interfaces

Internal interfaces associated with second-phase precipitates or dispersoids in MoSiz
should be capable of acting as effective dislocation sources in the same manner as for bee metals
and B2 ordered alloys [10,11]. We have been successful in observing enhanced dislocation
generation due to the incorporation of TiC particles in MoSiz [28]. TiC is extremely hare at
room temperature, but deforms appreciably with increasing temperature above 600-800°C. At
temperatures above 900°C as a particulate addition to MoSi2, it undergoes substantial
deformation prior to the MoSi2 matrix and can therefore lead to enhanced dislocation generation
into the MoSi2. Figure S gives an example of the deformation undergone by TiC particles during
deformation of MoSi2-10 vol.% TiC composites deformed 0.5% at 1150°C. The diffraction
conditions are ones which also show enhanced multiplication of dislocations into the MoSi>
matrix effected by deformation incompatibility at the particle-matrix interface. Most of the
dislocations are of the <100> type, mainly on {011} and {013} planes.

Figure 5. TEM micrograph of dislocation substructures in a TiC particle and the adjacent MoSiz
matrix in a MoSi2-10 vol.% TiC composite deformed 0.5% at 1150°C. B =[110). g = 002.

Some representative mechanical behavior data for hot pressed and HIPed MoSi; and a
MoSiz-10% TiC composite are given in Fig. 6(a). Both materials are approximately 98% of
theoretical density and have nearly the same grain size (28 pm and 25 pum, respectively). The
composite has a larger strength and exhibits a comparable plasticity in compression to that of the
monolithic MoSi3 at 1150°C. The composite reaches a steady-state of zero work hardening at
much smaller strains than monolithic MoSi2, as expected from more efficient dislocation
pumping from interface sources. There is also extensive low-angle boundary formation by
dislocation recovery processes in the vicinity of the TiC particles at small strains that is not
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observed in monolithic MoSi2 [28). This observation is associated with the more effective
dislocation generation processes in the MoSi2-TiC composites. Such processes should allow
plastic deformation of the composite to low temperatures as observed for the prestrained
monolithic material, but we have not yet investigated this. In Figure 6(b), we illustrate
significant plasticity of a composite at 900°C inspite of appreciable particle strengthening by
TiC. Future work will be directed toward improving plasticity in the composites at these low
temperatures.
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Figure 6. Mechanical behavior of MoSi2 and MoSi»-TiC particulate composites. (a) Comparisvn

of stress-strain curves at 1150°C. (b) Deformation of a composite at 900°C.

SUMMARY

We have successfully demonstrated enhanced plasticity and dislocation activity in MoSi;
by high temperature prestrain, surface films, and internal interfaces associated with second-phase
particulates. These results offer evidence that enhanced plasticity of MoSiz can be realized from
manipulation of dislocation density and dislocation source density by microstructural methods.
The plasticity enhancement by high temperature prestrain occurs from dislocation injection into
the dislocation-density limited material and activation of dislocation sources not available in the
unprestrained material. The observed enhancements of plasticity by surface films and second
phases occur because of the conditions of constrained deformation at the film-substrate and
particle-matrix interfaces which are effective in introducing glissile dislocations into the
otherwise brittle substrate/matrix material. These observations offer hope that optimized
microstructural control of MoSiz will lead to enhanced toughness in future engineering
applications. However, such approaches must take into account the microcrack damage
accumulation processes which occur concurrently during plastic deformation.

182




§ e e

— LTSS w——

e o ———ty et A . e e e

ACKNOWLEDGMENTS

Various parts of this research have been individually supported by the National Science
Foundation, Grant No. DMR 9102414, Dr. Bruce A. MacDonald, Program Director, and by the
Air Force Office of Scientific Research, Grant No. DoD-G-AFOSR-90-0141 and DoD-G-
F49620-93-1-0289, Dr. Alan H. Rosenstein, Director. We also acknowledge the Department of
Energy for fellowshi support that enabled two of us (R.G., C.M.C.) 10 do portions of the
research on surface ﬁrm softening of MoSi2 in the Center for Materials Science at Los Alamos
National Laboratory.

REFERENCES

Y. Umakoshi, T. Sakagami, T. Hirano and T. Yamane, Acta Metall. Mater. 38, 909 (1990).
Y. Umakoshi, T. Hirano, T. Sakagami and T. Yamane,

Intermetallics, S.H. Whang et al., TMS, Warrendale, PA, p. 111, 1990.

K. Kimura, M. Nakamura and T. Hirano J. Mater. Sci. 25, 2487 (1990).

S.A. Maloy, Ph.D. Thesis, Case Western Reserve University, Cleveland, Ohio, 1993.

R. Gibala, A K. Ghosh, D.C. Van Aken, D.J. Srolovitz, A. Basu, H. Chang, D.P. Mason and
W. Yang, Mater. Sci. Eng. A133, 147 (1992).

K. Sadananda, C.R. Feng, H. Jones and J.J. Petrovic, Mater. Sci. Eng. Al5S, 227 (1992)

K. Sadananda and C.R. Feng,

Bewlay et al., eds., MRS Symposium Series 322 (1994).

R.M. Aikin, Jr Scnpta Metall Mater. 26, 1025 (1992).

AK. Vasudevan and J.J. Petrovic, Mater. Sci. Eng. A155, 1 (1992).

R.D. Noebe and R. Gibala, Structure and Deformation of Boundaries, K. Subramanian and
M.A. Imam, eds., The Metallurgical Society, AIME, Warrendale, PA, p. 89, 1986.

R.D. Noebe A Mlsra and R Gibala, lSIJ International 31, 1172 (1991).

M. Yamaguchi, . M. Meshi, ed., TMS-AIME,
Warrendale, PA, p. 31, 1982.

Poe N vaw N

—
[ SN

13. VK. Sethi and R. Gibala, Phil. Mag. 37, 419 (1978).

14, S.gg.zMaloy. A H. Heuer, 1.J. Lewandowski and T.E. Mitchell, Acta Metall. Mater. 40, 3159
(1992)

15. T.E. Mitchell, High Temperature Silicides and Refractory Alloys, B.P. Bewlay et al., eds.,
MRS Symposium Series 322 (1994).

16. P.H. Boldt, J.D. Embury, and G.C. Weatherly, Mater. Sci. Eng. A155, 251 (1992).

17. :(19892§chwarz S.R. Srinivasan, J.J. Petrovic and C.J. Maggiore, Mater. Sci. Eng. A153,75

18. W.G. Johnston, J. Appl. Phys. 33, 2716 (1962).

19.  JE. Hack, J.M. Brzcski and R. Darolia, Scripta Metall. Mater. 27, 1259 (1992).

20. H.Chang and R. Gibala, High Temperature Silicidcs and Refractory Alloys, B.P. Bewlay ct
al,, eds., MRS Symposium Series 322 (1994).

21, AK. Ghosh and A. Basu, High Temperature Silicides and Refractory Alloys. B.P. Bewlay ct
al,, eds., MRS Symposium Series 322 (1994).

22. RD.Noebe and R. Gibala, Scripta Metall. 20, 1635 (1986).

23. K.J. Bowman, S.E. Hartfield-Wiinsch and R. Gibala, Scripta Metall. Mater. 26, 1529 (1992).

24. 1.J. Petrovic, A.K. Bhattacharya, R.E. Honnell, T.E. Mitchell, R K. Wade, and K.J.
McClellan, Mater. Sci. Eng. 155A 259 (1992).

25. CM. Czamlk R. Gibala, M. Nastasi and J.D. Garrett,

, B.P. Bewlay et al, eds., MRS Symposnum Series 322 (1994)

26. (\Yggl)l.l, J.L. Henshall, R M. Hooper and K.E. Easterling, Acta Metall. Mater. 39, 3099

27. C.M. Czamnik, M.S. Thesis, University of Michigan, Ann Arbor, MI, 1993,

28. H. Chang, H. Kung and R. Gibala, Intermetallic Matrix Composites I, D.B. Miracle et al.,

eds., MRS Symposium Series 273, 253 (1992).




FILM SOFTENING EFFECTS OF ZrO2 ON MoSiz

C. M. CZARNIK, R. GIBALA, M. NASTASI* AND J. D. GARRETT**

The University of Michigan, Department of Materials Science and Engineering, Ann Arbor,

MI 48109-2136

*Materials Science Technology Div., Los Alamos National Laboratory, Los Alamos, NM 87545
**Institute for Materials Research, McMaster University, Hamilton ONT, Canada, L8S 4M1

ABSTRACT

We have investigated the effect of thin films of ZrO; on the mechanical behavior of [001]
single-crystalline MoSiz. Previous work in our laboratories has shown there to be a 20-40%
reduction in hardness in coated samples relative to the corresponding uncoated samples. We now
compare fracture around the indentations ¢s a function of thickness. Thicker ZrO; coatings reduce
radial crack length around the inde..tation through the intrinsic compressive stress at the
film/substrate interface. In addition, Z.Os-coated materials tested in compression at 1250°C
exhibit approximately twice the plastic strain of uncoated materials, indicating that reduction in
hardness is associated with enhanced plasticity from dislocation activity associated with the
film/substrate interface.

INTRODUCTION

MoSi, exhibits properties of low density, excellent oxidation resistance, high stiffness,
high thermal conductivity, and potential high strength at elevated temperatures. However, limited
ductility at intermediate temperatures (<1300°C) and poor strength at elevated temperatures
(>1300°C) have been major drawbacks. There have been attempts to enhance the plasticity of this
material in the brittle-to-ductile transition temperature region (900-1300°C) [1]. Some of these
methods include solid solution alloying, grain size manipulation, and second-phase toughening.
However, none of these methods has been singularly successful in solving all of the problems
associated with a brittle material such as MoSi;.

The aim of this research involves the use of deposited surface films in an attempt to
improve the deformation characteristics of MoSi;. Previous work has demonstrated a film
softening effect in many bcc metals and B2 ordered alloys at relatively low homologous
temperatures (T < 0.2T;) [2]. The application of surface oxide films has substantialiy increased
the ductility of these bce and B2 materials. MoSi, is similar to these materials in a few important
respects: it has a bee-like unit cell, it is a dislocation glide-limited material, and there is a marked
temperature dependence of the yield strength. There is also a yield stress dependence on crystal
orientation in compression tests. All these dependencies suggest that film softening might occur in
the MoSij, system. ZrO, was chosen as a possible film after discussions with Petrovic et al.
regarding use of ZrO, particles as a potential toughening addition to hot-pressed MoSi; material.
Their investigations have shown that there is no significant chemical reaction between ZrO, and the
MoSij matrix {3]). The thermal expansion coefficient for ZrO, is close to that of MoSi,, thus
reducing possible thermal stresses. Our previous research on hardness testing of ZrO, coated
MoSi; has shown a 20-40% decrease in hardness relative to the uncoated material [4]. In this
paper, we examine the effect of film thickness on the film-induced reduction in hardness and
examine the effect of these films on the yield stress in compression.

EXPERIMENTAL

The single crystaliine MoSi; was grown from high purity Si (Johnson Matthey) and Mo
(GTE Products) arc melted in a high purity Ar atmosphere to form a single button. The
Czochralski technique of crystal growing was employed to pull single crystals from these buttons
at a rate of 240 mmv/hour. Crystals were pulled in a high purity argon atmosphere further purified
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by passing the gas through a Ti getter. All single crystals were grown from an [001] seed crystal
in an attempt to align the crystals in the "hard" orientation for MoSi; [5]. Sample preparation for
the compression tests involved coring 3 mm diameter x 6 mm length samples from the single
crystals. A Laue back reflection method was used to orient the crystal to within 30 of the [001] axis
prior to final shaping of the specimens. An AEGIE Electro-Discharge Machining (EDM) unit was
used to section single crystals through a combination of wire cutting and coring. Subsequent Laue
measurements confirmed that the crystals were oriented to within 20 of the (001} direction.

All coatings were deposited by electron beam evaporation under high vacuum conditions.
Partial pressures of O, and H,0 in the deposition chamber just prior to deposition were less than
1x10-6 Torr. The deposition rate for all coatings was 1 nmvsecond. Surface films of SiO, and
2r0, were deposited from their respective commercial crystalline sources using a single electron
beam gun. Carbon samples were coated to analyze composition of the deposited film by
Rutherford Backscattering Spectroscopy (RBS). Also, films were deposited onto Al,O5 substrates
for thickness measurement. A Dektak profilometer was employed to calibrate the deposited
thickness of films to an accuracy of + 4 nm and to measure final deposited thicknesses. All films
were of stoichiometric composition within 5%.

We used a motor driven rotating shaft to coat the cylindrical compression samples inside
the deposition chamber. Five or six compression samples were attached end-to-end to the rotating
rod by an epoxy. The rod rotated at a speed of 2 revolutions/second to ensure a uniform coating
over the whole sample. Total deposition times were on the order of 2 minutes. We attached a
carbon sample to the end of the compression samples for RBS analysis.

An Instron machine was utilized for all compression testing. All testing was performed in a
high purity Ar atmosphere at 1250°C at a nominal strain rate of 104 s-!. Testing continued until
major cracking occurred in the sample, or the sample catastrophically failed. In one case the test
was prematurely halted because the extension limits of the apparatus were reached. Dense SiC
platens were employed to compress the single crystalline MoSi, and the platens showed little or no
sign of indentation after tests. BN was used to coat the SiC platens prior to compression testing.

Samples for hardness measurements were prepared by coating half of the surface with 120
nm ZrO,. This allowed testing of uncoated and coated areas on the same sample at the same time.
It also kept constant the orientation between crystallographic directions and indenter edges.
Indentations were then made at loads 0.5-1 kgf for 5 seconds. We used a diamond Vickers
indenter for all hardness tests.

Intrinsic stress in the deposited film was measured by an Ionic wafer deflection gauge. The
system was originally designed to measure intrinsic stress in thin films deposited on Si wafers. It
was modified to allow measurements on smaller Si beams. Three measurements were made on
each coated sample, and three such samples were tested with adequate results, i.e. the deflection
was in the measurable range of the machine after coating. The stress measurement system
employed a fiber optic bundle that shined light on the Si surface. From detection of varying
amounts of light reflected from the sample, a distance between light head and sample could be
determined to high accuracy. From this distance and the radius of the contact points for the beam
we can determine a change in radius of curvature for the film-substrate composite due to intrinsic
stresses.

RESULTS AND DISCUSSION
Compression Tests

Compression tests were performed on single crystal samples at 1250°C. Results for the
120 nm ZrO;, coated compression samples are shown in Fig. 1. Coated samples exhibit
approximately twice the plastic deformation of uncoated samples, i.e. 2.7 - (>) 3.0% strain in ZrO)
coated materials compared to I - 1.3% in uncoated materials. The uncoated samples failed

catastrophically during testing, with only bits of powder left after compression tests. On the other
hand, the coated samples deformed plastically, with one sample exhibiting a large degree of shear.
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Fig. 1 True stress as a function of true plastic strain for uncoated, ZrO; coated and SiO; coated
[001] oriented single crystalline MoSiy.

Samples were prepared from two different single crystals grown at different times. Each of the
two uncoated single crystals exhibited a different yield strength as well as a different total plastic
strain. This could be due to different amounts of MosSiy in the each crystal. However, in each
case the coated materials exhibited greater plastic strains.

Fig. 1 also shows the effect of an Si0; coating on single crystal compression. Additional
5i0; coating over that associated with the formation of the thin natural oxide did not lead to an
increase in plasticity. In fact, there is a slight decrease in the plasticity of the SiO, coated sample
in Fig. 1. There was no significant effect of the coating on the yield stress of the material as
there was for ZrO» coated material. The SiO; coated sample failed by the formation of vertical
cracks, such that there were only long splinters of SiO; coated single crystal MoSi; after test
completion. However, the ZrO, sample is still intact after undergoing twice the plastic strain of
the uncoated sample.

Intcinsic and Extrinsic S

The Ionic stress analyzer measures the change in deflection of a wafer between the
uncoated and coated situations. Using this information, we calculate a value of intrinsic stress in
our film. Using values for ZrO; on Si, we find that the stress in our as-deposited films is
approximately 70 MPa (tensile in the film, compressive in the substrate). Comparing this value
to values obtained by other investigators, we find that Scheuerman measured the stress in other
electron-beam deposited ZrQ, films to be 25 MPa [6]. These measurements were on different
substrates than MoSi,. Hoffman has pointed out that the intrinsic stress of a deposited film does
not seem to change much with varying substrates [7].

The intrinsic stress involves only stresses due to deposition; considerations such as
thermal expansion differences are extrinsic stresses. In many cases, the value of extrinsic stress
can greatly exceed the value of intrinsic stress. The coefficients of thermal expansion (CTE) of
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MoSi; and ZrO, are very similar over the range of temperatures up to 1250°C. From the CTE

difference at 1200°C, we find that the strain due to thermal expansion mismatch is less than
0.25% at these relatively high temperatures. However, our ZrO, film is not completely dense, so
the exact CTE difference is unknown. Because the ZrO; film shows no sign of spalling at
12000C, it is likely that the extrinsic stresses are not excessively large.

From the calculations described above, we know that the intrinsic stress of the
Zr0O,/MoSiz composite system is of the order of 70 MPa. This additional compressive stress at
the surface would tend to prevent the nucleation and propagation of surface cracks in the matrix.
In addition, this compressive stress, for deformation in compression, would allow dislocation
generation at stress concentrators at the interface. Thus, the film in this case can serve two
important functions. The relatively large intrinsic stress prevents cracks from nucleating at
surface sites and also increases the plastic deformation in the bulk. This combination of effects
manifests itself during compression testing as significantly enhanced plasticity.

Failure of C ion Sampl

The manner of failure in the uncoated compression samples suggests that the propagation
of especially large numbers of cracks throughout the sample was responsible for its failure.
These were most likely cracks that nucleated at the surface and propagated inward during
loading. The ZrO, coating had a significant effect on this crack propagation, both in delaying
crack nucleation at the surface thus also delaying catastrophic failure.

We see a much different behavior for the SiO2 coated compression samples. The total
strain of these samples is approximately the same as the uncoated samples, but the samples failed
by the formation of a few vertical cracks rather than the multiple crack propagation as in the
uncoated material. The film constrained the material enough to prevent large-scale multiple
crack nucleation. However, it did not have the same effect as the ZrO, coating. SiO;, the natural
oxide fayer on MoSi,, evidently cannot rigidly constrain the substrate sufficiently during
deformation in such a manner as to generate additional dislocations in compression, at least not
when it is artifically thickened by PVD methods used in this investigation.

Hardness Tests

Our previous work has shown a 20-40% reduction in hardness for single crystal and
polycrystalline MoSi2 with 120 nm ZrO; coatings [4). We also see this reduction in hardness for
ZrO;, films of varying thickness (see Fig. 2). There is a large drop in hardness for 120 nm films,
but additional coating thicknesses do not give additionally reduced hardness.

When we examine the indentations, we find that the variation in film thickness has a
large effect on the indentation-induced cracking behavior. Fracture toughness of a brittle
material is often approximated by measuring the lengths of radial cracks extending from an
indentation. The indentations of uncoated and coated materials are shown in Fig. 3. Indentation
into uncoated MoSi; causes long radial cracks extending from the edges of the indentation as
shown in (a). These radial lengths are on the order of 30 um. Similarly, the 120 nm film has
long radial cracks extending from the comers that are about 30 um in length. Films of 240 nm
thickness markedly reduce the amount of radial cracking associated with the indentation to about
15um. The thickest films (480 nm) effectively eliminate all radial cracking.

It is likely that the intrinsic stress in the deposited film is responsible for this abrupt
change in radial cracking behavior. The film induces a compressive stress in the substrate, which
should make crack nucleation in the substrate more difficult. At larger film thicknesses, this
stress is apparently sufficient to prevent any radial cracks from extending in the substrate. There
is a change from radial crack formation to lateral crack formation along the interface between
Zr0, and the substrate. Hence, we see delamination of the film around the corners of the
microindentation. The interface in this case serves as a relatively weak path for crack
propagation.

Despite film delamination at regions corresponding to the edges of the indenter, the film
remains adherent to the substrate underneath the indenter, as seen in Fig. 3. This adherent
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Figure 2. Vickers hardness of [001] MoSiy samples as a function of ZrQ; film thickness on
MoSis.

area suggests that the film deforms with the substrate with increasing loads. In addition, it
suggests that the film remains adherent to the substrate during the entire loading cycle. If lateral
fracture of the film were to occur during the loading cycle, we would expect to see indentations
where the film has cracked or spalled from the area under the indenter. However, this is not the
case for any of the films in this investigation. It is more likely that this lateral fracture occurs
during the unloading cycle of the hardness test. A model for indentation testing proposed by
Chiang et al. predicts very large residual stresses underneath an indenter during the unloading
cycle [8]. It is therefore likely that the lateral fracture seen in the thicker coatings occurs during
the unloading portion of hardness testing.

SUMMARY

When the hardness data is obtained in conjunction with the compression testing data, it is
apparent that there is enhanced plasticity by dislocation motion occurring in ZrO; film-coated
MoSi;. From previous studies in other less brittle materials, we know that interfaces such as
surface films and second phases can be dislocation sources under applied stress. A similar
mechanism probably operates in this system, except that the brittle cracking behavior of material
must also be taken into account. It is likely that the film prevents nucleation and/or propagation
of cracks at the surface, in addition to providing nucleation sites for additional dislocations. This
would explain the increased plasticity in ZrO; coated materials over uncoated ones. The
constraint of the adherent surface film could effectively be pumping dislocations into the
substrate at the film/substrate interface, thereby reducing crack nucleation, crack propagation or
both.
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Figure 3. a) Indentation of an uncoated specimen. Radial crack length is about 30 ym. b)
Indentation through a 120 nm ZrO; coating. The radial crack length is also about 30 pm, and
there are small amounts of lateral fracture surrounding the indentation. c) Indentation through
240 nm ZrO; coating. Radial crack length is reduced to 15 um, b1t the lateral cracking is more
prevalent than for the 120 nm coatings. d) Indentation through 480 nm ZrO; coating. Radial
cracking has been eliminated, but the lateral cracking around the indentation is substantial.
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STRENGTH AND TOUGHNESS OF SILICIDE MATRIX MATERIALS
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Abstract

Substantijal improvements have been reported in high temperature strength and creep resis-
tance, and room temperature fracture toughness of molybdenum disilicide (MoSiz) reinforced with
ductile or brittle reinforcements. The influence of Hot Isostatic Pressing (HIP) process parame-
ters on the mechanical properties of MoSi; based alioys was studied. Monolithic MoSi; powder
and MoSi; powder blended with either niobium powder or silicon carbide whisker reinforcements
were consolidated by HIP at 1200 — 1400°C, 207 MPa, and 1 - 4 hrs. The HIP’ed compacts were
characterized for compression strength and creep resistance at 1100-1300°C. Fracture toughness
was measured on single edge notched rectangular specimens at room temperature. Mechanical
properties were correlated with post-HIP microstructural features.

INTRODUCTION

The intermetallic compound, molybdenum disilicide (MoSi;) has been considered as a
potential material for advanced high temperature structural applications {1]. This has been
primarily due to its high melting temperature, good oxidation resistance, compatibility with
reinforcement materials, and attractive mechanical properties with a potential for improve-
ment by reinforcements or alloying additions. The present study utilizes silicon carbide {SiC)
as a brittle whisker reinforcement and niobium (Nb) as a ductile particulate reinforcement.

Hot Isostatic Pressing (HIP) has been one of the common powder consolidation methods
for these materials. Alman et al (2] have reported that for P/M processed MoSi; and its
composites, HIP was necessary to achieve complete densification, even for samples processed
initially by hot pressing. The objectives of the present investigation were (i) to determine
optimum HIP process parameters in order to minimize porosity and matrix-reinforcement
interactions, reduce deleterious secondary phases, and refine grain structure, and (ii) to
characterize mechanical properties of consolidated samples as a function of HIP precess
parameters. Details of optimization of HIP consolidation are described elsewhere [3]. We re-
port here the elevated temperature strength, creep resistance and room temperature fracture
toughness of the consolidated alloys.

EXPERIMENTAL METHODS
Hot Isostatic Pressing

The MoSi, powder (45pm, 99.5 % purity) and the Nb powder (Coarse : 75-180um, 99.8
% purity; Fine : 45um, 99.5 % purity) were procured from Cerac, Inc., Milwaukee, WIL. The
SiC whiskers (15.5um x 1.6um) were procured from ART, Inc., Buffalo, NY. In the case of
composites, the matrix and reinforcement particles (20 vol. %) were mechanically blended
for more than 12 hours. The powder was poured into cylindrical Nb cans sealed on one end
by tungsten inert gas (T1G) welding, degassed for several hours at 250°C, and sealed on the
other end by electron beam welding. The cans were then HIP’ed in an argon atmosphere
at 207 MPa (30 ksi) pressure, at three different temperatures (1200°C, 1300°C, 1400°C) and
two time intervals (52 min and 4 hrs) for each type of material under study. Density mea-
surements were performed on samples by the Archimedes principle method.
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Mechanical Properties

Compression Strength

Compacts of MoSi;, MoSi; - Nb, and MoSi; - SiC produced for the consolidation experi-
ments [3] were machined into rectangular pieces by electro discharge machining. Specimens
tested were the highest density samples of MoSiz, MoSi; - Nb, and MoSi; - SiC. Specimens
were approximately 10mm x 6mm x 3mm in size. Specimens were soaked at the test tem-
peratures of 1100 and 1300°C before loading. Compression tests were performed on a MTS
closed loop servohydraulic test machine at an initial strain rate of 5 x 107* sec™'.

Creep

Specimens were tested under constant load compression, in the temperature range of
1100°C to 1300°C, using SiC platens and push rods. The displacement of the lower cross
head of the MTS testing machine was recorded as a function of time. The incremental load
method was used once steady state creep was attained at a particular load.

Fracture Toughness

A single edge notch was introduced in the middle of each specimen using a 0.3mm di-
amond cutting wheel. The rectangular specimens were approximately 25mm » 6mm x
3mm and the initial crack lengths produced by the diamond wheel were approximately 2.5
mm. Specimens were loaded monotonically to failure under three point bending. Fracture
toughness measurements of fatigue pre-cracked and non-precracked specimens of MoSi, based
materials indicated no significant differences [4]. Furthermore, it has been suggested by Fleck
and Smith [5], and Barnby et al (6], who worked on sintered steel as model material, that
fatigue pre-cracking is an unnecessary precursor to fracture toughness testing in some mate-
rial systems. It is likely, therefore, that the notch root radius is not a sensitive parameter in
these brittle materials. No fatigue precracking was, therefore, done for any of the specimens
tested. Fracture surface morphologies of the most dense and the least dense samples in each
type of material were studied in a HITACHI S4500 Scanning Electron Microscope. Fracture
mode was identified in each case.

RESULTS AND DISCUSSION

Compression Strength

The compressive yield strengths of the highest density samples of MoSi;, MoSi; - Nb. and
MoSi; - SiC, along with results of earlier studies, are shown in Table I. Compression strength
data for the monolithic case shows that attractive strength is retained at least until 1300°C.
Measured strength at 1100°C is much higher than data reported in the literature for similat
temperatures. This may be due to lower levels of the silica rich grain boundary phase in
the present case than in earlier studies where consolidation was carried out at much higher
temperatures. Optimal processing, therefore, may be a means of reducin~ the undesirable
silica phase in the matrix.

In the case of the Nb reinforced composite, strengths at 1100°C and 1300°C are compara-
ble to values reported in previous studies at similar temperatures. Samples showed buckling
at the later stages of compression at both test temperatures.
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Table I: Effect of temperature on the compression strength (in MPa) of MoSi; based materials
Monolithic MoSi;

T (°C) € 1050 | 1100 | 1150 | 1200 | 1250 | 1300 | 1350 | 1400
Ref.[7] 5x10~4 | 594 493 305 222
Ref.[8] 7x10~° 325 194
Present work { 5x10~4 826.7 394.4
MOSiz - Nb
T (°C) 1050 | 1100 | 1150 | 1250 | 1300 | 1350
Ref.(7] 513 392 | 286 156
Present work 450.2 265.5
MoSi; - SiC
T (°C) 1100 | 1200 | 1300 | 1400
Ref.[9], flexure 236 39
Ref.[10], flexure 394 73
Present work 205.8 171

The strengths are lower in MoSi; - SiC specimens compared to the other two cases.
Compression strengths of the present work are only comparable with the 4-point flexural
strengths of Refs. [9] and [10]). The lower strengths at these temperatures may be attributed
to a larger amount of the grain boundary Si-rich phase that may be viscous at these tem-
peratures. As suggested by Maloy et al [11] a small addition of carbon to MoSi; can reduce
this problem since carbon acts as a deoxidant thereby removing the silica grain boundary
phase. Samples were crumbled after ~ 2.5% deformation, indicating the absence of appre-
ciable plastic deformation in this case. Optical micrographs of the SiC reinforced material
showed an agglomeration of the SiC whiskers, possibly due to electrostatic attractions [3].
This agglomeration of the SiC whiskers causes regions of the composite to be highly brittle
compared to the matrix. This could be a major reason for the low strengths in this material.
A better distribution of the whiskers in the matrix may lead to a significantly higher strength
value than measured in the present study.

Creep Resistance

Figure 1 shows the steady state creep rate as a function of applied stress for the three
materials at different temperatures. The slopes of the regression fit lines (corresponding to
the power law creep (PLC) exponents) are noted in the figure. The stress exponents are
comparable to results of earlier studies on MoSi; and MoSi; - SiC [1,2]. The creep rates of
MoSi; - Nb are higher at both temperatures compared to the monolithic case. The creep
rates of MoSi, - SiC is slightly lower than the monolithic material. This small difference
in creep rates is contrary to the significantly lower creep rates obtained for MoSi, - SiC in
earlier studies {12,13]. One possible explanation for this discrepancy is the low density of
the MoSi; - SiC specimen, approximately 96 %, compared to the nearly theoretical dense
specimens used by earlier workers. Also, the much smaller grain sizes in the SiC reinforced
case may enhance the kinetics of Mo diffusion in MoSij, the rate controlling step in the
kinetics of creep of MoSi; [13], which may lead to higher creep rates. The average creep
exponents for MoSiz, MoSi; - Nb, and MoSi; - SiC in the 1200° - 1300°C temperature range
are 2.2, 2.55, and 2.41, respectively. The exponent for the Nb reinforced material varies from
2.06 at 1300°C to 4.02 at 1100°C. A plot of creep rate versus reciprocal temperature gave
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Figure 1: Steady state creep rate as a
function of applied stress for MoSi,,
MoSi; - Nb, and MoSi, - SiC.

Figure 2: Toughness as a function of
relative density for monolithic MoSi,,
MoSi, - Nb, and MoSi, - SiC

the activation energy of 160 kJ/mol for the MoSi; - Nb materi

Fracture Toughness

Monolithic MoSi,:

Figure 2 shows the results of fracture toughness vs. relative density for monolithic MoSi;
and MoSi; composites. For relative density less than 0.95, Kg values are reiatively con-
stant at ~ 3 MPa /m and increases to ~ 3.3 MPa /m and ~ 4.0 MPa /m for powders
consolidated for 1 hr. and 4 hrs., respectively. The toughness value increase above 95%
density corresponds to the consolidation stage where pores become isolated and spherical in
shape. This increase in toughness is not surprising because at lower levels of density pores
are interconnected and cracks have existing channels to propagate through, leading to earlier
failure. Fracture surface studies [3] show that, for the sample consolidated at 1400°C, fine
grained regions fracture by an intergranular mode and coarse grained regions show cleavage
fracture.

MoSt, - 20 vol.% Nb:

Ductile reinforcements have been used effectively to increase fracture toughness prop-
erties of brittle matrices [7]. However, the resulting composites are unstable at elevated
temperatures because, for example, niobium reacts with MoSi, forming brittle intermetallics
at the interface. The formation of these compounds degrades the toughening effect. Some in-
vestigators have studied the effectiveness of inert diffusion barrier coatings like Al203, Zr0,
[14], and Y;0; [15] to counter this problem. As an alternative to the coating approach, the
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methodology of the present investigation was to reduce the HIP temperature to a minimum
without compromising on the level of density, thereby, minimizing the reaction products at
the interface.

Toughness variation as a function of relative density for the matrix reinforced with coarse
Nb powder is shown in Figure 2. MoSi; reinforced with 20 vol. % coarse Nb particles showed
the maximum resistance to crack propagation among all the materials in this study. At low
densities (93-95%) Kg remained close to 5 MPa \/m and increased to ~ 5.7 MPa /m at
higher densities. This is approximately a 35-40% increase in Kq compared to the unreinforced
matrix,

Fracture surface analysis of the Nb particle region [3] shows that it undergoes brittle
cleavage fracture which means that crack blunting and crack bridging mechanisms are un-
likely in this material. The matrix may be constraining the deformation of the Nb particles
near the crack tip, causing a state of plane strain, leading to brittle failure. The MoSi;-Nb
reaction zone may cause the initial crack length in the Nb particle to be high enough, result-
ing again in a plane strain state. It leads to the conclusion that optimal HIP processing alone
will not be sufficient for the requisite toughness improvement of this composite. In addition
to optimal HIP, the MoSi, /Nb interface needs to be engineered to enhance its effectiveness
in toughening, for example, by coatings.

MoSiy - 20 vol. % SiC:

Figure 2 shows the toughness increase in MoSi; - SiC with increasing relative density.
The resistance to crack propagation in this case is considerably less than for monolithic and
Nb reinforced MoSi;. Carter and Hurley {16] reported a 54% increase in fracture toughness
in this material compared with the unreinforced matrix. The fracture toughness values in
the present study are considerably lower than in earlier studies. The primary reason for this
difference is that the samples in the present study have been consolidated to much lower
levels of density (96 %) than those in previous studies where samples were consolidated to
near theoretical densities.

Micrographs of the MoSi; - SiC composite show clumping of SiC whiskers that are either
rod shaped or stacked equiaxed SiC grains [3]. This agglomeration produces highly brittle
regions (in comparison to the matrix), which may be another reason for the low fracture
resistance of the SiC reinforced materials in this study. The general behavior of Kg versus
relative density in this case is similar to the other two cases investigated. The sudden
increase in toughness values after reaching density values greater than 90% is similar to the
conclusions of Fleck and Smith [5].

CONCLUSIONS

1. Yield strengths of momnolithic MoSi; were found to be greater than that for MoSi; - Nb,
which were in turn greater than those for MoSi; - SiC, at test temperatures of 1100 and
1300°C. The low strength of the SiC reinforced material is probably due to the higher
level of porosity in the material. The larger level of grain boundary silica phase in this
composite, which may be viscous at high temperatures, is probably another reason for
the low strength measured for this material.

2. At a particular applied stress, the creep rates are higher in MoSi; - Nb than in mono-
lithic MoSiz, and MoSi; - SiC. The PLC exponents for monolithic MoSi; and MeSi,
- SiC are comparable to the values obtained in other studies. The PLC exponent for
MoSi; - Nb is 2.2, with a PLC activation energy of 160 kJ/mol.
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3. Room temperature fracture is predominantly cleavage for MoSi; and MoSi; - Nb sam-
ples with densities close to theoretical values. Toughness values are almost constant
until a relative density of ~ 95% is achieved. This level of density corresponds closely
to the range where there is a change in the nature of porosity from being intercon-
nected {cusp shape) to being isolated (spherical shape). However, in all three cases, as
relative density changes from ~ 95% to 100%, there is a disproportionate increase in
toughness values.

4. MoSi; - Nb was found to have the maximum resistance to crack propagation, fol-
lowed by MoSi, and MoSi; - SiC, in that order. The uncharacteristically low fracture
toughness of MoSi; - SiC is probably due to the relatively low density level (primarily
interconnected porosity) in this case compared to the other two and/or because of the
agglomeration of the SiC whiskers.
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CREEP BEHAVIOR OF MoSi,;-SiC COMPOSITES
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ABSTRACT

Using a cylindrical indenter, the indentation creep behavior of hot pressed and HIPed MoSi2-SiC
compasites containing 0-40% SiC by volume, was characterized at 1000-1200°C, 258-362 MPa.
The addition of SiC affects the creep behavior of MoSi2 in a complex manner by pinning grain
boundaries during pressing, thus leading to smaller MoSi2 grains; by obstructing or altering both
dislocation motion and grain boundary sliding; and by increasing the overall yield stress of the
material. Comparisons are made between indentation and compressive creep studies. It is
shown that under certain conditions, compressive creep and indentation creep measurements
yield comparable results after correcting for effective stresses and strain rates beneath the
indenter.

INTRODUCTION

Molybdenum disilicide (MoSiy) is a candidate high temperature structural material due, in
particular, to its excellent high temperature oxidation resistance, good high temperature strength,
high melting point, and high thermal conductivity.] However, because of its open crystal
structure, one of the major limitations in the use of MoSis at clevated temperatures is its poor
creep resistance. The purpose of this work was to improve the creep resistance of MoSiz by
reinforcing it with a relatively rigid particulate: silicon carbide (SiC).

The creep behavior of the MoSir-SiC composites was characterized using an indentation creep
method. Various investigators have used indentation or impression creep techniques to
characterize the creep behavior of materials.2-5 A flat, cylindrical indenter, as used in these
studies, appears to be the best geometry for indentation creep measurements because the stress
and material hardness do not decrease with time, as is the case with other indenters such as
Knoop and Vickers. Since the stress and material hardness remain constant during the
indentation creep test, steady state creep can be observed. The general equation governing
indentation creep for a cylindrical indenter is as follows:

&= AG.Sym (22 exp(2) )

Contrast equation (1) with the equation tor compressive creep:
€5 = A(G.S.)™ (Gapp)® exp(ﬁ% ()

In equations (1) and (2), éss is the steady state creep rate where the subscripts i and ¢ denote
indentation and compressive creep rates, respectively; G.S. is the grain size; m is the grain size
exponent; Oapp is the applied stress (or the stress on the indenter or punch); n is the stress
exponent; Q is the activation energy; and RT has its usual meaning. The equations differ in that
equation (1) contains two additional terms: v/2a and B, where v is the velocity of the punch, 2a is
the punch diameter, and B is a stress correction factor. The term v/2a, derived by Yu and Li
through finite element analysis,2 converts the punch velocity to an approximate, effective material

* Autbor to whomn correspondence should be addressed.
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strain rate. The term B has apparently not previously been evaluated in detail for the
axisymmetric case. For plane strain conditions, B has been shown to be equal to 1+7/2 for
specimens with dimensions effectively infinitely large compared to the indenter diameter.6
Through finite element modeling of the axisymmetric case, we denved values for B ranging from
2.74 10 2.77 depending on the assumed strain ratc sensitivity.” Thus, B appears to have a
relatively minor strain rate sensitivity. In the studies described below, we assumed B equaled
2.75. Note that the results of our finite clement analyses are preliminary.

In order to make a direct comparison between the indentation and compressive creep techniques.,
as others have proposed is viable.4 specimens produced in our laboratory were sent to the Naval
Research Laboratory (NRL) in Washington, D.C. for compressive creep tests. In this way direct
comparisons could be made between the two techniques using identical materials. The results of
NRL tests have been reported in detail elsewhere 8

EXPERIMENTAL

Specimens of MoSiz-SiC containing 0, 5, 10, 20, 30, and 40 volume percent SiC were produced
by hot pressing and hot isostatically pressing (HIPing). The starting materials were H. C. Stark
3 um MoSi> and 0.5 pm SiC powders. The powders were combined and vibratory milled for 1
hour using tungsten carbide grinding media. The blends were then hot pressed into 2.5 ¢cm
diameter x 6 mm thick disks at 1850°C, 20 MPa yielding compacts with =95% theoretical
density. Specimens were cut in half and with half being sent o NRL for compressive creep
testing. Specimens of each composition were then additionally HIPed at 1800°C. 206 MPa
yielding compacts with =97% theoretical density. Approximately | cm x 6 mm x 5 mm
specimens were cut from the compacts for indentation creep tests.

In all cases, specimens were tested using a | mm diameter by 1.2 ¢cm long Cercom
polycrystalline alumina EBON-A indenter. This material was found to have excellent mechanical
properties for this application and did not react measurably with the test materials. Three other
malerialst were evaluated for use as indenters but did not perform satisfactorily due to poor creep
or fracture resistance.  Specimens were heated to 1000°C, 1100°C, or 1200°C at approximately
50°C/min, the system was equilibrated for 2 hours or longer at which point a static load was
applied providing a stress on the indenter of 258, 310, or 363 MPa. The indentation creep
direction was parallel to the hot pressing direction. The duration of experiments ranged from a
few hours to approximately 1 week depending on the material and test conditions. Displacements
(punch velocities) were measured using an LVDT and data were converted to effective strains or
strain rates using equation (1).

Selected specimens were cut in half, parallel to the indentation direction and were polished back
to near the center of the z-axis of the indenter. One TEM specimen (20% SiC, 1200°C, 310
MPa) was similarly prepared. Although not covered in detail in this paper. microstructures of the
as received and post-mortem specimens were characterized using TEM, SEM, and optical

microscopy.’
RESULTS AND DISCUSSION

Figure 1 shows a comparison of the steady state indentation creep behavior of the HIPed and hot
pressed MoSi2-SiC composites tested at 1200°C. The stress on the indenter was 310 MPa,

which is estimated to provide an estimated effective stress, Gegg. on the sample of 113 MPa (i.c..

Capp/2.75). As is apparent from figure 1, the HIPed and hot pressed materials behaved similarly
except in the case of the pure material, where the HIPed material had somewhat superior creep
resistance. As will become clearer in the discussion to follow, the HIPed MoSi; exhibited a

¥ Cercom Hot Pressed SiC, Cercom PAD SiCy, reinforced Al,O3, and Sapphikon Sapphire Rod.
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slower creep rate because the grains were somewhat larger than obtained during hot pressing (see
figure 2).

-4 40

- g 1200°C. 310 MPa . . Hot Pressed
. ™ HiPed
-5 N
§ =1
= a 8
s -6 £20 -
¢ 3
S % a
27 Swop ® .
. HIPed < .
a Hot Pressed t " T
-8 1 b1 0 1 L 1
0 10 20 30 40 0 10 20 30 40
Volume % SiC Volume % SiC

Figure 1. Effect of SiC additions on the creep of  Figure 2. Effect of SiC additions on the
MoSi»-SiC composites at 1200°C, 310 MPa on average grain size of MoSiy.
the indenter.

-

Figure 3. Optical micrograph of polished cross- Figure 4. Optical micrograph showing
section through indentation zone of pure MoSiz intergranular cavitation in the deviatoric
tested at 1200°C, 310 MPa on the indenter. stress zone shown in figure 3.

The complex relationship between creep rate and SiC content, shown in figure 1. is associated
with a number of factors. The creep rate increases significantly between 0 and 20% SiC,
appearing to go through a maximum near 15% SiC, due to the corresponding decrease in the
MoSiy grain size (see figure 2). As equation (1) indicates, the strain rate decreases with
increasing grain size, providing the grain size exponent, m, is greater than zero. Sadananda et
al.8 observed grain size exponents for pure MoSiz in compression that varied between
approximately S and 17 depending on the materials and test conditions. In order to have a non-
zero value for m, a boundary mechanism must be operable.? Figures 3 and 4 show polished
regions from a cross-section taken through the indentation zone of the pure MoSiz. As can be
seen in figure 3, there is a relatively dense hydrostatic zone below the indentation. There is a
deviatoric stress region surrounding the hydrostatic zone where a significant amount of cavitation
is apparent. As shown in figure 4, the cavitation occurs primarily along grain boundaries. Thus,
the effects of microstructure and grain size suggest that creep in the pure material is rate limited or
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partially rate limited by unaccommodated (or partially accommodated) grain boundary sliding.
Unaccommodated grain boundary sliding was also observed in specimens containing 5, 10, and
20% SiC, however, the degree of cavitation decreased significantly with increasing SiC content.
At 30 and 40% SiC, little cavitation could be seen optically or by SEM. This would be expected
since small grains are more able » accommodate grain sliding than are large grains.

In addition to the obvious effect that SiC has on the MoSiz-SiC grain size, SiC may affect the
creep behavior in at least three other ways: by pinning grains thus inhibiting grain boundary
sliding, by increasing the overall yield stress of the composite, and by chemically reducing and
subsequently removing amorphous silica from the material thereby removing the "lubricant” that
provides easy grain boundary sliding and cavity formation. Due to the limited amount of data
available, it is not possible to statistically sort out the importance of each of these mechanisms in
inhibiting creep. However, TEM investigations provided substantial cvidence that the latier
mechanism is quite important. As shown in figure S, the pure MoSiz contained a significant
percentage of amorphous phase both in the form of inclusions and along grain boundaries. Only
a few isolated pockets of SiO2 and no apparent grain boundary phase was observed via TEM
inveStigations of materials containing SiC.7 Similar observations have been made by others.10-11
Based on thermodynamic analyses and Knudsen cell mass spectrometry, Jacobson er al.l!
proposed that SiC reduces SiO; in the MoSiz compact according to the reaction:

SiC + 2810, — 3Si0(g) + CO(g) 3)

Thus, SiC reduces Si0O7 to gaseous species that apparently can escape readily during processing.
The kinetics of this process are not currently understood.

As exemplified in figure 6, TEM studies of a M0Sip-20% SiC indentation creep specimen tested
at 1200°C, 310 MPa on the indenter, revealed that, in addition to grain boundary sliding, there
was significant plastic deformation of the MoSi2 crystals. Most of the deformation resulted from
the formation of [100] dislocations, but a variety of other deformation processes were observed
including the formation of stacking faults. Based on the data collected to date it appears that the
indentation creep of pure MoSiy is dominated by unaccommodated grain boundary sliding, while
at high concentrations of SiC creep may be dominated by plastic deformation or grain boundary
sliding accommodated by plastic deformation. Further details of the micromechanisms of creep
will be reported later in a more comprehensive paper.’

Figure 5. TEM micrograph showing significant Figure 6. TEM micrograph showing a

amorphous silica (arrows) in pure MoSi». region in the deviatoric stress zone of a
hot pressed MoSiz-20% SiC composite
showing highly deformed crystals.




As noted above, a secondary objective of this research was to assess whether direct correlations
could be made between indentation and compressive creep tests. Figures 7 and 8 show
comparisons of the steady state creep rates for the two test configurations at 1200°C and 1100°C,
respectively. As described above, the comparisons were made by assuming the effective stress
on the indentation sample equaled oapp/B. The compressive creep data were taken from figures
provided by Sadananda et al.8 As the figures below show, agreement between the two tests was
relatively good, particularly at 1200°C. However, in order to make legitimate comparisons
between the two test techniques, the stress and grain size exponents and activation energies for
creep should be similar, that is, the mechanisms of creep must be the same. Figures 9 and 10
compare the stress exponents and activation energies, respectively, for indentation and compres-
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sive creep. (Values of grain size exponents for indentauion creep have not yet been measured.)
Figure 9 shows that the stress exponents for indentation and compressive creep follow very
similar trends. However, figure 10 shows there are significant differences in the activation
energies for indentation and compressive creep suggesting different mechanisms. Therefore, the
agreement between the creep rates shown in figures 7 and 8 may be purely fortuitous. Thus,
investigators should be cautious in making any comparisons between the two test methods.

CONCLUDING REMARKS

Studies of the indentation creep behavior of MoSia-SiC composites demonstrated that SiC has a
complex effect on creep by reducing the MoSi2 grain size, removing amorphous SiQ2, inhibiting
grain boundary sliding, and increasing the overall yield stress of the matenal.  The creep of pure
MoSis appears to be dominated by unaccommodated grain boundary sliding, while creep of
materials with higher concentrations of SiC appears to be dominated by grain boundary sliding
accommodated or partially accommodated by plastic deformation, or possibly by pure plastic
deformation. Comparisons made between indentation and compressive creep yiclded a rather
contradictory result: creep rates and stress exponents were in reasonable agreement, while
activation energies for creep were quite different.
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ABSTRACT

We studied the creep rupture of a series of MoSi, materials reinforced with SiC particles.
Particulate contents were in the range of 0 to 40 volume percent. Temperature and stress ranges
were 1050°C to 1200°C and 10 MPa to 50 MPa, which gave failures ranging from 1 hour to
1500 hours. The creep curves show an extensive lertiary regime, accounting for 25-95% of the
total lifetime. Tertiary creep increases with increasing stress and temperature. Cavitation occurs
throughout the creep life, and tertiary creep is associated with the linkage of cavities into large
cracks. The creep life improves with increasiug SiC particle content, with a concurrent loss of
creep ductility. Significant improvement occurs only when the particle content is greater than
30 volume percent. Our studies suggest that the creep and creep rupture behavior of MoSi, can
be further improved by increasing the cor..ent of SiC particles.

INTRODUCTION

Intermetallic silicides, such as MoSi,, have recently become the subject of numerous
research efforts as high temperature structural materials ([]. Current superalloys are limited to
temperatures below ~1100°C [2], and the high melting point and excellent oxidation resistance
of MoSi, make it an attractive candidate for high temperature structural applications [3].
However, poor high-temperature creep strength, and low fracture toughness below ~1000°C are
impediments to the use of MoSi, as a structural material. Improvements in these properties have
been achieved through the use of SiC particle and whisker reinforcements, and alloy additions,
such as WSi, [4-6].

The majority of creep data on these materials was collected in compression [6-7]; such
data do not provide enough information for design of high temperature structures. First,
compression tests provide no details regarding the failure behavior, and second, many ceramics
creep faster in tension than compression [8-10). Therefore, the objectives of this work are to
characterize the creep rupture behavior of MoSi, reinforced with silicon carbide particles (SiCp)
and to compare these materials to other high temperature engineering materials.

EXPERIMENTAL DETAILS

Mechanically mixed powders of MoSi, and SiC, 0 - 40 vol% SiC, were hot-pressed at
1850°C for 1/2 hour at 30 MPa in a grafoil-lined 1-1/4 inch ID graphite die, with BN powder
as the release agent. Hot-pressing was followed by containerless hot-isostatic pressing at 1800°C
for 1/2 hour at 207 MPa. All billets were produced at Los Alamos National Laboratory. Dog-
bone specimens, 30 mm long with a 2 mm thickness, were machined from the billets. The
gauge length was approximately 10 mm long, and 2 mm by 2 mm square cross-section. Due
to the limited material available, only 6 - & specimens could be made of each composition.
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Tensile loads were applied to the specimen through pressure in an air cylinder attached
to SiC pull-rods [11]. Load was transferred to the specimen by 2.4 mm diameter Si,N, pins.
The gauge length was measured by laser extensometry, which measui:Jd the separation of two
SiC flags attached to the specimen. The system is able to measure the flag separation with a
precision of £1 um [11]. The wemperature and stress ranges tested, 1050°C 1o 1200°C and 10
MPa to 50 MPa, gave failures between 1 hour and 1500 hours.

RESULTS AND DISCUSSION

As with metals, these materials exhibit primary and extensive tertiary creep during the
rupture tests. The contribution from each regime is stress and temperature dependent. Typical
creep curves for these composites are plotted in Figure 1, for the 40 vol% SiCy composition.
The effect of stress and temperature on the shape of the creep curves is clearly shown. The
contribution of tertiary creep and primary creep to the total creep strain show opposite trends.
Larger tertiary creep regimes are seen with an increase in siress or temperature. Conversely, the
primary stage is larger at lower stress and temperature. Tertiary creep accounts for 25-95% to
the total creep strain for all runs. In all cases, very little secondary creep occurred, i.e., the time
of constant (minimum) creep rate is small compared to the total creep life. Hence a constant
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Figure 1. Typical creep curves for the MoSi/SiC, composites, 40 vol% SiC, is shown.

deformation structure, or balance between strain-hardening and recovery processes that
characterize steady state creep, does not occur during creep of these materials.

The addition of SiC, reinforcement improves the creep rupture life of MoSi, (Figure 2),
especially for the 30 and 40 vol% SiC, compositions. The increase in creep life with increasing
SiC, content is concurrent with a loss of crecp ductility. Specifically, typical strains-to-failure
for the 5 vol% SiC, composition are about 10-15%, compared with the 3-4% strains-to-failure
for the 40 vol%  SiC, material. Cavitation, at interfaces between MoSi, and SiC particles,
occurs throughou. the creep life. The onset of tertiary creep coincides with the linkage of
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Figure 2. The effect of SiC, content on the rupture time of MoSi,, 30 MPa, 1150°C.

cavities into cracks and the subsequent growth of these cracks as shown in Figure 3 for the 40
vol% SiC, composition.
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Figure 3. Optical micrographs of crept specimens (40 vol% SiCp), (a) primary creep regime
(arrows indicate cavities), and (b) failed specimen, The tensile stress axis is in the vertical
direction.

By determining the emperature and stress dependence of the failure time, a failure map
can be generated (o compare the behavior of these materials (Figure 4). Significant
improvement in the creep rupture life of MoSi, is achieved when the reinforcement content is
greater than 30 vol%. We believe this improvement in behavior is due to the formation of a
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Figure 4. Failure map for the MoSi,/SiC, composites. Solid lines are calculated from the
experimental data (long-time and short-lime tests), dashed line is an estimate from short-time
data.

rigid skeleton by the SiC particles. For SiC concentrations of 20% and lower the skeleton does
not form and the deformation of the matrix dominates the behavior. The failure map also allows
us to compare these materials to other high temperature engineering materials. Figure S
compares the rupture strength of the MoSiy/SiC, composites, a nickel-based superalloy (MAR-
M246) [12] and two commercial grades of silicon nitride [13,14]. NT154 represents a state-of-
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Figure 5. Comparison between the MoSi/SiC, composites and other engineering materials.
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the-art creep-resistant silicon nitride (4 wt% yttria sintering additive, crystallized second phase)
made by Norton-TRW!, NCI132 is also a commercial hot-pressed silicon nitride made by
Norton Co., representing the state-of-the-art 10 years ago (magnesia sintering aid, glassy second
phase). Significant improvement of the creep and creep rupture properties of silicon nitride have
been made through the enormous research efforts over the last decade. Clearly the MoSi/SiCp
composites need dramatic improvement in creep strength 1o compete with these other
engineering materials for high-temperature applications. The low creep strength of the MoSi,
materials is likely due to the presence of silica in pockets at the grain boundaries, resulting from
oxygen in the starting powder.

The trend in Figure 4 suggests that the addition of even larger particulate contents to
MoSi,, 60 to 80 volume percent, is likely to give dramatic improvements in the creep strength
of this material. We base this conclusion on observations made on siliconized silicon carbide
[8]. The addition of silicon carbide to silicon in fractions that range from 60 to 90 volume
percent produces ceramics that are functional at temperatures up to 1300°C. We feel that an
increase in particle content from 40 vol% to 60 to 80 volume percent will produce a comparable
change in creep performance. In addition, the matrix could be modified, through various alloy
additions. For instance, WSi, improves the high-temperature strength and creep resistance of
MoSi, [6]. The use of carbon as a dopant to react with the oxygen on the surface of MoSi,
powders to eliminate the internal silica has also been shown to improve the properties of MoSi,
[15]. These matrix modifications, in addition to a very high SiC particulate fractions, are likely
to produce a material better suited for high temperature structural applications.

SUMMARY

1. MoSi,/SiC, composites exhibit creep curves similar to metals, with extensive tertiary creep
regimes. Cavitation plays an important role in the creep rupture behavior.

2. Significant improvement in the creep rupture life of MoSi, is observed when the SiC,
reinforcement content is equal to or greater than 30 vol%, where the reinforcement forms a rigid
skeleton.

3. Despite the SiC reinforcement these materials have low creep strength, likely due to silica in
pockets at the grain boundaries, resulting from SiO, on the surface of the starting powder.

4. Dramatic improvement of MoSi, composites is required for these materials to be competitive
with other engineering materials (e.g. superalloys and Si;N,) for high-temperature structural
applications, This research indicates this improvement could be accomplished with higher
loadings of SiC particles.
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MICROCRACKING, STRAIN RATE AND LARGE STRAIN DEFORMATION
EFFECTS IN MOLYBDENUM DISILICIDE

D. A. HARDWICK AND P. L. MARTIN
Rockwell Intemational Science Center, 1049 Camino Dos Rios, Thousand Oaks, CA 91360

ABSTRACT

High purity molybdenum disilicide was deformed in compression to strains ranging from 5
to >50%. The deformation was accomplished at temperatures in the range 1200°-1400°C and at
strain rates from 10-3 to 10-3 sec-!. The strength of this high purity material was found to be at
least twice that of MoSi; produced by the hot pressing of commercial powder. Microstructural
examination revealed that subgrain formation resulted from modest strains (=10%) while
dynamic recrystallization was observed following large strains. Transmission microscopy
revealed a significant change in the dislocation substructure after straining as the temperature
was increased from 1300°C to 1400°C.

INTRODUCTION

Molybdenum disilicide (MoSi») is an intermetallic compound that combines a high melting
point (2293K) with excellent resistance to high temperature oxidation {1, 2]. These attributes
make it a candidate structural material for use at temperatures in the 1200°-1600°C range. At
ambient and moderate temperatures MoSi> is brittle, but once the ductile-to-brittle transition
temperature (DBTT) is exceeded, it rapidly loses strength. The actual value of the DBTT has
been a subject of some debate [3-6]. However, the oxygen content of MoSi3 is often not
reported but it could have a determining influence on the DBTT. The oxygen will be present as
Si0O, located at grain boundaries, triple points and within the grains [7, 8]. The behavior of the
silica may dominate the material response at high temperatures, analogous to the dominant
effect of sintering aids on the creep behavior in some ceramics [9). While the presence of silica
may lower the DBTT [4], this effect must be achieved at the expense of material strength. The
present investigation was undertaken to provide additional information on the intrinsic
deformation behavior of polycrystalline MoSiy through deformation of high purity material with
a low oxygen content.

EXPERIMENTAL PROCEDURE

The MoSiz was produced by reaction synthesis during HIP processing. High purity
powders of molybdenum (600 wppm oxygen) and silicon (20 wppm oxygen) in the correct
weight ratio to ensure stoichiometric MoSiz were ball milled in vacuum to ensure an intimate
mixture of the powders. The powder mixture was cold isostatically pressed at 200 MPa for 30
minutes, lathe turned to size and placed within cylindrical Ta HIP cans that were evacuated at
350°C prior to sealing. All of the powder handling and machining steps were done in a low
oxygen, inert gas environment to limit oxygen exposure and reduce SiO; contamination.
HIP’ing was carried out at 200 MPa and a maximum furnace temperature of 1400°C. More
complete details of the processing have been published elsewhere [10]. Right circular cylinders
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for compression testing were electro-discharge-machined from the HIP compacts; an average
cylinder was 9.5mm in diameter by 10mm long. The ends of the cylinders were polished flat
and perpendicular to the cylinder axis. Compression testing was performed over a range of
strain rates from 1x10-3 to 1x10-3 sec-l. All testing was conducted in a vacuum of 5x10-3 Pa or
better and at temperatures in the range 1200° to 1400°C. The majority of the tests were
terminated at strains of 5-6% but some were allowed to proceed to higher strains, up to =50% at
1300°C at 10-4 and 10-5 sec-!. The compression platens were silicon nitride and the specimens
were lubricated with boron nitride to reduce frictional effects. After testing, the cylinders were
sectioned vertically and the microstructures examined optically and in the SEM. Specimens for
TEM examination were prepared by ion milling and examined at 300keV in a Philips CM30.

RESULTS AND DISCUSSION

The reaction synthesized MoSi; after HIP processing contained <1000wppm oxygen, as
determined by standard vacuum fusion techniques, and was fully dense. Figure | shows that the
microstructure of MoSi; prior to compression testing had an average grain size of 40um. The
remnant silica particles were randomly distributed. A small volume fraction of MosSi3 was
present at MoSi; grain boundaries and triple points.

The 0.2% offset yield stress as a function of temperature and strain rate is plotted in Figure
2. Lines are drawn through the data at the lower strain rates to facilitate data interpretation.
Also plotted in Figure 2 is data from Petrovic et al. [11] on the strength of hot pressed
commercial MoSiy powder tested in bending at a constant cross-head rate of 0.05mm/min, i.e. a
strain rate of 1.2x10-5 sec-!. The oxygen content of this material was not reported but if we
assume that it is fully dense, then the strength decriment must be attributable to a high silica
content. Viscous flow of the silica would promote grain boundary sliding as a deformation
mechanism and lead to lower strengths. Our data is comparable with that obtained by Aikin on
testing fully dense MoSi; containing 610 wppm oxygen [3, 12].
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Figure 1: Microstructure of MoSi; produced Figure 2: Compressive stress at 0.2% strain
by reaction HIP processing from elemental as a function of temperature and strain rate.

powders. Oxygen-590wppm.
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Metallographic examination of low strain samples, i.e. samples deformed to plastic strains
£15%, with polarized light revealed that the grain boundaries, which were quite straight prior to
deformation as shown in Figure 1, had developed a wavy character. The degree of waviness
was greatest in samples that had received the highest amount of strain. Figure 3(a) shows a
sample compressed 8.7% at 1250°C while the sample in Figure 3(b) was strained 15.2% at
1300°C; both were strained at a rate of 104 sec'!. Both samples exhibit the wavy grain
boundary effect but it is most prominent in the more highly strained sample.

Figure 3: Microstructure in polarized light of specimens deformed (a) 8.7% at 1250°C and
(b) 15.2% at 1300°C. Both specimens were compressed at an initial rate of 10-4 sec-!.

Figure 4: Microstructure revealed by backscatter SEM contrast
of the samples shown in Figure 3
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Examination of these same samples using backscatter contrast in the SEM reveals further
differences. Backscatter imaging delineates the minor orientation differences that arise from
subgrains. This contrast is well developed in the more highly strained sample of Figure 3(b) but
almost absent in Figure 3(a). Examination at higher magnification showed that the waviness of
the grain boundaries is associated with individual subgrains within the grains. Regardiess of
strain rate, deformation at 1400°C resulted in grain growth. Temperature alone was not
sufficient to cause grain growth at 1400°C; a sample held at this temperature for 1 hour (a
typical time to completion for a straining experiment) did not exhibit grain growth.

Figures 3 and 4 reveal another feature of these deformed samples: microcracking. None of
the samples exhibited cracking on the external surfaces; this held true even for the specimens
strained plastically to =50%. However, metallographic examination of samples sectioned
longitudinally revealed that all of the samples contained internal cracks. At low strains, the
interiors of the specimens contained transgranular cracks; typically, these cracks traversed just
one or two grains before stopping, as shown in Figure 3. In their barreled regions, these
specimens also contained intergranular cracks. Such microcracking is probably the direct result
of the large variation in the critical resolved shear stress (CRSS) for glide of variously oriented
MoSi; grains [13]; some orientations will be more amenable to slip than others leading to stress
concentrations at grain boundaries with certain orientations. Intergranular separation could also
arise from this phenomenon as adjacent grains may be unable to deform cooperatively. This
effect may be exacerbated by the tensile stresses that will develop in the barreled regions of
compression samples.

The microcracking was not reflected in the recorded stress-strain curves; these exhibited the
usual non-linearity associated with normal plasticity and work hardening. The majority of
previous investigators have not reported microcracking. In impure, high silica material,
microcracking may not occur as the stress could be dissipated through viscous sliding of the
grain boundary silica film before the critical stress to nucleate transgranular cracks could be
achieved. The only other reported incidence of stable, transgranular microcracks was in the
work of Maloy et al. [14] where transgranular micro-cracking and a non-linear load vs.
displacement trace was obtained in C-containing material tested in notched bending at 1400°C.

The deformation of MoSij to very large strains was also investigated. To avoid grain
growth, samples were strained at 1300°C at strain rates of 10-4 and 10-5 sec-!. The
microstructure of the sample strained 48.5% at 10-5 sec -! was quite similar to that shown in
Figures 3(b) and 4(b). There was only minor distortion of the grain shape in response to the
imposed strain and very limited evidence of recrystallization. On the other hand, the
microstructure after 57.3% strain at 104 sec-! consisted of pancake shaped grains plus
significant regions of recrystallized grains. This is shown in the polarized light micrograph in
Figure 5(a). The backscatter constrast micrograph in Figure 5(b) reveals the extent of subgrain
formation within the deformed grains. Through dynamic recrystallization, the initially coarse
microstructure has been refined significantly and it would be very interesting to know the
strength of fine grained, high purity MoSi;. However, the high level of strain imparted to these
samples resulted in significant barreling and intergranular separation throughout much of the
volume of the compression sample. The micrographs of Figure 5 were taken in the central
region of the sample where grain boundary separation was minimal. The absence of significant
grain refinement at the same temperature, 1300°C, but the lower strain rate of 10-5 sec-!
indicates that there is a delicate balance between the processes of grain refinement and grain
coarsening at this temperature. Straining at higher temperatures would have to be done at strain
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rates higher than 10-4 sec-! to achieve similar grain refinement and grain boundary separation
may remain a problem. At higher temperatures, thermally-activated modes of dislocation
motion such as climb that would limit stress concentrations (and therefore microcracking), will
also hinder grain refinement. To achieve grain refinement, the straining must be done in a strain
rate regime where such mechanisms are inoperative.

Figure 5: Microstructure of MoSij strained to 57.3% as revealcd by
(a) polarized light and (b) backscatter contrast in the SEM.

Figure 6: Dislocation substructure developed after straining at (a)1300°C and (b) 1400°C.

TEM examination revealed that straining at 1300°C and 1400°C gave rise to very different
dislocation substructures; this is illustrated in Figure 6. At 1300°C, the dislocation segments are
quite straight and tend to form arrays and low angle boundaries within the microstructure. At
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1400°C the dislocations are quite wavy and many loops are observed. These may be indicative
of thermally activated mechanisms such as dislocation climb. Work is continuing to gain a
more quantitative understanding of the differences between these two dislocation substructures.
However, we can conclude that there is a significant change in deformation character between
1300°C and 1400°C. This may offer definitive evidence for the intrinsic DBTT of MoSi
falling between 1300°C and 1400°C.

SUMMARY

The strength of high purity MoSi; was found to be at least twice that of hot pressed MoSi;
prepared from commercial powder. After undergoing plastic strains <15%, subgrains developed
within the original grain structure. Grain growth occurred under the combined influence of
stress and temperature at the highest temperature studied, 1400°C. At higher strain levels,
=50%, the competitive processes of dynamic recrystallization and thermally activated
deformation led to grain size refinement at 1300°C after straining at 104 sec-! but not at 10-5
sec!. The change in dislocation substructure that occurs between 1300°C and 1400°C provides
corroborating evidence for the intrinsic DBTT of MoSi; occurring in this temperature range.
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THE EFFECT OF GRAIN SIZE AND SiC PARTICULATES ON THE STRENGTH
AND DUCTILITY OF MoSi2

AMIT K. GHOSH AND AJOY BASU
‘I‘)scx:;gtment of Materials Science & Engineering, University of Michigan, Ann Arbor, Ml
109-2136

ABSTRACT

Monolithic MoSi2 and MoSi> reinforced with SiC particulate reinforcements have been
produced with widely varying grain sizes. Monotonic compression behavior of these materials
has been examined in the temperature range of room temperature to 1200°C. Based on these
results, the ductile-to-bnittle transition temperature at low deformation rate of MoSi, and its
composite appears to be near 900°C and may decrease slightly with decreasing grain size.
Tension and compression creep behavior of these materials were also studied between 1100
and 1400°C. Creep strength of the matrix decreases with decreasing grain size even in the
nominally dislocation climb-glide regime. While 20 vol% SiC particulates provide a
reasonable amount of creep strengthening of the fine grain MoSi2 matrix, strengthening due to
coarser grain size can be significantly higher in these materials. These results parallel those on
other intermetallics.

INTRODUCTION

MoSi, intermetallics, in monolithic form and reinforced with SiC particulates and
whiskers, have potential application in future gas turbine engines. Aikin and others have
suggested that grain boundary SiO2 (if present as a viscous layer) can lower mechanical
strength in these materials [1-2], although SiO2 is primarily observed as spherical particles and
not as grain boundary films in MoSi2. Attempts are being made to produce clean alloys by
addition of SiOj removers (e.g., C, Er, CaO, etc.) {3-6] and to improve the mechanical
properties of MoSi; by synthesizing composites with hard ceramic phases as well as ductile
metallic phases [6-8]. SiC reinforcement has shown excellent bonding characteristics with
MoSi2 [5], and it also rids the SiO2 inclusions from MoSi; grain boundaries via chemical
reaction. Furthermore, the addition of SiC whiskers have shown the possibility of creep
strengthening of MoSiz [9-10] while SiC particulates have shown grain refinement and
apparent weakening [11]. It was also shown recently [11] that grain boundary microcracking
damage can occur during creep which produces a dependence on the imposed stress state -
tensile vs. compressive. The objective of this paper is to examine the effects of grain size and
damage in MoSi; and its composite containing SiC particulate reinforcements and combine
results from prior work to show their effects on strength, toughness, and creep behavior.

EXPERIMENTAL WORK
Material Synthesi

MoSi2 powder (-325 mesh) was used for consolidating monolithic MoSi3. Particulate
reinforced composites were prepared by mixing MoSi2 powder with 20 vol% powder of SiC.
The SiCp powder was from H.C. Stark Co. of Germany, with an average particle size of 0.7
Hm, whire the MoSi2 powder was from Cerac, Inc., Milwaukee, W1 with an average particle
size of 5 um. For the composite, a slurry milling approach was used to develop a
homogeneous mixture of fine scale constituents. The powder mixtres were hot pressed in a
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graphite die at 1700°C for 2 hours under 28 MPa pressure. Hot pressed billets were cut and a
portion HIPed at 1700°C for 90 min under 200 MPa pressure.

G ization of Microst

The optical micrographs of MoSi2 and its composite are shown in Fig. 1. The average
grain size of monolithic MoSiz was 30 um while that of SiCp reinforced material was 3 pum.
The monolithic material showed small spherical SiO particles on the grain boundaries and a
small amount of porosity; the total volume of both was approximately 5%. Previous work with
high resolution TEM showed that the interface between SiC and MoSi; is free from
contaminants but does not appear to have an orientation relationship {5). The reinforcement
agglomerates were always located on grain boundaries, and the void density was
approximately 6%.

c ion and Tension T

Rectangular samples, 3 mm x 3 mm x 6 mm, were cut from the billets and compression
tests were conducted in the temperature range of room temperature to 1200°C by pressing the
samples between rigid SiC platens in an argon environment. The tests were conducted on an
Instron machine fitted with a Centorr furnace. The first set of tests were conducted at a
constant € of 10-3s-1 between room temperature and 1200°C. For tests within the range of
1100-1400°C, step strain rate tests were carried out by first straining the sample at a strain rate
of 104s-! to a steady level of stress, followed by decremental step strain rate tests. Steady
stress values were achieved at each strain rate level which were subsequently used to plot log €
vs. log & plots. Constant stress creep tests were also performed by maintaining increasing load
with continued creep strain under the assumption of constant specimen volume. Crosshead
displacement corrected for machine compliance was used to determine sample strain. Normal
creep curves with primary, secondary and tertiary regions were observed. Minimum creep
rates determined from these curves were plotted as a function of stress.

From the cylindrical billets, slices were cut perpendicular to their axes and reduced gauge
section for tensile specimens with large grip tabs was machined by EDM. The specimen cross-
section was 3 mm x 3 mm and the gauge length was 6 mm. A special SiC grip was fabricated
to pull the tabs from beneath them (i.c., edge loading not face loading). Constant stress creep
tests were conducted in a manner described previously for the compression tests. Typically
several load levels were explored from each specimen. The onset of tertiary creep (or fracture)
was found to occur at much smaller strain levels and more abruptly than in compression.

EXPERIMENTAL RESULTS AND DISCUSSION

Compression Test Results

Stress-strain curves for monolithic MoSiz and MoSi2/20%SiC composite are shown in Fig.
2. At a strain rate of 10-3s-1, neither material showed plastic behavior at room temperature,
although the composite has a significantly higher fracture strength. With increasing test
temperature (800°C and above) yielding is clearly found to occur. Yielding in the matrix is
followed by strain softening indicative of concurrent microstructural damage. However, in
monolithic MoSiy, strain hardening is seen at compressive strain greater than 0.02, possibly
indicating that dislocation storage processes are beginning to occur. Yield strength of the
composite between 25°C and 1000°C is much greater than that of monolithic MoSi2, due to a
combination of grain boundary strengthening and load sharing by elastic SiC reinforcements.
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Fig. 1. Microstructures of hot-
pressed MoSi2 and MoSiz/
20%SiC composite. Hot
pressing direction is vertical
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2000 | - esoc Fig. 2. Stress-strain curves in
2 o0 compression for monolithic
3 MoSi2 and MoSi2/20% SiC
.:" 1500 | 000 composite at various tempera-
& tures, x indicates sample fracture.

Data without x indicate samples
exhibiting greater than 10% strain
1000°C before fracture.
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Fig. 3. TEM dark field micrograph of MoSi2
deformed at 900°C in compression which shows
1/2<331> Burgers vector (Photo Courtesy of

H. Kung.)
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Strain hardening following yielding is also much greater for the composite, indicating possibly
a strong interface between SiC and MoSi3, and constrained deformation of the MoSi2 matrix
{12]. The suggestion of crystallographic slip processes as above is consistent with the
observation of dislocations in MoSiz deformed at 900°C (see Fig. 3), ~hich has also been
reported by other investigators [5,11,13].

Figures 4a and 4b show yield strength and fracture energy as a function of test temperature
for the two materials. The strain-to-fracture is not shown in all plots in Fig. 2 but the area
under these curves to fracture has been computed as a function of temperature and plotted in
Fig. 4b as fracture energy. It is clear that the addition of SiCp significantly enhances the
strength and fracture energy of MoSia. The yield strength of the composite begms to fall off
more rapidly above 800°C, eventually exhibiting a weaker behavior than the matrix. Figure 5a
shows microstructural damage in monolithic MoSi; during compression, compared to the lack
of visible damage in the fine grain composite (Fig. 5b). At 1000°C and a strain rate of 10-3s-
intergranular cracks occur in MoSi3, however, at higher strain rates and lower temperatures,
transgranular cracks have also been observed. The microcracking process leads 10 a decrease
in the apparent elastic modulus (Fig. 5c), determined from partial unload-reload tests.

Creep Test Results

Figure 6 shows strain rate vs. stress data for MoSi2 at 1200°C from creep, and step-strain
rate tests in compression, as well as from tension creep tests. An average curve drawn through
the scatter in this data shows a stress exponent (n) for creep of about 4.3 at high stresses and
3.0 at the low stresses, which is indicative of dislocation creep [14-15]. The 1ension data
shows a 40-50% weakening relati* = to compression. It also shows an n of 2.7 (at low stresses),
this lower value being a possible result of concurrent grain boundary microcracking aided by
diffusion (Fig. 7). Figure 8 shows step-strain rate test data for 1:00°C, 1300°C, and 1400°C as
compared with the compression curve for 1200°C from Fig. 6. This family of curves clearly
illustrates a decreasing n with increasing temperature, indicating an increasing contribution of
diffusional creep at the higher temperature. Transmission Electron Microscopy of dislocation
structure of specimens deformed at 1300°C indicated the formation of dislocation cells and
subgrains [11] as further evidence for the ghde-climb process. The dislocations which were
identified are of the following types: {010}<100>, {011}<100>, {013}<100>, (001)<110>
and {101}1/2<111>. All high temperature data from Fig. 8 were plotted in the form of Zener-
Hollomon parameter (Z = € exp (Q/RT)) [11], exhibiting an activaticn energy for creep in the
range of 310 to 372 kJ/mol. The combination of mechanical data and grain boundary cracking
results strongly suggest that dislocation climb-glide creep in this material is accompanied by
grain boundary sliding, and at low stresses and above 1300°C sliding is accommodated by
diffusional processes.{11]

The effect of reinforcements on composite strength is shown in Fig. 9, along with data on
SiCyw composite from Refs. 9 and 11. A significant weakening relative to MoSiy (salid line)
was observed for the 20% SiCp, reinforced composite (g.s. 3um). MoSi/20%SiCy from
Ref.11 (g.s. 7um) showed a somewha. lesser weakening effect. The data of Sadananda et al.
[9] for SiCy, reinforced MoSi2 (g.s.18jum) showed strengthening over monolithic MoSi;. The
values of n for the composites were not significantly different from that of the matrix and were
in the range of 3 to 3.4. The apparently unusual creep weakening of the composite is due to a
finer matrix grain size, and not from included SiO3 or darnage, nor is it unique to MoSiz [11].
The effect of matrix grain size on dislocation climb-glide creep is shown in Fig. 10 with other
data taken from the literature [16-18). A number of intermetallic allov systems are represented
ata homologous temperature of about 0.6, within the climb-controlled creep (3.4 €n £5.7)
regime. A grain size dependence is visible for each intermetallic alloy. Using a simple
relationship 6 = BdP, where o is stress for a fixed creep strain rate €, d = grain size, and B=a
temperature dependent constant, the grain size exponent, p, is found to be within the range
0.43-0.76. It should be noted that similar grain size dependence at 0.5 Tm was found by
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Barrett, Lytton and Sherby [19] for copper for grain sizes below 100 um,the magnitude of this
effect becoming negligible for grain sizes larger than 100 pm.

With grain size dependence of the matrix behavior in mind, the creep strength for MoSia
and its composites at € = 10-3s-1 is plotted in Fig. 11 as a function of grain size. All
composites are found to be stronger relative to their own matrices, (i.c., for the same grain
size). SiCy, reinforcements appear to provide greater strengthening relative to the matrix than
SiCp due to higher aspect ratio. A simple model was developed [11] to explain the grain size
dependence of dislocation creep in which grain boundary sliding is accommodated by localized
deformation in the grain corner regions. Creep rate based on this model can be expressed in a

simple form as:
e=(A+A/d%)o" o)

where A and A) are constants, and d is the grain size. This creep equation combines a strongly
grain size dependent part with a grain size independent part in an overall dislocation creep
framework. The level of strengthening predicted by this model is in agreement with
observations.

Damage also plays an important role in composite strength. Microcracking during creep
can decrease the strength level if no superimposed pressure exists on the grain boundaries. In
tensile tests, there is a net tensile stress component normal to the grain boundaries aiding in the
boundary opening up during grain stretching and boundary sliding. The strain increment from
this provides enhanced creep rate in tension for both the matrix and the composite (Fig. 12).
This strength differential effect is perhaps slightly greater for the fine grain composite.

CONCLUSIONS

(1) Yielding of MoSi> is observed under slow strain rate compression at or above 800°C.
Addition of SiCp to MoSi2 leads to grain refinement and significant strengthenening, the
magnitude of which decreases with increasing temperature, eventually vanishing around
1100°C. It also produces increased strain hardening rate and considerable toughening under
slow strain rate compressive deformation.

(2) Between 1100 and 1400°C, MoSia deforms primarily by dislocation climb-controlled
creep, with concurrent grain boundary sliding. Creep stress exponents vary between 4 and 2.
Sliding is accommodated by dislocation creep at 1100 and 1200°C, and diffusional creep at
higher temperatures.

(3) A grain size dependence of creep strength is observed for grain sizes 30 pm and less
with an exponent of 0.76 for grain size. Creep strength increases with increasing grain size,
eventually saturating around 100 jim size, a behavior common with other intermetallics and
some metals.

(4) Addition of SiCp and SiCy reinforcements to MoSiy matrix produce creep
strengthening relative to the matrix present within the composites. However, relative to coarse
grain matrix, weakening often occurs because reinforcement addition can cause significant
grain refinement.

(5) Creep strengths of MoSiz and its composites are lower in tension than in compression
because grain boundaries are prevented from separating readily during compression testing.
Composites with a greater flaw density within reinforcement regions are more sensitive to this
strength differential effect.
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PLASTICITY OF MoSi2 BELOW 900°C

H. CHANG AND R. GIBALA
Department of Materials Science and Engineering
University of Michigan, Ann Arbor, MI 48109

ABSTRACT

The mechanical behavior of polycrystalline MoSig tested in compression at
temperatures from 750°C to 950°C has been investigated. This material can be
deformed to several percent strain without fracture at temperatures as low as
900°C. This same material prestrained at 1300°C and subsequently tested at
lower temperatures can be deformed to substantial strain at 800°C, and even
exhibits modest plasticity at 750°C. Both prestrained and unprestrained
materials exhibit microcracking combined with dislocation substructures
containing high densities of dislocations. Unprestrained MoSig exhibits a yield
point in this temperature range which does not exist when it is prestrained. The
stress-strain curves of the prestrained material in this temperature range are
similar qualitatively to those of the unprestrained material at 1100°C and above,
These observations suggest that at these temperatures MoSig is a dislocation
density limited material which can deform by dislocation plasticity processes if a
sufficient dislocation density is available.

INTRODUCTION

Polycrystalline MoSig has been observed in previous investigations to
deform in compression to substantial strains at temperatures above approximately
1100°C to 1400°C [1-4]. Examinations of the dislocation substructures after these
tests reveal high densities of dislocations consistent with deformation by
dislocation plasticity processes. As the temperature decreases, however, MoSig
exhibits decreasing plasticity before brittle fracture occurs. Kim et al. have
reported plasticity at 1070°C and above but no plasticity at 860°C for
polycrystalline MoSig in compression, while Aikin has reported failure after one to
two percent strain at 800°C [3,4].

The prevalence of cracking exhibited by MoSig at these lower temperatures
raises the question of whether or not dislocation processes can occur at all in this
temperature range. This current work investigates the plasticity of MoSig in this
temperature range to det-rmine if it can be enhanced by introducing dislocations
through prestrain at elevaied temperatures.

EXPERIMENTAL PROCEDURE

The monolithic MoSig used was hot pressed and subsequently HIPed from a
commercially available powder, a nominally 5 to 6 micron powder from CERAC,
Inc. Hot pressing was performed in argon at 1700°C for one hour at 29.4 MPa,
HIPing was done at 1800°C for 1.5 hours at 200 MPa. The density of the material
after HIPing is approximately 98%, with an average grain size of approximately

223
Mat. Res. Soc. Symp. Proc. Vol. 322. ©1994 Materials Research Society




30 um. The microstructure of this material has been described previously {1].

All mechanical testing was performed in compression at a constant
crosshead speed corresponding to an initial strain rate of 104 s-1. The
unprestrained MoSig was tested between 800°C and 950°C. Prestrain was
performed at 1300°C, usually to approximately 1% true strain. These specimens
were cooled to room temperature and subsequently tested between 750°C and
950°C. Testing was performed on 6 mm x 3 mm x 3 mm specimens in an argon
atmosphere furnace in an Instron Model 4507 testing machine.

Conventional transmission electron microscopy (TEM) was performed using
a JEOL 2000FX microscope operating at 200 kV. Foils were mechanically thinned
by hand grinding, dimpling and ion milling.

RESULTS AND DISCUSSION

Figure 1 shows the stress-strain behavior of MoSig at temperatures from
1150°C to 1300°C. The material exhibits deformation to substantial strain with
no indications of imminent fracture at the strains at which the tests were stopped.
The 1300°C test represents the prestrain conditions used in this investigation.
The TEM micrograph is representative of the dislocation substructure generated
in the material during the prestrain, in which the primary Burgers vector
observed is of <100> type.

500
MoSig

1150°C

———

" 1300°C

TRUE STRESS (MPa)
$ 8 %

g

0 . N . N " N
0 0.01 0.02 0.03 0.04 0.05 0.068 0.07
TRUE STRAIN

(a) (b)
Figure 1. Stress-strain curves of unprestrained MoSig at 1150°C, 1200°C and
1300°C in (a), with the substructure of the 1300°C test shown in (b). B =[331]
g= 110.

Figure 2 shows the stress-strain behavior of MoSig in both unprestrained
and prestrained condition at 900°C and 950°C. In the unprestrained MoSig, the
stress increases to a maximum after yielding, but then the material exhibits a
gradual yield drop over the first half percent of plastic strain. The stress
decreases to a minimum and increases slightly with continuing deformation. For
the tests shown in Figure 2, there was no indication of imminent fracture at the
strains at which the tests were stopped. The curves in Figure 2 demonstrate that
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polycrystalline MoSig can be deformed in compression to at least several percent
strain at temperatures as low as 900°C.

One of the effects of prestrain at 1300°C is the elimination of the stress drop
present in the unprestrained material. This prestrained material instead yields
and strain hardens at about the same strain rate as unprestrained MoSig
deformed at 1150°C and 1200°C, where dislocation generation occurs readily.
Moreover, as Figure 2 shows, the stress level of plastic flow after prestrain is close
to that of the unprestrained material after the stress drop. Thus it appears that
providing the material with an initial dislocation density through high
temperature prestrain eliminates the stress drop and the material flows by
dislocation motion at the stress level which the unprestrained material flows at
after the stress drop. This behavior also suggests that the stress drop is a
classical yield point phenomenon due to an insufficient dislocation density at these
temperatures in the initial stage of plastic deformation, and that the stress drop
arises from a rapid increase in dislocation density when the applied stress is
sufficiently large enough to generate dislocations.

1000 1000
MoSij at 800°C MoSig at 950°C

N

TRUE STRESS (MPa)
g 2 8 %
TRUE STRESS (MPa)
g & 8 8

0 — e o e
0 0.01 0.02 0.03 0.04 0.05 0.08 0.07 0 001 002 0.03 0.04 0.05 0.08 0.07
TRUE STRAIN TRUE STRAIN
(a) (b)
Figure 2. Stress-strain curves of MoSig at (a) 900°C and at (b) 950°C.
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Figure 3. Stress-strain curves of MoSig at (a) 750°C and 800°C and at (b) 850°C.
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Figure 3 shows the deformation behavior from 750°C to 850°C. The
unprestrained material exhibits fracture with no plasticity at 750°C and 800°C.
Some plasticity occurs at 850°C, but the propagation of large axial cracks within
the specimen soon after yield, as evidenced by the instantaneous stress drop,
resulted in fracture after small additional strain. In contrast, the prestrained
material exhibits substantial deformation at both 800°C and 850°C, and some
deformation is even present at 750°C. Thus, the use of high temperature
prestrain has enhanced the plasticity of MoSig by attaining plastic deformation to
lower temperatures than that possible without prestrain.

Figure 4 shows the appearance of a specimen of prestrained MoSig after
testing at 800°C to 5% strain. Large cracks of length visible to the unaided eye
exist in this and many of the specimens tested at these lower temperatures. These
1 mm to 4 mm long cracks exist at both small and large strains, depending
apparently upon whether or not conditions favorable for coalescence of
microcracks occurred in a given specimen. In Figure 4, a large crack has grown to
near imminent fracture.

Figure 4. Specimen of
MoSig after testing at
1300°C to 1% strain and
at 800°C to 5% strain.

The compression direction
is horizontal in this figure.

Figure 5. Microcracking in unprestrained MoSig tested at 300°C to 1% strain.
The compression direction is horizontal in this figure. Both transgranular and
intergranular microcracks are present.
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Microcracking is observed in all the tests presented in this investigation.
Figure 5 shows the microcracking present in unprestrained MoSig tested at 900°C
to approximately 1% strain. This cross section is approximately 0.5 mm into the
interior of the specimen. Both transgranular and intergranular microcracks are
observed. These cracks represent damage in the material which with continued
deformation would be expected to increase until coalescence resulting in fracture
occurs. The prestrained material also exhibits large numbers of microcracks, and
the amount does not to a first approximation appear different from that in the
unprestrained material. The presence of microcracking has also been investigated
as a function of strain in the unprestrained material deformed at 900°C.
Microcracking is observed even after only 0.3% strain, corresponding to the
beginning of the yield drop just after the maximum stress obtained. Thus
microcracking appears to originate at very low plastic strains,

Figure 6. Dislocation substructure within one grain of unprestrained MoSig
tested at 900°C to 1% strain. B =[110] g =110.

Figure 6 shows the dislocation substructure observed by TEM within one
grain of unprestrained material tested at 900°C to 1% strain, which is the strain
at the minimum stress after the yield drop. Figure 7 gives similar data for
prestrained material tested at 800°C to 5% strain. The micrographs reveal
extremely high dislocation densities in both materials. Dislocation tangles, as
well as, upon examination at higher magnification, evidence of loop and debris
formation are both prevalent in the substructures, consistent with the occurrence
of significant amounts of dislocation interactions during plastic flow. These dense
dislocation substructures reveal the dominance of dislocation processes in the
plasticity of several percent strain obtained in these tests. Microcracking is
present from the onset of plastic deformation, but the dislocations evidently occur
concurrently and contribute substantially to the plastic strain.

Burgers vector analysis conducted on the dislocations represented in
Figures 6 and 7 reveal Burgers vectors mostly of <100> type. At higher
temperatures, such as shown in Figure 1 for 1300°C, the most often observed
Burgers vector is also <100>. Thus, the prevalent Burgers vector in the
deformation does not appear to change between higher and lower temperatures.
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Figure 7. Dislocation substructure within one grain of MoSig prestrained at
1300°C to 1% strain and then tested at 800°C to 5% strain. B =[331] g =110.

SUMMARY

Polycrystalline MoSig was tested in compression between 750°C and 950°C both
with and without prestrain at 1300°C. Prestraining the material allows
significant deformation to occur at temperatures lower than what can be attained
in unprestrained material. Both microcracking and high densities of dislocations
exist in the materials after testing. Unprestrained MoSig exhibits a yield point in
this temperature range which disappears when it is prestrained. These results
suggest that MoSig is a dislocation density limited material in the temperature
range of 950°C and below which, however, exhibits increased plasticity when
dislocations are introduced by hlgh temperature prestrain.
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BRITTLE COMPOSITES MODELING: Comparisons with Mo8i2/Zx02

S. P. Chen, R. LeSar and A. D. Rollett
Los Alamos National Laboratory, Los Alamos, NM 87545, USA

ABSTRACT

We have calculated the mechanical properties of brittle
composites with spring-network (SN) model. The composites that we
studied involve the transformation toughening effects and the
accompanying micro-cracking. Our simulation results are consistent
with experiments of MoSi2 toughened with ZrO2. By monitoring the
stress changes due to the transformation and micro-cracking we are
able to separate, for the first time, the contributions from these
two competing effects. We also found that the fracture toughness of
the composite increases as the modulus, interfacial cohesion of
particle increases.

INTRODUCTION

Potential high temperature structural materials such as
intermetallics and ceramics suffer room temperature brittleness and
have low fracture toughness [1, 2]. This low temperature
brittleness prevents the wide-spread use of these materials. One
way to improve the materials fracture toughness is to make use of
composite toughening, notably by transformation toughening, crack
deflection and whisker toughening. The calculation of the fracture
toughness of composites has been a very difficult task (3].

We used a "spring-network model” (SN) model [4, 5] to
include the effects of microstructure, second-phase particle
toughening and micro-cracking phenomena. We treat the system as a
two-dimensional triangular lattice of nodes, each of which is
connected to its six nearest neighbors by elastic springs. The
microstructure is generated with a Potts model. Transformation of
a second-phase particle is modeled by irreversibly increasing the
equilibrium spring length when the mean stress on the second-

phase particle exceeds a prescribed critical stress, O¢. Cracking

of a bond is modeled by irreversibly cutting the bond when the
corresponding breaking length is reached. We assigned a 1%
increase in the length of the springs (eT=0.01) connected to
second phase particles upon transformation to mimic the
MoSi2/2r02 composite. The breaking length for the bulk bonds is
1.005 and for the grain boundaries and second phase particles are
1.003. We note that this choice of breaking strains ensures that
there should be a mixture of trans- and intergranular fracture in
polycrystals [6]. Finally, we choose a mean stress criterion for
transformations with critical stresses Oc4 of 0.0005, 0.0010, and
0.0015 and other values (for j equal to 1, 2 and 3, respectively)
to test the effect of Oc on the enhancement of the fracture

toughness. Also the second phase particles are randomly
distributed in the matrix with a particle size of 1 node (labeled
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as Sj in the figures, where J representing composites with a
transformation stress of Ocj) or cluster of 7 nodes (labeled as
Lj in the figures) to study the microstructural effects on the
fracture toughness.

RESULTS AND COMPARISONS WITH EXPERIMENTS AND THEORIES

In this section, we describe our method of calculating
fracture toughness and present results on the increase of fracture

toughness, AKie, as a function of the dilatational strain, eT,
volume fraction of particles, f, and the critical transformation
stress, Og. We then compared these results with available
experimental measurements in MoSi2/ZrO2 (2TM) [7), Al203/Zr02 (ZTA)
[8] and the continuum theory [1, 8, 9].

The local stress, 01, for composites with second phase
particles is linearly related to the local stress intensity, K,
The reduction of the stress (or AK) over the block of nodes can
be monitored as a function of the number of particles transformed
as the strain (or stress) is applied. The increase of the
fracture toughness is described by

AKje = Koo=K[, = ®{G00-01) = A(-ACxy) (1,

where & is a constant that depends on the simulation cell. The a is

never calculated because only ratios with pure matrix are needed.
It has been shown by continuum fracture mechanics [1, 8, 9] that

the increase of the fracture toughness, AK, due to the
transformation is represented by

AK = a) EeTf(6c)~1 /(1-v) (2),

where O] is a constant, E is the modulus, Vv is the Poisson's ratio.
First, we held all parameters the same except the value of eT
to study the dependence of AKic on eT. We found that for eT > 0 the
composite is tougher than the single phase material so it is good
for transformation strain to be large and positive if massive
micro-cracking (shattering of the sample) can be avoided [10]. On

the other hand, if eT is negative the composite is less tough than
the matrix material because the transformed particles increase the

tensile stress on the crack [10]. As shown in Fig. 1, AK is linear
in eT. Unfortunately, there has been no independent experimental

studies on the linear dependence of eT., Therefore, direct

comparisons with experiments are not possible at this moment. This

linear dependence is consistent with the continuum results (eq. 2).
Second, we assume all the parameters the same except f and

calculated the AK as a function of the volume fraction of

particles. The volume fraction dependence of AK has been shown
previously by Chen et al {4, 5]. It was found that the increase in
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Fig. 2: The AK is plotted as a function of f for (a) small (Si's)
and large particles (Li's) with several O¢'s. (b} The experimental

AK is plotted as a function of f for MoSi2/2r0O2 (ZTM) and
Al203/2x02 (ZTA).
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Fig. 3: (a) The AK is plotted as a function of the critical

transformation stress, Oc. (b) The experimental AK of the 2TM is
plotted as a function of x (Mole percentage of Y203 stabilizer in
Zr02 particles). These two curves of simulation and ZTM (both
fitted to a 3rd order polynomial) are strikingly similar.
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the fracture toughness associated with the transformation
toughening is linear in £, for small and large particles (Fig. 2a).
We noted that the increases of the composite toughness with large
particles or the particles which clusters are smaller than the
composites with small particles (assuming the same Oc). The

measurement of AK indicates a linear dependence of f of 2r0O2 in ZTM
{7; shown in Fig. 2b is a direct confirmation of the simulation
results. This calculated linear dependence is also consistent with
the theory of continuum mechanics as represented by eq. (2).

The third way in changing the composite fracture toughness is
to modify the critical transformation stress of the particles, O¢.

The change in O¢ can be achieved by the addition of stabilizers
like in transforming 2r02 particles. The alloying of ¥223 in 2r02
increases the critical transformation stress (1, 2]. We found the
simulation results (Fig. 3a) are in good agreement with experiments
of the MoSi2/2r0O2 (+ Y203) composites (Fig. 3b)[7]. A direct
comparison with continuum theory (eq. 2) reveals some new features.
We found that for different stress levels the AK versus O¢ curve
can be broken into two regions:

(a) for large Oc (> 0.0003), AK= By oc71-3,
(b) for small Oc (< 0.0003)., AK= Bz QC‘O.OS = ~Bz (3)

where f1 and B2 are constants. For high Oc, the simulation results
indicate a less toughening than the results predicted by eq. (2).
This indicates that the continuum theory is overestimating the
transformation toughening effect by treating every transformation
event as an independent event.

BEYOND EXISTING EXPERIMENTS & THEORIES

In Fig. 4a, we show that for kp=kj=km=1.0, the contribution to
the fracture toughness from the transformation (open circle), the
micro-crack (open triangle) and the total fracture toughness (solid
circle) as a function of f. The contributions due to the
transformations and micro-cracking are linear in f. For the micro-
~racking part, we found that the contribution from the micro-
cracking is 100% of the fracture toughness at f=0.0 (pure matrix
material) and decreases as f increases. For the composites with the
largest f (0.45) studied, the micro-cracking has a negative
contribution to the fracture toughness due to the extensive
cracking. We further study the effect of the modulus of the
transforming particles on the fracture toughness. The modulus of
the particle, Ep, is proportional to the particle's force constant,
kp. Therefore, the ratio of the moduli equals the ratio of
corresponding force constants, e.9., Ep/Em = kp/km. As shown in
Fig. 4b, the K' dependence on kp is almost linear except for
the composite with the largest kp where the increase in K' starts
to saturate. The composite with kp larger than the matrix has a K'
larger than the one with a smaller kp. This connection of K' with
kp i3 easy to see by noting that the particle with larger modulus
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Fig. 4: (a) The fracture toughness, K' (transformation, crack, and
total) is plotted as a function of f. (b) The total fracture
toughness K' is plotted as a function of particle force constant,

kp (=Ep/Em) .

will shrink less after the relaxation. Therefore, the transformed
particle puts more compressive stress on the matrix and creates a
larger stress reduction or cracks shielding. Assuming the rule of
mixture applies to the modulus, we can rewrite eq. (2) and eq. (3)
to include explicitly the contribution from the modulus change and
collective effects:

AK = @ Em [(1-f) + fEp/Ep] eTf(oc)~1:3 /(1-v)  (4).

This formula can be used as a predictive tool to select future
tougheners.

In this part, we investigate the influence of the particle-
matrix interfacial cohesion by varying the breaking distance of the
nodes, rbpm, on the fracture toughness of the composites with
second-phase particles. The results indicate that the stronger the
interfacial cohesion, rpm, is the larger the increase of the

fracture toughness, AKic, will be (Fig. 5).

. 083 3
... ©
. . % O
Fig. 5 : (a) The AK is plotted as a Qbo
function of the particle-matrix * ihe e
interfacial cohesion, rpm. The b 2 8 roscnn
contributions due to the
transformation are much larger than

the contributions derived from kywa s 4
micro-cracking. 4848 &

[
1.900 1.004 1.008 1.612

Interface Cohesion, 'p m

The results indicate that the transformation toughening is the
dominant cause of the increase in AKjc, while the micro-cracking
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only provides less than 10% of the toughening when rpm is
relatively large. For weak interfaces, none of the particles were
transformed because high stresses can not be transferred from the
matrix to the particles with cracking of the interfacial bonds.
Therefore, only micro-crackings near the particles are providing
the toughening at the level of 0.1 to 0.2 of the original value of
Kic. The composite with a smaller rpm has a larger AK due to micro-
cracking but the total K' is much smaller than the one with large
Ivm-

P It has been shown [4, 5] that with the same critical stress
the composite with smaller particles with linear particle to grain
size ratio of Rp/g=0.17 is tougher than the composites with large
particles with Rp/g=0.46 ( Fig. 2a). This result does not take into
account of a possible change in the critical transformation stress
as a function of the particle size that may existed in the real
systems (11, 12]. Therefore, this result indicates clustering of
particles (large particles) is detrimental to the fracture
resistance of composites.

CONCLUSIONS

The simulation results on composite fracture toughness
presented above using Spring-Network model are in good agreement
with the available experiments and continuum theory. Using
particles with characteristics like large dilatational
transformation strain, large volume fraction, small transformation
stress, large particle modulus, strong particle-matrix cohesion,
and uniform distributions of transformable particles are beneficial
in making tougher composites.

Acknowledgment: We would like to thank J. Petrovic, and R. Castro
for helpful discussions. This work is supported by U. S. Department
of Energy, Office of Industrial Technologies.

References:

1. A. G. Evans, J. Am. Ceram. Soc., 73, 187 (1990).

2. D. J. Green, R. H. J. Hannink, and M. V. Swain, "Transformation
Toughening of Ceramics®”, CRC Press, Boca Raton, Florida (1989).
3. M, F. Ashby, Acta Metall. et Mat., 41, 1313 (1993).

4. S, P. Chen, J. Mat. Res. (submitted).

5. §. P. Chen, R. Lesar and A. D. Rollett, Scr. Met. et Mat., 28,
1393 (1993).

6. R. K. Wade and J. J. Petrovic, J. Am. Ceram. Soc., 75, 1682
(1992) .

7. Petrovic et al, Mat. Sci. Eng. Al155, 259 (1992).

8. F. F. Lange, J. Mat. Sci., 17, 225 (1982).

9. A. Evans and R. Cannon, Acta Metall., 34, 761 (1986).

10. W. M. Kriven, J. Amer. Ceram. Soc., 71, 1021 (1988).

11. A. G. Evans et al, Acta Metall., 29, 447 (1981).

12. A. G. Evans and A. H. Heuer, J. Am. Ceram. Soc., 63, 241
(1980) .

234



DESIGN AND SYNTHESIZE OF NEW TERNARY ZIRCONIUM SILICIDE
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ABSTRACT

The zirconium silicide intermetallic compounds with the 16H crystal structure are good
materials for high temperature structural applications, because of their high melting point and
low density. Their shortcoming is low ductility. To increase ductility, the coordination
numbers are increased to increase isotropy of bondings, and to have more metallic nature
of bonds.

Combination of elements, silicon, zirconium and other atoms for ternary silicides are
sclected by theoretical consideration of the coordination numbers. As the coordination
numbers increase, the atomic bonds increase metallic properties, and their ductility increases.
Higher coordination numbers are obtained by substituting yttrium atoms onto zirconium 6g
point set sites.

INTRODUCTION

The working temperatures of heat resistant materials, for example superalloys in gas
turbines, are in the range from 700 to 1000 °C. Materials for high temperature structural
applications, which may withstand working temperatures as high as 1500 C, arc required in
various fields such as aerospacc and heat engines. These materials must have high melting
points, high strength, high fracture toughness, high creep resistance and low densities.
Several intermetallic compounds are exccllent materials for high temperature structural
applications in the future.

Flcischer plotted melting point against the density of intermetallic compounds for
various crystal structures {1]. Celis et al. pointed out that thc 16H* crystal structure
silicides have high melting points and low densitics comparcd with other crystal structures
[2]. The binary zirconium silicide with the 16H crystal structure SiZr; has high melting
point and low density, indicating that Si,Zr; is a good candidate for high temperature
structural applications for the next generation heat engines [2-4]). The high melting point
implies also that the covalent nature of bonding in 16H crystal structure silicides is high.
Therefore ductility of the 16H crystal structure silicides is likely to be low.

To improve properties of intermetallic compounds, addition of elements and composites
are considered. In this work, new ternary intermetallic compounds are designed by
substituting of a part of atoms without crystal structure change. Celis et al. described that
it is possible to substitute a layer of zirconium atoms with titanium in Si,Zr; without crystal
structure changes [4,5]. Using these results, a method to design new ternary zirconium
silicide is described.

To increase ductility, coordination numbers are increased to cnhance isotropical nature
of bondings, and to have more metallic naturc of bonds. In this work, design and synthesis
of new ternary zirconium silicide intermetallic compound by substituting a part of zirconium
atoms with other elements to increase the metallic nature of bondings in the 16H Si,Zr,
structure are discussed.

* Structure nomenclature according to ASTM.
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DESIGN OF Si,Y,Zr,

Figure 1 shows the Bravais lattice of
the (M,Si,)16H type crystal structure, where
M means a metallic element. Silicon and
M atoms at 6g point set are located on
basal planes B and C, and M atoms at 4d
point set arc on basal plane A. Lattice
parameters determine the nearest neighbor
atomic distances.  Lattice parameter a
controls the Si(6g)-M(6g) bonding distance
in basal planes B and C, for example
between Si( 0.00, 0.61, 0.25) and M( 0.25,
0.00, 0.25). Lattice parameter € fixes the
M(4d)~M(4d) bonding length, for example

O

Si

o
M

M( 0.33, 0.67, 0.00)-M( 0.33, 0.67, 0.50),
i.e., between two basal planes A.

Using the lattice parameters a and ¢,
the atomic positions of all atoms, and the
atomic diameter of each element, the
relative interatomic distance (R, ) is

M(0.33,0.67,0.50)

/Y

Si(0.00,0.61,0.25)

calculated as follows [S}:
R, = (d.-d,) /4, M

where, d, is the calculated value of the
interatomic distance from crystal structure

M(0.25,0.00,0.25)

and d, is the ideal interatomic distance

calcula{cd from atomic diameters. A M(0.33,0.67,0.00)
negative value of R, indicates a shorter

distance than the ideal one, a positive value A

indicates a larger distance than the ideal a

one, and the zero implies the ideal distance.
The relative interatomic distance is used to
estimate the coordination number [6]. : : .
To design a new ternary zirconium chlegure Sli MSchcnl];g:r repre;s:tnctzggg"gg
silicide intermetallic compound with the compounds . wi Y !
. poun with the 16H crystal
16H crystal structure, the relative structure [2,5)
interatomic distances are calculated for "
known  binary silicide intermetallic
compounds with the 16H crystal structure.
In this work, the coordination numbers of a specific reference atom were defined as the
number of atoms with a relative interatomic distance smaller than 0.03 (R, <0.03) of the
largest value of coordinated ones in Si;Zr,.

Table 1 shows the atomic diameter of each constituent element for binary silicide
intermetallic compounds for the 16H crystal structure [7] and lattice parameters of the
compounds [8] for calculation of relative interatomic distance. The silicon atomic diameter
of 0.263 nm was used [7]. The coordination numbers (number of atoms with R, less than
0.03) of binary silicides with the 16H crystal structure are shown in Table 0. There is no
difference of coordination numbers in these binary silicide intermetallic compounds, except
Si;Y;. Coordination numbers of Si,Ys are higher than other binary silicide intermetallic
compounds, becausc the difference of the atomic diameter between silicon and metallic atom
is the largest in this compound. This implies that the metallic nature of bonds in Si,Y; is
higher for the Y(6g) atoms than for other binary silicide intermetallic compounds with the
16H crystal structure. Indicating that by substituting the zirconium atoms in 6g point set
of Si;Zr; with yttrium atoms, the space in basal planes B and C for the atoms in 4d point
set will expand and higher coordination numbers are expected.
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For the calculation of the lattice parameter, the atoms are considered as quasi-rigid
spheres. However, the 16H type crystal structure is complex and some of bonding distances
are shorter than the ideal distance. Therefore, it is difficult to calculate the exact lattice
parameters of the 16H crystal structure.

The relative interatomic distance of known binary silicide intermetallic compounds are
plotted against atomic diameter in Figure 2, the 16H crystal structure assuming that the R,
value of Si(6g)-M(6g) is Si( 0.00, 0.61, 0.25)-M( 0.25, 0.00, 0.25) and M(4d)-M(4d) is M
0.33, 0.67, 0.00)-M( 0.33, 0.67, 0.50) and bondings in Si,Y,Zr, are of average value. Using
these values, the lattice parameters of Si;Y;Zr, are calculated, as @=0.836 nm and ¢=0.560
nm. From these lattice parameters, the coordination numbers of Si,Y;Zr, are calculated as
shown in Table II. Coordination numbers of Si,Y,Zr, are higher than Si,Y,. This implies
that the metallic nature of bonds are probably higher than Si,Y; and other binary silicide
intermetallic compounds with the 16H crystal structure.

Table I Atomic diameter of M, d, and lattice parameters @ and € for binary silicide
intermetallic compounds with the 16H crystal structure (M,Si,).

Compound SiyZr, Si,W, Si,Ta, Si,Tig Si,Y,

d/nm 0319 | 0268 | 0291 | 0.293 | 0.359

Lattice a/nm 0789 | 0719 | 0747 | 0745 | 0840
Parameter | o/nm 0556 | 0458 | 0523 | 0512 | 0.630

M : metal in M;Si, structure

Table I Calculated number of the nearest atoms in binary silicide intermetallic
compounds with the 16H crystal structure (M,Si;). There i1s no contact between
M(4d)-M(6g) and M(6g)-M(6g) bonds, except in Si,Y;.

Compound Si,Zr, Si,W; Si,Tag Si,Tis SiyY,
Total 9 9 9 9 7
Si(6g) | M(4d) 4 4 4 4 4
M(6g) 5 5 5 5 3
Total 8 8 8 8 14
Si(69) 6 6 6 6 6
Miad) M(4d) 2 2 2 2 2
M(6g) 6
Total 5 5 5 5 9
Si(6qg) 5 5 5 5 3
M(6g) M(4d) 4
M(6g) 2
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Figure 2 The relative interatomic distances (A, ) of the nearest Si(6g)-M(6g) on basal
planes B and C, and M(4d)-M(4d) on two adjacent basal planes A for binary silicide
intermetallic compounds with the 16H crystal structure. Dashed lines indicate average

of R, .

Table I Calculated coordination numbers in the new ternary zirconium silicide
intermetallic compounds with the 16H crystal structure Si,Y,Zr,. The theoretical values
indicate the designed Si,Y,Zr,, and the experimental ones indicate the synthesized
Si,Y,Zr,, which is discussed later.
silicide intermetallic compounds.

Coordination numbers are higher than the binary

Compound Theoretical | Experimental
Total 9 7
Si(6g) Zr(4d) 4 4
Y(6q) 5 3
Total 14 14
Zr{4d) S 2 .
Zr(4d)
Y(6g) 6
Total 15 13
veg [
Zr(4d)
Y(6g) 6
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EXPERIMENTAL PROCEDURE
Synthesis and densification of Si,Y,Zr,

A mixture of 37.5 at.% silicon (99.5 % purity, ~350 mesh), 37.5 at.% yttrium (99.9
% purity, -20 mesh) and 25.0 at.% zirconium (98.0 % purity, -350 mesh) was prepared
in an alumina mortar with ethanol. After drying in vacuum, samples of the mixed powder
were Cold Isostatically Pressed (CIP'ed). A reaction to form a silicide intermetallic
compound was triggered by an electric arc in an argon atmosphere chamber. Samples were
crushed in an alumina mortar until the powder passed through a 45 ¢m mesh screen.

The powder of Si,Y,Zr, was densified in a Spark Plasma Sintering (SPS) System
(Sumitomo Coal Mining Co., Ltd.) for 5 min at 1400 °C under 50 MPa. The size of bulk
sample is 20 mm djameter and 5 mm thickness.

Measurements of properties

Powders and bulk samples were analyzed qualitatively by X-ray diffraction in a Rigaku
diffractometer of Cu-Ka, radiation monochromated by a graphite single crystal, operated
at 40 kV and 30 mA. The patterns were obtained from 28=20 ° to 260=80 " in steps
of 0.01 with 0.5 ° min”. The powder was mixed with a silicon standard in order to
obtain accurate lattice parameters.

After polishing bulk samples, densities were measured by the Archimedean method in
toluene. Vicker's hardness was measured under a 9.8 N load.

RESULTS

Lattice parameters of experimental Si,Y,Zr,, a=0.823 nm and €=0.608 nm, were
calculated from XRD peaks (120) and (123). Using thesc parameters, interatomic distances
were calculated to obtain the coordination numbers as shown in Table .

The density of Si,Y,Zr, is calculated from the experimentally obtained lattice parametcrs
to be 4970 kg m™>. The densified bulk sample had a density of 5060 kg m™.

Vicker's hardness of Si,Y.Zr, is 8.630.3 GPa at room temperature.

DISCUSSION

Tow Si(6g)-Y(6g) bonding distances were 7 % larger than theoretical Si,Y.Zr,
therefore coordination numbers are lower than expected, as shown in Table II. However,
the coordination numbers of experimental Si,Y,Zr, are higher than any other binary silicide
intermetallic compounds with the 16H crystal structure. For example, the number of Y(6g)-
Y(6g) bonds increase to six of this compound compared with two of Si,Y; which has the
highest coordination numbers in the binary 16H system. This high coordination numbecrs
indicate that Si,Y,Zr, has more metallic bonds than Si;M;.

The density of bulk sample is 2 % larger than the theorctical value, likely duc to
impuritics. The density of Si,Y,Zr, is, however, lower than Si,Zr; of 6000 kg m™, and
makes it attractive for high temperature and low density structural applications.

Vicker's hardness of Si,Y,Zr, is 28 % lower than Si;Zr; of 11.9%1.1 GPa at room
temperature [3]. Lower value of hardness indicate that the strong covalent bondings arc
replaced by bondings with metallic nature, or the sample was not fully densificd.

The melting point of Si;Y;Zr, was not measured. Si,Zr; has a high melting point
(2230 °C) [3}. Nature of strong covalent bondings in Si,Zr; arc replaced by more metallic
nature of bonding in Si,Y,Zr,, and the silicon interatomic distance is 8 % larger than in
Si;Zr;, with a value of 0.354 nm. However, melting points depends upon strength of
bondings. Higher coordination numbers of Si,Y,Zr, indicating that total strength of bondings
is higher than other intermetallic compounds. Therefore, the melting point of Si,Y.Zr, may
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be similar to Si;Zr; due to higher coordination number.
From these results, Si,Y,Zr, have higher ductility and lower density than Si,Zr; are
excellent candidates for high temperature structural applications.

CONCLUSIONS

(1) New terary zirconium silicide intermetallic compound Si;Y,Zr, is designed and
synthesized by substituting a layer of zirconium atoms with a layer of yttrium atoms to
increase the metallic nature of bondings to obtain reasonable ductility of Si,Zr; with the 16H
crystal structure.

(2) Density of this compound is lower than Si,Zr;, making it an excellent candidate
material for high temperature structural applications.

(3) The melting point of Si,Y;Zr, may be similar to Si,Zr; due to higher coordination
number.
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HIGH TEMPERATURE OXIDATION BEHAVIOR OF STRUCTURAL SILICIDES
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Department of Materials Science and Engineering, University of Pennsylvania,
Philadelphia, PA 19104

ABSTRACT

The factors which control the formation of a protective silica (SiO;) layer on
structural silicides at high temperature are summarized. The thermodynamic and
kinetic conditions under which both silica and a metal oxide can form are also
described. Molybdenum disilicide (MoSi2) forms highly protective silica scales and
has the best oxidation resistance at high temperatures. Although the preparation
method has little influence, the heating rate and the structure of the silica layer
have significant effects on the oxidation behavior of MoSia.

INTRODUCTION

One of the inherent problems in designing structural materials for high-
temperature use is their reaction with an oxidizing environment. As a result, much
work has focused on developing materials with both structural integrity and
oxidation resistance. This paper summarizes the conditions under which binary
silicides form protective silica layers when exposed to high oxygen pressures (s1
bar). The melting points of the structural silicides which are being considered for
high temperature applications are shown in Fig. 1. Because silicon is the element
providing oxidation resistance, we emphasize the most silicon-rich of the possible
binary silicides, having the usual stoichiometry: MeSiz. Figure 1 also shows the
temperatures of the MeSiz-Si eutectic, along with the lowest temperature metal-rich
eutectic. The silicides of niobium, tantalum, molybdenum, and tungsten have the
highest melting points and have received the most attention for high temperature
applications.

The standard free energies of formation (AG%) of oxides are useful to compare
their chemical stability with that of silica. As shown in Fig. 2, the oxides of
molybdenum and tungsten are much less stable than SiO2 and are easily reduced by
silicon. The oxides of tantalum and niobium are also less stable than SiO, but not by
as large a margin as those of tungsten and molybdenum. The oxides of titanium and
zirconium are more stable than SiO; and these metals will reduce SiO3. In the
competition for oxygen which occurs at the silicide/silica interface, the disilicides of
molybdenum, niobium, tantalum and tungsten could be expected to form only a
silica scale, whereas the titanium and zirconium disilicides would also form
titanium or zirconium oxides and have poor oxidation resistance. However,
several studies have suggested that the oxidation of TiSi; is parabolic,12 implying
that the oxide scale is protective. The oxide scale has a silica layer near the
silicide/scale interface and islands of TiO; at the scale/gas interface. Titanium,
which is soluble in SiOzup to ~10mole%,34 apparently diffuses to the outer
scale/gas interface, forming islands of TiOz and leaving a protective silica-titania
glass on the inside. Zirconium disilicide may also form a mixed oxide with
protective properties, but a pure silica layer has the best high-temperature oxidation
resistance.
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PARABOLIC OXIDATION OF SILICIDES

The best kinetic barrier to the oxidation of silicides is a protective scale that
inhibits the diffusion of oxygen or metal to or from the scale/silicide interface. Pure
silica (S5i0) is one of the most impermeable oxides at high temperatures; and
disilicides that form silica scales exhibit the best oxidation resistance at high
temperatures. For example, Fig. 3 shows the parabolic rate constants for the
oxidation of several materials that form protective silica and alumina (Al,03) scales.
The low activation energy for the diffusion of oxygen in SiO2 results in a more
protective oxide scale at temperatures above ~1080°C.

10°'°
E o  Brumm & Grabke, NiAl
gt a  Pettit, NiAl

107 3 o  Smialek, Ni-42at%Al
—_ :. o  Costello, single xtal SiC
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Figure 3. Temperature dependence of oxidation rates (kp) for SiO; forming and
Al,O3 forming materials. Brumm and Grabke?, 0.13 bar Oy; Pettit$, air;
Smialek?, 0.1bar Oy; Costello and Tressler!, 1bar O,; Rambergl!, 1 bar O;.

The growth rate of a protective oxide scale has been modeled by several
authors!213, At high temperatures, the time dependence of the oxide thickness is
described by the parabolic rate law:

¥ =kt )

The parabolic-rate constant (kp), has the units of either thickness?/time or
(weight/ area)?/time. These are directly related by the density of SiO2:

Kp(weight/area)2/time) = Kp(thicknessA2/time)*(2:28/cm3)2  (2)

245




The initial silica scale formed on silicides is usually amorphous, however above

~1300°C, the amorphous silica can transform to a-cristobalite. The oxygen
diffusivity will change as the structure of the silica changes, and the parabolic-rate
constant changes with time.

There are often conditions under which a metal oxide forms in addition to
silica, and the rate constants are not due only to the growth rate of a pure silica scale.
For example, formation of a gaseous metal oxide, along with the formation of silica,
would result in a lower apparent rate constant, and depending upon the molecular
weight of the metal in the silicide, could result in a net weight loss. Two other
important assumptions are usually invo ved in the determination of parabolic rate
constants. In thickness measurements, it is assumed that the scale thickness is
uniform. For weight change measurements, it is assumed that the surface area of
the sample is equal to the geometrically measured area. The latter assumption often
leads to erroneous kg values when the samples are cracked or have open porosity.

During the initial stages of silicide oxidation, both metal oxide and silica may
form simuitaneously. The diffusivity at this point is not that for SiOp, but that for a
mixed MeOySiO; layer. For example, TaSi; or NbSi; form mixed oxides of both
silica and Taz05 or NbyOs upon oxidation!415. Although the niobium and tantalum
silicides could eventually be protected by a thick mixed-oxide layer, spallation
problems due to growth stresses become critical as scale thickness increases, and the
oxide scales on TaSiz and NbSi; crack extensivelyl415.

However, MoSi; and WSi; form dense, protective layers of relatively pure
SiOz when oxidized at high temperatures!61718192021  Although the molybdenum
and tungsten silicides also initially form mixed oxides, the critical difference is the
volatilization of the molybdenum or tungsten oxides as oxidation proceeds. Figure
4 shows the vapor pressures for some of the refractory-metal oxides. The vapor
pressures of the molybdenum and tungsten oxides are orders of magnitude higher
than those of niobium and tantalum. As the molybdenum or tungsten oxide
formed with silica on MoSi; or WSi; volatilizes, the silica layer becomes more
“silica rich" and oxygen transport to the silicide/scale interface decreases. This
reduction in oxygen transport and the associated reduction of the oxygen activity
(concentration) at the silicide/scale interface continues as the metal oxide
volatilization continues. Eventually the oxygen activity at the silicide/scale interface
decreases to a value where the base metal oxide is unstable, after which the
molybdenum or tungsten silicide is protected by a relatively pure SiO; layer. Several
authors have analyzed silica scales formed on MoSi; and found no molybdenum
within the detection limits!618. Our studies using energy dispersive spectroscopy
have also failed to detect molybdenum in the silica layer. At high temperatures
{> 1200 "C) volatilization is rapid, and the silica layer appears to purify within the
first hour of oxidation. At lower temperatures, the weight gain is due to the
formation of both the metal oxide and silica. Near the temperature where the metal
oxide begins to volatilize, either a weight gain or loss could be observed. At high
temperatures, where only silica is formed, the sample should gain weight slowly.
This temzaa rature-dependent behavior has been observed for powder MoSi;
samples?). For dense samples of MoSi2 having much lower specific surface area,
this behavior is difficult to observe and depends on the resolution of the measuring
device.
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Figure 4. Equilibrium vapor pressures of some refractory-metal oxides
at pO7 =1 atm, activity of the most stable solid oxide = 1.

When no metal oxide is formed and silicon is selectively oxidized, the silicide
changes stoichiometry. Although initially high, the oxygen activity (exrressed as
po2) at the silica/silicide interface eventually reaches the equilibrium oxygen
activity (pressure) given by:

Si 3
where AG9; is the standard free energy change of the reaction:

Si(s) + O2(g) = SiOzs) (4
and $Si represents silicon in the silicide. Values for AGO; are given in Fig. 2.
Equation (3) assumes a pure SiO; layer. At constant temperature, ag, is not fixed in a
single-phase silicide. However, if two phases in the metal-silicon binary system are
present and in equilibrium (e.g. MeSi2-Si or MesSi3-MeSiz), the activities of both
the metal and silicon can be calculated from reactions such as the following:

zMeSiz = Me,Si + (2z-1)Si 5

As the oxidation of silicon in the silicide to form SiO; proceeds, ag; decreases (and
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aMe increases) in the silicide, and eventually either the lower Me,Si silicide will
form (reaction 5) or an oxide of the metal will form by the following reaction:

yMe + SiO2 = MeyO; + Si (6)

We can estimate whether reaction (5) or (6) occurs first. For example, if the metal

oxide forms instead of the Me;Si, the AG9x, for equation (6) can be used to calculate
the equilibrium agj fapMe ratio established by the metal oxide and SiOy:

IS

ai,-
a 7

M

However, when the Me;Si forms, the AGOyn for reaction (5) can be used to calculate
the activity of silicon established by the two silicides:

A

ag?* ! = c[ o (8)

This silicon activity can be compared with the maximum silicon activity at which
metal oxide would form according to Eq. (6). One first calculates the metal activity
(ape! at equilibrium with MeSi; and Me,Si by rewriting Eq. (5) with the appropriate
stoichiometric coefficients. This apme is then inserted into Eq. (7) to determine the
maximum silicon activity (asij) at which MeyO3z would form. If the maximum ag;
calculated from Eq. (7) is larger than that from Eq. (8), the metal oxide will form
before another silicide. The log of the ratio [(asi)oxide-eq./ (asi) silicide-eq] is positive
when the oxide first forms and negative when another silicide first forms. The
temperature variation of this ratio, shown in Figure (5), indicates that all the
silicides should form another silicide before the metal oxidizes. Although the

thermodynamic data for the oxide free energies are well establishedb, values of AGY

for the silicides are not available, and the enthalpies of formation (AH9y) at 298K22
are used to calculate the lines shown in Fig (5). Although the entropy of formation
(AS9) for the silicides is usually small, even a small AS% may result in a significant
TASY term at high temperatures. Furthermore, the activities are calculated from an
exp(AG9¢) term, and small errors in AG9 can lead to large differences (orders of
magnitude) in the calculated activities. Given these uncertainties and the relatively
small values for (asi)oxide—eq./ (si) silicide—eq, We cannot confidently conclude that
the niobiur and tantalum disilicides will preferentially form another silicide.
However, Fig (5) indicates that the tungsten and molybdenum disilicides should
form another silicide when oxidized at high temperatures.
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OXIDATION OF MoSi

To complement the studies cited previously for the oxidation of MoSip!6-21,
we have investigated the effects of the preparation method and heating rate on the
oxidation behavior of MoSi;. Hot pressed, arc melted and vacuum plasma sprayed
MoSi; samples have been oxidized in 1 atm. of flowing oxygen at 1500 and 1600°C.
The densities of the pure hot-pressed and vacuum plasma-sprayed samples were 95-
97% and 98% of the theoretical value, respectively. However, the arc-melted
specimens exhibited a high degree of cracking The surfaces of all specimens were
finished with #600 emery paper and cleaned in an ultrasonic acetone bath prior to
oxidation. The specimens were placed in an alumina crucible which was suspended
within an Al203 tube in a MoSiz furnace using a thin sapphire rod and a platinum
wire. Direct contact between the specimens and the alumina crucible was avoided by
placing some large pieces of crystalline silica between them.

A Cahn-1000 thermogravimetric balance was used to continuously measure
their weight changes. Isothermal and slow-heating (SH) procedures were used to
evaluate the effect of heating rate. In the isothermal procedure, the furnace was first
heated to temperature, and the specimen was then suspended from the balance
where it reached 1500°C within a few minutes. In the SH procedure, the suspended
specimen was inserted into the furnace at room temperature and then heated at a
rate of 10°C/min; in this procedure the specimen reached 1500°C after about 2.5
hours. The oxidized specimens were characterized using X-ray diffraction (XRD),
scanning electron microscopy (SEM), and energy dispersive X-ray analysis (EDX).

Plots of (weight gain/area)? versus oxidation time (the slope of this line is kp)
for isothermal experiments at 1500°C and 1600°C are shown in Figs. 6 and 7. While
the pure hot pressed MoSip and arc-melted MoSi; samples have a constant k, the
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Figure 7. Isothermal oxidation at 1600 *C of MoSiz

prepared by different techniques.
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plasma sprayed MoSi; in Fig 6 exhibit a changing ky in the first 10 to 40 hours.
After 100 hours of oxidation, the XRD analysis shows that the oxide layer is
cristobalite, the stable crystalline phase of silica at temperatures above 1430°C. The
initial short-time parabolic rate constants at 1500°C are in good agreement with
those for amorphous SiO,!0formed on SiC, while the long time kp is more
representative of diffusion through cristobalite?3. We are currently investigating the
factors which determine the structure of the silica scale formed on MoSiz and MoSh
composites.

As shown in Table I, isothermally-oxidized MoSiz has excellent oxidation
resistance at 1500 and 1600°C. Furthermore the oxidation kinetics of the arc-melted,
cracked specimens are almost identical to those of the denser specimens. Thus, it
appears that for isothermal, rapid-heating oxidation experiments at high
temperatures, the effects of cracking are not significant.

Table L Parabolic Rate Constants (g2/cmA-hr) For MoSi; Malerials

Materials 1500 Slow Heat | 1500 Isothermal | 1600 Isothermal
Hot Pressed 73E-9 9.6E-10 27E-9

MoSip

Arc Melted MoSiz| 1.9E-8 89E-10

Plasma Sprayed long time: 22E-9 |[1.2E-8

MoSiy short time: 1.3E-8

Figure 8 shows the results of the slow heating experiments. Prior to the
extended isothermal oxidation at 1500°C, the samples were slowly heated
(10°C/min.) through the temperature range over which solid MoO; should form.
The effects of this treatment were most significant for the arc-melted sample, which
was highly cracked.
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Figure 8. Oxidation at 1500"C of MoSi; prepared by different techniques.
Samples were slowly heated (10°C per min) for the first 2.5 hours.

SUMMARY AND CONCLUSIONS

The high-temperature oxidation behavior of structural silicides depends on
several thermodynamic and kinetic factors. Because a pure silica layer is the
preferred oxidation barrier, the silicides that form pure SiO; scales at high
temperatures have superior oxidation resistance. Thermodynamic calculations
indicate that MoSiz and WSis should form another silicide and not metal oxide as
the silicon activity in the disilicide decreases during extended oxidation. The
volatility of the molybdenum and tungsten oxides at high temperatures can result
in the "purification” of an oxide-silica duplex scale formed during exposure at lower
temperatures. Molybdenum disilicide forms highly protective silica scales and has
the best oxidation resistance at high temperatures. Although the preparation
method has little influence, the heating rate and the structure of the silica scale have
significant effects on the high-temperature oxidation behavior of MoSi2.
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CYCLIC OXIDATION RESISTANCE OF MoSiz/20v% Nb COMPOSITES
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ABSTRACT

The effect of Nb morphology on the 1200°C cyclic oxidation resistance of
MoSiy20v%Nb composites was investigated. Niobium was incorporated into MoSij as particles,
random short fibers and continuous aligned fibers. After oxidation, it was found all that the
composites had lost weight and essentially disintegrated. This was due to spalling of both the
Nb2Os scale and the MoSiz matrix. The spalling of the matrix was a result of cracks originating
from the oxidized Nb and propagating through the MoSi matrix. These cracks arose from two
sources: (1) the volume expansion associated with the transformation of Nb to Nb2Os and (2)
the difference in thermal expansion between Nb20Os and MoSiz. Composites with smaller
diameter Nb reinforcements did not disintegrate as rapidly as composites with larger sized Nb
reinforcements. This was attributed to the effect of reinforcement size on CTE mismatch
cracking.

INTRODUCTION

The toughness of a variety of brittle intermetallic and ceramic matrices has been improved
through the addition of ductile phases [1-7]. A few of these composites appear to be ideally suited
for applications as structural materials at elevated temperatures in aggressive environments, as the
ductile phase provides for toughness and the matrix provides for oxidation resistance. However,
many of the ductile phases added have been refractory metals, which do not possess chemical
stability in oxygen at elevated temperatures. Therefore, it is imperative to determine the effect of
the addition of a ductile refractory phase on the oxidation resistance of the matrix.

Little has been reported on the oxidation resistance of ductile phase toughened
composites, except by Meschter {8], who studied the 500C and 1200°C cyclic oxidation
resistance of a MoSip/20v% Nb particulate composite. At 500°C, specimens exhibited weight loss
on the first and each subsequent cycle, with virtually all the oxidized Nb particles spalling from
the surface. X-ray diffraction revealed that MoO3 and Nb2Os were the oxide products. At
1200°C, the specimen gained weight during the first cycle; however, the sample lost weight on all
subsequent cycles. Spalling of the oxidized Nb particles was not as extensive at 1200°C as at
500°C. The oxide products formed at 1200°C were Nb2Qs and SiO2 on the surface of the
specimen and a network of MoO3 crystals which was deposited on the cooler walls of the tube
of the oxidation furnace down stream from the specimen. The formation of MoO3 was attributed
to spalling along the NbyOs/MoSiy interface, exposing fresh MoSiz which allowed for extensive
vaporization of M0QOj. Fitzer and Remmele[4] examined the stabiliy of a Mo(81,Ge)2/40v% Nb
aligned fibrous composite in an oxidizing environment at elevated temperatures. No mass change
versus time results were reported, only changes the surface appearence were reported. They
noted that during static exposure at 1200°C the Nb fibers "grew" from the surface of the
specimen. This was a consequence of the difference in density of Nb and NbyOs. They also
reported that during thermal cycling at 1100°C the specimens were destroyed due to excessive
cracking. Meschter {8], did not report this occurrence in his study; however, he did not indicate
that he examined his specimens for cracking.

Recent research indicates that the toughness of MoSi2 and other intermetallic matrices
reinforced with Nb or other ductile phases is greatly affected by the morphology of the duclile
reinforcement (i.e. size, shape and orientation) [9-14). Thus, it is important also to determine the
effect of the morphology of a ductile phase on the oxidation resistance of the matrix. This paper
describes the effect of the Nb morphology (i.e particles versus random short fibers versus
continuously aligned fibers) on the cyclic oxidation resistance of MoSi2/20v% Nb composites.
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EXPERIMENTAL PROCEDURE

MoSiz composites reinforced with 20v% Nb composites were produced for this
study by hot isostatic pressing mixwures of powders and fibers (vacuum encapsulated in Ti cans)
at13 and 172 MPa for 3 hours. The Nb was incorporated into the MoSi as angular particles
roughly 100um in size, 800um diameter random short fibers, 800um diameter continuously
aligned fibers, and 400um diameter continuously aligned fibers. Complete details on the
fabrication of these composites can be found elsewhere [14). It should be mentioned that a
reaction zone (primarily NbsSi3 and approximately 10 pm thick) formed between the Nb and
MoSiz during processing (a complete microstructural analysis can be found in references 12 and

4).

Oxidations specimens were prepared by electro-discharge machining (EDM) cylinders
(6.35 mm in diameter) from the HIPed ingots. The EDM cylinders were containerless HIPed at
1350°C, and 172 MPa for 3 hours. Oxidation specimens were sectioned from the cylinders with a
diamond blade to produce specimens that were nearly right circular cylinders, varying in height
from approximately 6 to 9 mm. The surface of the specimens were mechanically polished
through 0.3 pm Al>O3 paste. Prior to oxidation the dimensions and weight of each individual
specimen were measured and recorded, and the specimens were ultrasonically cleaned in an
acetone-alcohol mixture.

Cyclic oxidation studies were performed at 1200°C in dry laboratory air flowing though a
Lindberg 1500 tube furnace at a rate of 40 cm3/min. Each cycle consisted of placing the
specimen into the fumace preheated to 1200°C and after the appropriate time interval removing the
specimen from the furnace. After the specimen had cooled to room temperature (roughly 30
minutes), its weight was measured and recorded. The specimen was then placed back into the
heated furnace (at 1200°C) for the next cycle. The results were plotted as specific mass (the
change in the specimen's weight based on the original weight normalized for the surface area)
versus oxidation time.

The duration of each of the first five cycles was 1 hour. The sixth cycle was 5 hours long
and the seventh, eight and ninth cycles were 10 hours each. Any subsequent cycle was 24 hours
in duration. The results dictated that only the particulate composite needed to be tested past eight
cycles (30 hours exposure). After each cycle, the surface of each specimen was examined under a
stereomicroscope. After testing was completed the specimens were examined by X-ray
diffraction and optical and electron microscopy. To determine changes that may have resuited
from exposure to oxygen after a certain time period, a few tests were repeated. However, after a
pre-determined number of cycles the testing was discontinued (i.e., after the first or fifth cycle)
and the specimens were sectioned for metallographic examination.

RESULTS

The oxidation results are shown in Fig. 1, specific mass change is plotted versus
exposure time. All of the fibrous composites had initially gained weight on the first cycle,
followed by weight loss on all subsequent cycles. The particulate composite showed the best
results, as significant weight lnss did not occur until the sixteenth cycle, or 208 hours of
exposure (see inseit in Fig. 1).

The attack of oxygen appeared to be localized at the Nb, with the Nb turning yellowish-
white in color. The MoSi; matrix turned grayish in color, with a smooth clear layer appearing to
have formed on the surface. X-ray diffraction detected NbyOg and MoSi; on the oxidized
specimen. Presumably, amorphous SiO formed on the surface of the specimens and was not
detected by X-rays. Also, a network of white fibrous-like material formed down stream on cooler
portions of the furnace wall; these were presumed to be MoO3 crystals.

After 1 cycle (1 hour of exposure) the fibers appeared to have "grown” from the surface
of the specimens (Fig. 2). The oxide morphology of the NbyOs scale was porous and cracks
were detected in both the oxide scale and the adjacent matrix (Fig. 3). Spalled material contained
only Nb2Qs. After as few as 5 cycles, cracks were visible on the surface of the specimens and the
oxide spall contained portions of fractured MoSi>.
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Figure 1. The cyclic oxidation behavior of MoSi»/20v% Nb composites.

It should be mentioned that some of the initial weight loss displayed by the aligned
fibrous composites was attributed to any fibers which transversed the entire surface oxidizing
and immediately spalling from the surface. No fibers were situated entirely on the surface of the
composite with the random short fibers. No fibers immediately spalled from the random short
fibrous composite, thereby accounting for the slightly lower weight loss displayed by this
composite. The random short fibrous composite could be considered as MoSi; containing very
large Nb particles.

As with the fibrous composites, the attack of the particulate composite appeared to be
localized at the Nb particles, with the particles growing from the MoSiy matrix. Significant
amounts of MoSi; were not detected in the spalled material until the sixteenth cycle. However,
cracks were detected originating from the particles propagating through the matrix after seven
cycles (Fig.4).

DISCUSSION

Spalling of the NbyQs scale accounted for only a portion of the weight loss displayed by
the composites. Some of the weight loss was attributed to the fracturing of the matrix MoSia.
This was a consequence of the NbyOs scale possessing a molar volume five times greater than
the molar volume of Nb (58.8 cm3smol-! for NbyOs as opposed to 10.9 cm3emol-! for Nb [15]).
Thus, as the Nb inclusion oxidized to form Nb2Os, the physical dimensions of the inclusion
increased. The MoSip matrix accommodated for the increase in dimensions of the oxidized Nb
by cracking. As the Nb2Os scale "grew"” from the surface the surrounding MoSi2 must "move”
with the scale, owing to the chemical bond between the fiber and the matrix. However, the
MoSi7 matrix surrounding the underlying unoxidized portion of the Nb fiber does not want to
displace with the NbyOs scale. This results in a tensile stress in the matrix which was relieved by
the normal (or z) type cracking (Fig. 3). If the MoSiz was not chemically bonded to Nb through
the reaction zone (i.e. a weak interface exists) then this type of cracking might be avoided.
Similarly any increase in diameter would be accommodated by the matrix through radial (or r)
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type cracking (Fig. 2). For composites consisting of discontinuous reinforcement (particles or
random short fibers), the matrix cracking also promoted further degradation as underlying Nb
particles were exposed to oxygen (Fig. 4).

It is interesting to note that all types of matrix cracks (radial or r, normal or z, and
debonding or 8) were observed propagating from the oxidized Nb through the matrix (Figs. 2-
4). If the matrix cracking only were a result of the volume expansion associated with the
formation of NbzOs, then the 8 or debonding cracks would not be expected, as it is unlikely that
the volume expansion would cause separation along the reinforcement-matrix interface. These
debonding cracks may arise from thermal expansion mismatch during cooling [16]). The stress
that developed in the matrix due to the thermal expansion mismatch differences (o1) can be
estimated by:

or=EAaAT )

where E is the modulus of MoSi2, Ao is the difference between the thermal expansion
coefficients and AT is the change in temperature (approximately 1200°C). The coefficients of
thermal expansion for MoSiz, Nb, and Nb2Os have been reported as 8.1, 7.9 and 5.3x10-6/°C,
respectively [16-18]. The tensile stress developed in the MoSi2 matrix arising from the CTE
mismatch upon cooling from 1200°C between MoSi2 and Nb was calculated as 80 MPa, and
between MoSi; and Nb2Os as 1150 MPa. Clearly the stress that develops in the matrix due to the
CTE mismatch between the NbyOs and the MoSiy during cooling is sufficient to induce matrix
cracking. Thus, the cracking of the matrix is exacerbated by the thermal expansion difference
between the NbyOs scale and the MoSip matrix.

Compared in Fig. 5 the results for this study's particulate and random short fibrous
composites with the results obtained by Meschter [8]. Also shown in Fig. 5 are the results for
the random short fibrous composite of the present study in which the initial cycles were 20 hours
long (as were the duration of Meschter's cycles). Note that the composites with the larger sized
Nb reinforcement tended "disintegrate” after one cycle, regardless of the duration of each cycle.
However, the composite with the smaller sized reinforcement (the present study's particulate
composite) did not begin to "disintegrate” after one cycle. This apparent size effect can be
explained by the effect of reinforcement morphology on matrix cracks due to CTE mismatch. Lu
et al. [16], have described a non-dimensional quantity (R) which relates the thermal expansion

mismatch stress (EeT=EAGAT) to the fracture toughness of the matrix (Kp=3 MPaVm for
MoSiz) and the size of the reinforcement phase (r), by:

Rer t%:f)z @

This equation has been applied for reinforcement phase in the form of particles and fibers. For a
fiber, r becomes the fiber radius, and for a particle r is equal to the particle radius. When R has a
value equal to or less than unity than matrix cracking will not occur. Based on this equation, the
size of the Nb2Os scale must be 13.6um (in diameter) or smaller to ensure that no matrix cracking
will occur. The diameter of the forming NbOs5 oxide scale on the fiber will, of course, be the
diameter of the fiber; however, the size of the scale forming on a particle will approach the
diameter of the particle when the particle is consumed. Consumption of Nb occurs readily at
1200°C; thus, the size of the Nb2Qs scale can be assumed to be equivalent to the initial diameter
of the Nb. Since the radii of the Nb particles and fibers were larger than 13.6pum, matrix cracking
arising from the CTE mismatch between MoSiz and NbaOs readily occurred. Lu et al [16]
suggest that all forms of matrix cracking will occur profusely when R is greater than 10. The R
values for the present study's fibrous composites and Meschier's particulate composite were
greater than 10 (R=58, 29 and 13 to 32 for the 800, 400um diameter fibrous composites and
R=13 to 32 for Meschter's composite respectively); while the R value for the present study's
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Figure 2. Oxidized Nb fibers growing
from the matrix after 1 cycle (1 hour).
Note the radial crack (arrow)

SPECIFIC MASS CHANGE (mg/cm?)

L

Figure 4. Cross section of the particulate

composite after 7 cycles (20 hours). Note

large oxidized particles separated from the
matrix (A). while smaller particles did not (B).

Figure 3. Cross section of oxidized
specimen (800um atigned fibers)
after 1 cycle. Note the normal crack
in the matrix (A), and the separation
of the oxidized portion of the fiber
from the matrix (B).

3

-10 particles - 108pum dia.

-20
230 particles - 177 to 500pm dia
803",&2:" (after Meschier, 1991)
-40 short fibers
R 800pm dia. random short
0 fibers, 20 hour cycles
-60
0 s 100 150 200 250 300 350
TIME (HRS)

Figure 5. The effect of discontinuous
reinforcement size on the cyclic oxidation
behavior of M0Si2/20v% Nb.
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particulate composite was 8. It is interesting to note from Fig. 5 that no separation occurred
between the smaller oxidized Nb particles and the MoSi2 matrix. This is consistent with the
argument regarding size effects on thermal expansion cracks, and would indicate that debonding
between the MoSiz and the NbyOs is a result of the thermal expansion mismatch. Thus, it would
appear the mismatch between the thermal expansion coefficients of MoSi2 and NbyOs
exacerbates the disintegration of MoSi2/Nb composites during thermal cycling in an oxidizing
environment, and can explain the apparent effect of size on the Nb (hence NbOs) on the cyclic
oxidation behavior of these composites.

CONCLUSIONS

MoSiy/20v% Nb composites disintegrated upon cyclic exposure to oxygen at 1200°C.
This disintegration was attributed to the spalling of the Nb2Os scale and fracturing of the MoSiz
matrix. The fracturing of the matrix in the vicinity of the Nb2Os was atributed to the volume
expansion associated with the oxidation of Nb to form NbyOs. The matrix accommodated the
volume expansion by cracking, resulting in the disintegration of the composite. The matrix
cracking occurred regardless of the Nb morphology (i.e particles, random short fibers,
continuous aligned fibers, large diameter and small diameter fibers) incorporated into the MoSi2
matrix. However, composites with smaller sized Nb inclusions tended to resist degradation (Fig.
5). The size effect was attributied to the CTE mismaich between MoSiz and the NbOs scale,
as smaller reinforcements have been found to suppress matrix cracking due to the CTE mismatch
[16). For any practical purposes, the Nb must be coated with a diffusion barrier prior to
incorporation into an MoSiz matrix. Almost always, these coatings are brittle ceramics, such as
A1203_ During service the MoSiz matrix and Al203 coating may crack, resulting in the rapid
oxidation of the Nb inclusion and degradation of the composite during thermal cycling. The
results of this paper suggest that by judicious selection of the size of the Nb, a composite can be
designed to possess some resistance to degradation due to oxidation.
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Thermal Fatigue of MoSi2 and a MoSi2-10 vol% TiC Composite
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ABSTRACT

Induction heating of disk shaped specimens was used to study thermal fatigue behavior of
hot pressed MoSiz, hot pressed and hot isostatically pressed (HIPed) MoSi3, and a MoSi;-10
vol% TiC particulate composite. Specimens were subjected to 5 s, 30 s, and 300 s heating and
cooling cycles between temperature limits of 700°C and 1200°C. Specimens of both the hot
pressed and the hot pressed and HIPed polycrystalline MoSi; material failed by transgranular
cracking on the initial temperature ramp of the 5 s and 30 s cycles. Only when the severity of the
thermal cycle was reduced (300 s heating/300 s cooling) was thermal fatigue cracking avoided in
the HIPed MoSi». In sharp contrast, the MoSi3-10% TiC composite remained uncracked when
subjected to the severe 30 s heating/30 s cooling cycle. The fatigue results aie discussed with
reference to the initial microstructure of the specimens and the stress-strain history of the
specimens which was obtained by a thermoelastic finite element analysis.

INTRODUCTION

MoSi2, which has a high melting point (2030°C) and good oxidation resistance, has been
used for many years as filament elements in high-temperature furnaces. These same properties
make MoSi; an attractive material for future use in high temperature structural applicativns in
the aerospace industry. It has a low density, 6.24 g/cm3 compared to conventional nickel based
alloys, approximately 8 g/cm3{1]. The oxidation resistance of MoSi is attributed to the
formation of a protective Si03 scale [2].

Although thermal fatigue resistance and cyclic oxidation behavior are primary concerns
for many high temperature applications, there is very little data available for these properties.
Giler|3] reported that MoSiz furnace elements could be cycled without damage from room
temperature to 1650°C for 20,000 cycles. However, no information was given regarding specific
temperature ramp rates of the cycles of these experiments. Giler does state however, that upon
reducing the diameter of the MoSi; heating elements from 6-18 mm to 3-6 mm, and insulating
the elements, heat-up times of MoSi; element furnaces could be cut from several hours to as little
as 5 minutes, and cool-down times reduced from 24 hours to 15 minutes without failure.
Essentially, in reducing the diameter of the elements and insulating them, extreme thermal
gradients could be avoided during their use in a furnace, thus improving thermal fatigue life.

The goal of the present paper was to develop more detailed data conceming the thermal
fatigue resistance of MoSi; and a MoSi2-10 vol% TiC composite. This research is needed to
determine initial base-line data on the thermal fatigue life of MoSi for potential applications
such as gas turbine airfoils and advanced space vehicles, where thermal gradients will invariably
be seen by this material.

EXPERIMENTAL PROCEDURE AND RESULTS
Materials

Polycrystalline MoSi2 billets were prepared by powder processing. The billets were
fabricated from -325 mesh powder obtained from Cerac, Incorporated, Milwaukee, WI. Hot
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pressing was performed uniaxially in grafoil-lined graphite dies in an argon atmosphere at
1700°C. The hot pressing was conducted for | hr at a pressure of 30 MPa. Several of the billets
were additionally HIPed at 1700°C for 1 hr at a pressure of 200 MPa. The grain size and density
of each of the billets are given in Table I. Microstructure analysis showed equiaxed grains and
no evidence of texture.

For comparison with the MoSiz, a MoSi2-TiC composite was chosen. This composite
was selected because of the relatively small coefficient of thermal expansion mismatch between
the MoSi2 matrix (8.6 x 10-6 at 1000°C) and the TiC particles (7.7 x 10-6 at 1000°C) {5], as well
as the ability of TiC to deform plastically above it's DBTT of 600-800°C[6]. The MoSi,-TiC
particulate composites were prepared by powder processing techniques. TiC powders were
obtained from Johnson Matthey Electronics, Ward Hill, MA. TiC powders of 2.5 - 4 um size,
which were close to stoichiometric (TiCggs) were dry blended in a bail mill for 24 hr with the
MoSi; powder described above in proportions that provided a MoSi2-10 vol% TiC composite.

Table I. Grain Size and Density of Each Sample Type.

Type Condition Grain Density
Size um
MoSiy Hot Pressed 30 95 %
MoSi» Hot Pressed / HIPed 5 97 %
MoSi,+10vol% TiC | Hot Pressed / HIPed 5 97 % i
Test Specimens

Each billet was centerless ground to 17.1 mm diameter, and disks of constant thickness of
1.8 mm were cut off of the billet by a diamond saw. Samples were mechanically polished to a 0.5

pm finish. A 1.85 mm diameter center hole was cut by a EDM (Electro Discharge Machining)
technique.

Test Apparatus

Thermal faligue was obtained by inductively heating 17.1 mm diameter disk-shaped
specimens around their peripherics using a Lepel! 2.5 kw (450 kHz) induction generator coupled
to a plate concentrator coil (see Figure 1). This technique relies upon the skin effect obtained
with high frequency induction heating of metals, at 450 kHz the skin depth? obtained in MoSi; is
approximately 0.5 mm. Under rapid heating, the shallow heating depth generates a radial
temperature gradient from the specimen periphery to the cooler core. The concentrator coil was
constructed with five turns of 3.2 mm diameter copper tubing. The base plate has a thickness of
1.5 mm and a 0.3 mm-wide radial air gap, which was insulated with teflon to prevent arcing. A
microprocessor-based temperature controller was used to give automatic control of the induction
generator power.

Il.JepeI Corporation Mode! T-2.5-1-KCI-B3W-T. supplied with a Research Incorporated Set-Point Programmer Model
73211,
2The skin depth (the depth at which the strength of the magnetic field falls to 0.3679 of its surface value) is given by

o= -2%'- -‘% ,» where r = resistivity (abohm-cm), m = relative permeability (=1 for nc gnetic materials). and f = frequency

(Hz)(7).
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Figure | Apparatus used for thermal fatigue testing of disk-shaped MoSi; specimens.
(a) Schematic of test apparatus for studying thermal fatigue in air. (b) Schematic
of concentrator coil.

Test specimens were pasitioned in the coil by placing it on a machined Inconel 718
support rod. By use of a motor, the support rod was rotated at 100 rpm during the experiments;
this rotation minimizes any temperature differences around the specimen circumference caused
by variations in the magnetic field intensity within the coil. This rate of spinning was also small
enough to neglect effect of centrifugal stresses in the test specimens. A Mikron M78 infrared
pyrometer was used to monitor the temperature of the test specimen. Pyrometer measurements
agreed to within 1% of the temperature indicated by melting point standards applied to the
specimen surface.

Temperature History

Test samples were subjected to two different temperature histories (see Figs. 2a and b).
Figure 2a shows a 30 s heating cycle from 750°C to 1200°C, with a 30 s hold at 1200°C.
followed by a convection cool for 30 s to 750°C, and a 30 s hold at 750°C. Figure 2b shows a
300 s heating from 800°C to 1200°C, with a 30 s hold at 1200°C, followed by a 300 s controlled
cool to 800°C, and a 30 s hold at 800°C.

Finite-Element Modeling (FEM)

The elastic stress-strain history of the test specimens was determined using the finite
elemen. program ABAQUS[8]. For simplicity, the monolithic material was chosen to be
muodeled at this stage of the research. A 45° octant of the disk specimen was chosen for future
modeling of the stress-strain history of composite material. The 136 element mesh used was
made up of 8-node, bi-quadratic, plane-stress elements, each with nine integration points.
Displacements in radial directions were constrained and shear stresses were set to zero to
maintain symmetry.

263



inite-El Resul

The circumferential periphery stress and strain histories for the temperature histories
shown in Figs. 2a and b are given in Figs. 3a and b. The stress-strain hysteresis, which is far
more pronounced in Fig. 3a, is caused by the transient thermal strains in the core relative to the
periphery and not by material hysteresis. These strains differ in magnitude as a function of radius
because of the nonuniform temperature and the change in elastic modulus with temperature.

THERMAL CYCLING RESULTS

All materials subjected 10 heating from 750°C to 1200°C in § s, followed by a free cool
to 750°C, failed by transgranular cracking on the first heating cycle. From visual observations,
the specimens failed when the temperature of the periphery had reached 800-1000°C. Periphery
stress and strain were not modeled for such one cycle tests due to lack of accurate temperature
history data.

Specimens of the hot-pressed MoSiz and hot-pressed and HIPed MoSi; that were
subjected to heating from 750°C to 1200°C in 30 s, followed by a free cool to 750°C, also failed
by transgranular cracking on the first heating cycle. Again, each specimen failed when the
temperature of the periphery had reached 800-1000°C, which occurs during the first 8 to 20 s of
heating. The circumferential stress along the periphery at this temperature was between 150 to
300 MPa (compressive); the corresponding stress along the inner radius was 200 to 300 MPa
(tensile). In contrast to the MoSi2 specimens, the MoSi,-TiC composite remained uncracked
even after 500 cycles.

All materials subjected to the 300 s heating and cooling cycles remained uncracked for
the 500 cycle fatigue test. The stress-strain history of the periphery for this cycle is given in Fig.
3b. The peak stress along the inner radius of the specimen, from the FEM model, was 191 MPa
(tension), and peak thermoelastic strain at the inner radius was 0.05%.
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Figure 2. Temperature history of specimens used in thermal fatigue study. (a) 30s heating

and 30 s cooling with 30 s hold at 1200°C. (b) 300 s heating and 300 s cooling with 30 s hold
at 1200°C (all units in mm).
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Figure 3. Circumferential stress-strain history along the periphery of disk shaped MoSi;
thermal fatigue specimens. (a) 30 s heating and 30 s cooling with 30 s hold at 1200°C and
(b) 300 s heating and 300 s cooling with 30 s hold at 1200°C.

When analyzing theses fatigue life data, it is important to examine related mechanical
testing data. For example, Aikin reported, for a low purity MoSiy alloy, a yield stress in
compression at 1000°C of 560 MPa[9]. For the same temperature, four-point bend test fracture
strengths were reported to be 100 MPa. There has been no tensile strength data reported to date.
Given that MoSi; is a crack sensitive material, tensile strengths would be expected to fall in this
approximate stress range. During our thermal fatigue testing, the tensile stresses developed along
the inner radius of the disk specimens are between 200 MPa and 300 MPa during initial heating
to 800 to 1000°C for the 30 s cycle. This high tensile stress is sufficient to cause fracture along
the inner radius, although fracture origins have not yet been determined. For the 5 s heating
cycle, the thermal gradients are much larger, which makes the disks more sensitive to fracture.
The stresses that develop along the inner radius during the 300 s cycle are near the tensile
fracture strength, but apparently are not sufficient to cause fracture of the specimens.

The most significant finding of the current study is that the MoSi-TiC composite that
was subjected to the 30 s heating and cooling cycle remained uncracked after the 500 cycle
fatigue test. The TiC additions have obviously improved the thermal fatigue life of this material.
We are currently focusing our attention on this material in an effort to identify the mechanism
responsible for the enhanced thermal fatigue resistance. These results, along with more detailed

_studies of thermal fatigue mechanisms in MoSi, will be reported in future papers.

SUMMARY
Induction heating of disk-shaped specimens and finite element analysis of the thermal

cycling data were used to study the thermal fatigue behavior of MoSi2 and a MoSi2-TiC
composite, at various heating and cooling rates between 700°C and 1200°C. Monolithic MoSi2




failed upon initial heating in the first cycle except at the lowest heating rates employed. The
MoSi2-TiC exhibited greatly improved thermal fatigue resistance at the much higher heating and
cooling rate where a 30 s heating and cooling cycle was employed.
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SURFACE OXIDATION MECHANISMS OF MOLYBDENUM DISILICIDE
IN HIGH-TEMPERATURE COMBUSTION ENVIRONMENTS

WEN-YI LIN AND ROBERT F. SPEYER
School of Materials Science and Engineering, Georgia Institute of Technology,
Atlanta, Georgia 30332

ABSTRACT

The stability of MoSi; was studied at 1600°C in combustion products with an incoming
gas to air ratio of 1:6.7 and compared to results in a 1:10 environment. Oxidation was
investigated using periodic weight measurements and characterization using XRD, SEM,
and EDS. Passive oxidation was observed; MoSi; was oxidized by H,0 and CO; to form
Mo;Sis and SiQ;. The amorphous silica product formed a surface layer and reduced the
oxidation rate as it coarsened. MoQj3,) did not form which was in agreement with the
thermodynamic (SOLGASMIX-PV) prediction that it would only form in the presence of
molecular oxygen. A good agreement was observed between the measured and calculated
weight gains based on the surface layer thickness.

INTRODUCTION

Molybdenum disilicide is a valuable material for a variety of high-temperature applica-
tions, given its high melting point and excellent oxidation resistance[1]. Numerous studies
on the oxidation of MoSi; in Oz, air, or oxygen-inert gas atmospheres have been reported(2]-
[7]. However, combustion products (CO,(y;) and H,O(y)) corrosion of MoSi, has not as yet
been thoroughly evaluated. Combustion environments are commonly encountered in a
wide variety of industrial applications, such as glass melting and metal heat treating.

MoSi; has demonstrated distinctly different oxidation behavior depending on oxygen
partial pressure and temperature. At high temperature and oxygen partial pressure, e.g.
1420°C and >10* Pa, it has been reported to oxidize to form volatile molybdenum trioxide
and amorphous silica[4]. Continued exposure leads to the formation of a silica surface
layer through which molecular oxygen must diffuse. As the protective coating coarsens,
the oxygen concentration gradient is reduced and thus oxidation is retarded. This is referred
to as a passive oxidation behavior.

Below 600°C (at 10° Pa of dry oxygen), the sublimation of solid MoOs is limited, which
in turn inhibits the formation of a continuous glassy surface layer of SiO,{5]. The formation
of MoQy3(,) in microcracks has been argued to extend them, ultimately turning the material
to powder[6]. This has been referred to as MoSi; pest. At low oxygen partial pressure (<
266 Pa}, molybdenum disilicide oxidizes to form SiO gas, instead of SiO; glass[7], wherein
no protection against further oxidation is provided by the oxidation product (SiO gas).
This process is referred to as active oxidation. Silicon monoxide gas has also been shown
to form a significant partial pressure above 1700°C and at an oxygen partial pressure of
1330 Pa, resulting in ruptured surface layers[7].

In our previous work(8], the stability of MoSi; exposed to combustion products at a
natural gas to air ratio of 1:10 (“stoichiometric”) at 1370° and 1600°C was investigated.
The current work focuses on a combustion environment with an excess of natural gas
(“rich”) in order to understand the effects of a less oxidizing atmosphere on surface layer
formation.
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EXPERIMENTAL PROCEDURE

SOLGASMIX-PV[9], used in an earlier study(8), was utilized to simulate the phase equi-
libria between combustion products and materials as a function of natural gas to air ratio
at 1600°C. In addition to the original JANAF database[10], some thermodynamic data
were obtained from F*A*C"T (Facility for the Analysis of Chemical Thermodynamics)[11].
Excessive natural gas and air relative to the solid phases were used as input for the simu-
lation to best emulate the reactions amongst a flowing gas and a test coupon. The input
data for the starting composition of natural gas is listed elsewhere[8].

Test specimens were cut from a MoSi; rod (Kanthal Super 33) and then polished with
600-grit SiC abrasive paper and subsequently with 1 ym diamond paste. The specimens
were cleaned in ultrasonic deionized water baths and dried before testing. Two flow meters
were utilized to control the flow rates of air and natural gas so that the ratio of 1:6.7
was maintained. A burner was used to generate combustion products which propagated
through a mullite tube chamber. The central portion of the mullite tube was maintained
at 1600°C in a controlled fashion (Innovative Thermal Systems) using a MoSi; resistance
heating element furnace. A mass spectrometer (Ametek Dycor Quadropole Gas Analyzer)
with a fused silica capillary was used to analyze the chamber atmosphere. A platinum-10%
rhodium wire was used to suspend a reticulated alumina basket where the sample was set
during the test.

Independent specimens for each exposure time were used to minimize the effects of
spalling of SiO; layers with repeated thermal cycles with the same specimen. After expo-
sure, each specimen was weighed using a digital balance (Mettler AE-240) with a resolution
of 0.01 mg. The exposed surface areas were determined by dimensional measurements of
rectangular specimen wafers using a calipers with a measurement precision of 0.01 mm.

The crystalline phases of the sample surfaces before and after exposure were investigated
using an X-ray diffractometer (XRD, Philips PW1800) with a time constant of 1 second
and a step size of 0.015°. The samples were then cut in half and polished without etching.
Surface microstructures were examined using the secondary electron detector of a scanning
electron microscope (SEM, Hitachi S-800). Elemental compositions were analyzed using
an energy dispersive spectrometer (EDS, Kevex 3600-0398).

RESULTS AND DISCUSSION
Thermodynamic Modeling

The products of simulated stoichiometric combustion at 1600°C are 17.8 mol% H,0, 8.7
mol% CO3, 0.3 mol% Hg;, and 0.6 mol% CO. The calculated equilibria for a rich mixture is
15.6 mol% H.0, 3.9 mol% CO,, 0.8 mol% H,, and 8.6 mol% CO. The rich mixture favors
limited H, and CO partial pressures at the expense of H;O and CO,. Figure ! shows
the calculated product phases as a function of temperature when MoSi; is exposed to rich
combustion products. Moy, is predicted to form above 1322°C and MoOy,) is no longer
present above 1395°C. The amount of 5i0(y) and MoOj(,) formed is everywhere negligible.
This indicates that the weight loss due to MoQOj3 gas release would not be expected.

Figure 2 shows the reaction products for various natural gas to air ratios at 1600°C.
The following groups of oxidation products of MoSi; in combustion gas are calculated to
form with increasing input air: (1) MosSis + SiC + SiOy,) at ratios of 1:1 to 1:2, (2) Mo +
Si04(,) at ratios of 1:3 to 1:6.7, (3) MoO2 + SiOy,) at ratios of 1:9 to 1:10, and (4) MoOy,)
+ 8i0y(,) at ratios of 1:10 to 1:19. SiO¢,) plays an important role in the MoSi;-natural
gas-air system only when the gas-air ratio is between 1:1 and 1:3; at other ratios, the
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Figure 1: (left) Simulated phase equilibria between MoSi; and combustion products at a natural gas to
air ratio of 1:6.7.

Figure 2: (right) The equilibrium phases in the MoSiz-natural gas-air system at 1600°C with varying
gas-air ratios.

amount of 5iQy,, is negligible. The above was based on theoretical calculations; however,
for practical combustion, only gas-air ratios between 1:4.3 and 1:15 are important, since
this range represents the flammabili ty limit of natural gas and air[12].

ti Si0

The changing percentages of combustion products can be inferred from the mass spectra
shown in Figure 3. The peak corresponding to molecular oxygen appears in the spectrum

of 1:10 ratio. At a gas to air ratio of 1:6.7, a Hy* peak is * -y observed. A clear trend of
decreasing H; concentration and increasing CO; conce: 1s apparent with increasing
air content in the combustible mixture. Trends in CC - .tration are less certain and

direct because of peak overlap with molecular nitrogen. Analysis of gas mixtures with
excess natural gas to the point of being below the flammability limit showed spurious
spectra due to incomplete reaction.

XRD traces of specimens after exposure for various times were taken (not shown).
Based on relative peak heights, amorphous silica (indicated by the vitreous hump), and
the MosSi; to MoSi; ratio, increased with exposure time, while the MosSiz, MoSi;, and
cristobalite peak intensity decreased. After 66.5 hours of exposure, the amorphous layer
coarsened to the point where tue cristobalite peak could not be seen above the amorphous
hump in the XRD pattern. No Mo, Mo3Si, or MoO; were detected.

As shown in Figure 4, after 3.8 hours of exposure, a uniform and continuous surface
layer (~8.4 um) of glassy silica was observed. Dispersed cristobalite islands are expected
to reside within the amorphous silica surface layer. A discontinuous layer of MosSi; formed
at the edge of the bulk in contact with the surface layer. After an exposure for 6 hours, the
silica surface layer thickness increased to 10.7 um. After 66.5 hours of exposure, the silica
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Figure 3: (left) Mass spectra of combustion products at various gas/air ratios.

Figure 4: (right) The microstructure of MoSi; in a rich environment at 1600°C for 3.8 hours.

coating thickness increased to 15.5 pm and the interfacial layer of MosSi3 also coarsened
and became nearly continuous, as shown in Figure 5. Comparison of Figures 4 and 5 shows
that aluminosilicate pockets had consolidated with increasing exposure time.

Figure 6 shows that MoSi; gained weight with a corresponding coarsening of the silica
coating with exposure. However, the slopes of both curves decreased with exposure time.
By comparison, a retarded weight gain for MoSi; exposed to stoichiometric combustion
gas can be seen. In previous work[8], the weight change curve for MoSi; exposed to
stoichiometric combustion products consisted of a very rapid weight loss, followed by a
gradual weight gain. Since the net weight gain portion initiated after less than one minute,
it could not be shown in the curve in Figure 6. It was demonstrated that the weight loss
portion corresponded to the formation of MoOj(,) as well as Si0;. The loss of molybdenum
in the form of oxide gas was the cause of initial net weight loss. As a result, as compared
to the rich mixture, a given weight gain for the stoichiometric mixture corresponded to
a coarser amorphous coating. For example, after 60 hours in stoichiometric combustion
products, the coating thickness was measured to be ~19 um, whereas after 60 hours in
rich products, the coating thickness was only ~15.3 um. SOLGASMIX-PV modeling shows
that MoQO3(,) forms only in presence of O;. Molecular oxygen would not be expected for
perfect stoichiometric combustion; however, Figure 3 indicates the presence of O, in the
gas-air mixture intended to form the products of stoichiometric combustion. This oxygen
was undoubtedly present as a result of outside air flow into the testing chamber.

The presence of the Mo;Sis interface contrasted with the thermodynamic simulations
predicting the formation of Moy,) as a reaction product, i.e.,

MoSi; + 4H;0 (or 4C02) — Mo + 28i0; + 4H; (or 4CO). (1)

In reality, only local equilibria were achieved. The formation of the silica layer provided a
kinetic diffusion barrier for soluble molecular gases such that the molecular water vapor and
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Figure 5: (left) After 66.5 hours of exposure at 1600°C to rich combustion products, an interfacial layer
MogSis formed between MoSiz and SiO;.

Figure 6: (right) Variation in weight per unit exposed area and silica coating thickness of MoSi; specimens
exposed at 1600°C to rich combustion products (denoted by 1:6.7). The 1:10 annotation indicates the
weight gain curve for MoSi; exposed to stoichiometric combustion products at 1600°C.

carbon dioxide activity at the MoSi,/Si0; interface continued to be lowered. The thermo-
dynamic modeling assumed access of a near-infinite quantity of gaseous oxidizing species
to come in contact with MoSi,, resulting in complete oxidation of the silicon component of
the compound. When the oxygen contributing gas activity is very low, the reaction most
conservative in the use of oxygen is favored|[8}, e.g.

5MOSi2 + 7H20 (OI' 7002) — 7M0;Si3 + 75102 + 7H2 (or 7C0) (2)

As the silica coating coarsened, consuming silicon at the MosSi3/SiO, interface, no Mo3Si
was detected using XRD. Due to the high mobility of silicon, the MosSis interface coarsened
by conversion of MoSi; to MosSis, providing diffusing silicon to the Mo;Sis/SiO; interface
to form SiQ,. Until oxidation could occur to the point where all MoSi; would be converted
to MosSis, the formation of Mo3Si would not be expected.

From the surface layer thickness of MoSi; exposed in a rich combustion environment
for 3.8 hours and given an amorphous silica density of 2.2 g/cm?, a weight gain of 0.99
mg/cm? as a result of oxygen uptake in the form of silica is calculated. This agrees with the
measured weight increase 0.91 mg/cm? of the specimen in Figure 6 (within measurement
variation in coating thickness). Similar calculations of weight gain from silica coating
thickness after various exposure times showed a good agreement with the measured value.
This implies that the oxygen uptake to form silica and MosSi; was the only mechanism of
silica layer formation.

The presence of MosSiz between MoSi; and SiO, throughout the evaluated exposure
period contrasts with the microstructures of MoSi, specimens exposed in a stoichiomet-
ric combustion environment at 1600°C for 60 hours(8]. Under stoichiometric combustion
products, MosSiz which initially resided at the interface (after ~1 hour) was converted
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back to MoSi; after exposure for 60 hours. In that work, it was interpreted that mobile
silicon caused the interfacial Mo;Sis to shrink in favor of the growth of large Mo;Siy islands
in the bulk, based on minimization of surface energy arguments. This would occur after
the Mo;Si3-Si0;, interface was no longer a sink for silicon (e.g. oxidation to coarsen the
silica layer became negligible). Exposed to rich combustion products, after 60 hours, the
coarsening of the silica layer continued (weight gain did not yet flatten out for the 1:6.7
curve in Figure 6). Thus, the microstructure after 60 hours of exposure to rich combus-
tion products is considered to be commensurate to one hour of exposure to stoichiometric
combustion products insofar as microstructural evolution is concerned.

CONCLUSION

Notwithstanding the presence of molecular hydrogen in the rich combustion products,
MoSi; was still oxidized at 1600°C. The oxidation mechanism differed from that in stoichio-
metric combustion products in that an initial stage of surface oxidation to form MoQy,,
and SiQ; did not occur. This passive oxidation revealed that the oxygen affinity of MoSi,
was high enough to compete with H; and CO for oxygen. The diminishing oxidation rate
with exposure time suggests that MoSi; may be used for a variety of high-temperature
industrial applications involving combustion products of gas and air at a ratio of 1:6.7.
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ELECTROCHEMICAL PROTECTION OF MOLYBDENUM AND
MOLYBDENUM DISILICIDE IN MOLTEN SODA-LIME-SILICATE GLASS
ENVIRONMENT

S. KAMAKSHI SUNDARAM AND ROBERT F. SPEYER
School of Materials Science anl Engineering, Georgia Institute of Technology, Atlanta,
GA 30332-0245, USA

ABSTRACT

Electrochemical corrosion of Mo and MoSi; in a molten soda-lime-silicate glass euviron-
ment was studied using a two electrode cell with Pt as the counter electrode. XRD, SEM,
and EDS were used to characterize the corroded specimens. When Mo was given a cathodic
bias (~ 0.8V), the specimen surface oxidized to MoQ,(,). With reverse bias, Mo ions were
interpreted to have been removed into the glass melt. For MoSi;, MosSi; interfacial layers
were observed for both cathodic and anodic corrosion. MosSis debris particles (~4 um)
were seen floating into the glass en masse under a cathodic bias, but not when the bias
was reversed. This was interpreted to be a result of an inherent negative charge of debris
particles.

INTRODUCTION

Molybdenum and less commonly molybdenum disilicide have been used as electrode
materials for electric melting of glass{l]. A functional gradient of these materials is under
development for gas-fired immersed combustion tubes for glass melting[2]. In previous work,
the surfaces of immersed molybdenum were found to react sluggishly with molecularly scl-
uble oxygen to form MoQy,), while molybdenum disilicide reacted somewhat more rapidly
w’th molecularly soluble oxygen to form MosSiz and Si0;[3]. The electrolytic nature[4] of
molten glass and its effects on redox ions|[5], oxygen reboil{6], its ionic behavior[7] and the
electrodics of glass[8] have been previously studied.

Balazs and Russel[9] studied the corrosion rate of molybdenum electrodes in soda-lime-
silicate glass melts using an electrochemical cell with three electrodes, viz., molybdenum,
platinum, and ZrQ,/air reference electrode. Current-potential curves showed active and
passive potential regions. Under an extremely cathodic potential (-1 to -2 V), the glass melt
was claimed to have decomposed, and a MoSi, layer was formed on the Mo surface. The
formation of MoSi, was experimentally supported by EDS/WDS data only. There is no
literature regarding electrochemical studies of molybdenum disilicide corrosion in a molten
glass environment. In the present paper, the effects of bias potential on the mechanism of
glass corrosion of these materials are presented.

EXPERIMENTAL PROCEDURE

Molybdenum (Johnson Matthey/AESAR) specimens (semi-cylindrical) were of 12.5 mm
diameter by 6.25 mm length for the purpose of complete immersion, to avoid oxidation
of molybdenum in air. Chemical analyses for trace elements in as-received molybdenum
showed less than 1 ppm of Al, Ca, Cr, Cu, Mg, Mn, Ni, Pb, Si, Sn, and Ti, less than 2 ppm
of C and O, and less than 14 ppm of Fe. Cylindrical specimens of MoSi; (Kanthal Super
33) of 3 mm diameter by 420 mm length (U-shaped heating element cut in half) were used.
The as-received MoSi; contained a ~7.5um thick fused silica surface layer. In the specimen
bulk, 1.7 vol% MosSis grains were generally in contact with amorphous aluminosilicate
glassy pockets, which in turn, comprised 18.6 vol% of the specimen[10].
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Soda-lime-silicate glass was prepared starting from analytical grade chemicals. The glass
composition (in wt%) consisted of 73.3% SiO3, 13.3% Na,0, 11.0% Ca0, 1.5% AL, O,, 0.3%
K,0, 0.2% MgO, and 0.2% ZrO;. The starting materials, $i0;, Na;COj3, Al;03, K,COs,
MgCO; (Analytical Reagent Grade, Fisher Scientific Chemicals), CaO (Analytical Reagent
Grade, J. T. Baker Chemical Co.), and ZrO; (High Purity Grade, Zirconia Sales Inc.), were
mixed in a suitable ratio using a clean mortar and pestle. The mixed powder was transferred
to a platinum crucible maintained at 1550°C in an electric furnace. The melt was allowed to
equilibrate first at that temperature for 4 hours and then at 1600°C for 1 hour before it was
poured into a graphite mold for quenching. The quenched glass was crushed (mortar and
pestle) into -40 mesh powder and 48.5 grams of the glass powder was put into a fused-cast
AZS (alumina-zirconia-silica) crucible (UNICOR51, Corhart Refractories Corp.). The AZS
crucible was chosen since Si from the MoSi; would otherwise dissolve into the glass melt and
alloy with a platinum crucible. The experiments were completed within 12 hours to avoid
any contamination of the melt due to interaction with corrosion products of the AZS{3].
The molybdenum specimens were suspended into the melt using a Pt wire. Molybdenum
disilicide specimens were introduced into the melt from the top of the furnace so that the
electroded end was outside the furnace for connecting to leads. Pt wire was used as counter
electrode and was protected by mullite sleeves.

The electrode leads were connected to an operational amplifier (I A max., LH0021C,
National Semiconductor Corp.) powered by a dual voltage dc power supply { £ 15 V,
700 mA, Sola Inc.). The opamp received dc voltage instructions from a personal computer
through a 16 bit A/D-12 bit D/A plug-in board (CIO-DAS1600, Computer Boards, Inc.).
The open circuit voltage (OCV) between the two electrodes was first measured. A known
potential was then applied between the specimen and the Pt counter electrodes. The
potential was ramped to the maximum value over a 1 hour period, and held at that potential
for 4 hours. This procedure was repeated with the applied potential reversed. The potential
and current were measured using the computer A/D as voltmeter and an external high
precision microammeter (Keithley 196DMM), respectively.

The cross-section of the glass-coated corroded specimens were ground progressively on
120, 240, 320, 400, and 600um abrasive papers and polished using 1zm diamond paste. The
polished surfac> was etched using a 1% HF solution for 30 seconds for topographic con-
trast. The specimen-glass interfaces were characterized using scanning electron microscopy
(SEM, Hitachi S-800). Energy dispersive spectroscopy (EDS Kevex 3600-0398) was used
to determine the chemistry at and around the interfacial regions. A flat corroded surface of
Mo was characterized using x-ray diffraction (XRD, Philips PW1800). The XRD pattern
was matched with patterns available in JCPDS database, and the corrosion products were
identified.

RESULTS AND DISCUSSION
Molybdenum

The open circuit rest potential of Mo/soda-lime-silicate glass/Pt cell was 762 mV in one
case and 628 mV in another (Mo acting as anode). Figure 1 shows the I-V characteristics
of the cell. The measured cell voltages and currents saturate at applied voltages of +0.377
V and -0.339 V.

Under a cathodic potential, a discontinuous interfacial layer was observed on molybde-
num as shown in Figure 2a. This layer was identified using XRD as MoO,. The lattice
mismatch between Mo and MoQ; causes the MoO; to crack away, allowing glass to attack
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Figure 1: I-V characteristics of Mo/soda-lime-silicate glass/Pt cell. Positive applied voltage indicates
pasitive potential applied to Mo.
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Figure 2: Mo-glass interface under (a) cathodic potential and (b} anodic potential. 1: MoO; interface.
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Figure 3: EDS spectra of Mo specimen corroded under anodic potential

freshly exposed Mo[3]. When the potential was reversed, a serrated Mo surface is appar-
ent, as shown in Figure 2b. XRD showed only Mo peaks from the interface. Multiple EDS
scans, analyzing in steps from the Mo bulk, through to the adjacent glass, are shown in
Figure 3. Approaching the Mo/glass interface from the Mo bulk, an increase in silicon
content is indicated. Considering the electron interaction volume, these Si peaks cannot
be argued to be due to formation of a silicide phase, since contributions from the glass are
expected. Since the Mo surface texture implies removal of material rather than plating
out, and there was no XRD evidence of a Mo-Si compound on the surface, the conclusion
of Balazs and Russel[9] cannot be supported.

It is interpreted that under anodic potential, Mo surface metal was converted to molyb-
denum ions which dissolve into the glass. Under a cathodic potential, there is a tendency
against ionization of Mo. The current measured under these conditions is interpreted to be
a result of forming molecular oxygen from dissolved oxygen ions at the anode and dissolving
molecular oxygen into ions at the cathode. In this case, soluble molecular oxygen coming
in contact with the cathode has the option of reacting with neutral Mo, or being converted
to O%~. This may be a viable mechanism of corrosion protection for molybdenum.

Molybdenum Disilicide

The open circuit rest potential of MoSi;/soda-lime-silicate glass/Pt cell was -894 mV
in one case and -970 mV in another (MoSi, acting as anode). MoSiz/soda-lime-silicate
glass/Pt cell. Similar to molybdenum, the voltage and the current flatten out indicating
polarization of these electrodes.

Figures 5a and 5b show the MoSi;-glass interfaces under cathodic and anodic bias,
respectively. In both cases, MoSi, near the surface converted to MosSi;. The Mos5is
interfacial layer observed in both cases was confirmed by XRD and SEM-EDS. In other
work[3] where no potential was applied, it was shown that molecularly dissolved oxygen in
the glass melt reacted with MoSi; to form MosSis and Si0,. The formation of MosSis in
this work is taken to be impassive to the bias potential, since it is a reaction product of
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Figure 4: I-V characteristics of MoSiz/soda-lime-silicate glass/Pt cell. Positive applied voltage indicates
positive potential applied to MoSiz.
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molybdenum disilicide and molecular oxygen, rather than ions in solution. The saturation
current and voltages in Figure 4 (as well as Figure 1) represent the maximum rate of
ionization of molecular oxygen or rate of combination of dissolved oxygen ions. In the
case of the anodically corroded specimen, the interfacial layer appeared to remain intact to
the electrode. Extensions of Mo-Si compounds were seen (by EDS) protruding periodically
from the specimen surface (see marker “E” in Figure 5b). By contrast, under cathodic bias,
a significant density of ~4 um Mo-Si particles (interpreted as MosSi3) are seen floating into
the glass as debris. Based on the available evidence, it is interpreted that these MosSi;
particles adopted a negative surface charge in glass, wherein they would be attracted to the
MoSi; electrode if anodically biased, and repelled if it were cathodically biased. On this
basis, although MoSi; in molten glass may not be protected from oxidation (by molecular
oxygen) by a bias in the traditional sense, protection in the form of debris control is feasible.
By attracting Mo;Si; debris back to the corroding material, further corrosion by molecular
oxygen may be slowed. Confirmation of this conjecture is in progress in our laboratory.

CONCLUSIONS

The application of a bias potential to Mo or MoSi; in molten glass does not halt their
corrosion, since the mechanism of neutral corrosion does not involve ions in glass. Rather,
both involve oxidation of the metal by molecularly soluble oxygen. Further, protection by
applying an anodic bias to MoSi; may be feasible based on attraction of charged debris
to the electrode which would slow further oxidation. Protection by applying a cathodic
potential may nonetheless be feasible by conversion of local soluble molecular oxygen to
oxygen ions, rather than reaction between molecular oxygen and Mo to form a MoQ, scale.
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MOLYBDENUM SILICIDE COATINGS.
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02151 Espoo, Finland; R. Lappalainen and P. Torri, FIN-00014 University of
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ABSTRACT

Mo-Si-N films with a high nitrogen concentration were produced by sputter-deposition in
the presence of nitrogen plasma. The chemical composition was determined with Rutherford
backscattering and nuclear reaction analysis. The ratio of Mo to Si was 1:2 in the coatings with a
nitrogen concentration of 50 %. The microstructure of the as-deposited coatings on a silicon
substrate was amorphous and no crystallization was found after annealing up to 1000 °C,
although some relaxation was observed in X-ray diffraction. This was confirmed in high-
resolution transmission electron microscope examination. The hardness of the Mo-Si-N films
was 18.8 GPa as determined with a nanoindenter. This is significantly higher than that of MoSi;
films, 11.2 GPa. The hardness of the Mo-Si-N films increased to 24.4 GPa after annealing at
800 °C, which is approximately the same as the hardness of the high-temperature tetragonal
phase of MoSiy, 25.5 GPa. Similarly, the modulus of the as-deposited Mo-Si-N film was higher
(257 GPa) than that of the MoSi; film (222 GPa). However, only a slight increase in the
modulus of the Mo-Si-N film was found after annealing at 800 °C, whereas the modulus of the
crystallized tetragonal MoSiz was 382 GPa. No cracking was found in the Mo-Si-N films even
after annealing at 1000 °C.

INTRODUCTION

The excellent oxidation resistance of molybdenum disilicide (MoSiy) is widely known, as
is its lack of ductility at low temperatures [1]. This disadvantage restricts the extensive use of
MoSi; as a structural material. When applied as a coating, a more ductile base material can be
used, and in this way the problem may be partly avoided. However, thermal stresses due to a
mismatch of thermal expansion coefficients may result in cracking which will eventually degrade
the good protective properties. In addition, possible transformation stresses in a coating can also
result in cracking.

Reinforcement with particulates or fibers, such as TiB2, Al203, and SiC [2,3], or
combination with a ductile phase such as tantalum [4] have been used to reduce the low-
temperature brittleness of MoSij. In these cases, at best an improvement in the fracture
toughness from 2.7 to 4.9 MPa/m'/2 was reported [4]. Recently a new approach, refinement of
the microstructure down to the nanometer scale, has been u:cd to enhance the mechanical
performance of materials. In our previous work, we have reported the deposition and
characterization of MoSi/SiC composite coatings [5]. Layered nanostructures were produced by
sputter deposition. The main purpose of the SiC layers was to prevent a crystal growth of
MoSij. Silicon carbide was chosen as a constituent because of the thermodynamic stability of a
MoSiy/SiC pair [6]. However, no improvement in room temperature toughness was observed,
although indentation fracture measurements indicated different fracture behavior when compared
1o that of a single MoSi; layer.

Cracking of the MoSiy/SiC composite coatings was, however, reduced during oxidation at
relatively low temperatures. In fact a reduction of 66% in the crack line density was observed as
compared to the cracking of a single MoSi; coating with approximately identical thickness. The
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composite coating still possessed good oxidation resistance, but differences were detected in the
oxidation mechanism [7}.

Previous experience suggests the possibility of cracking can be reduced by improving the
ductility of the coating, by attaining an enhanced compatibility of elastic and thermal expansion
properties between the base material and the coating, or by avoiding phase transformations. In
this work we have successfully applied most of these principles by producing amorphous
molybdenum silicide with a significantly higher crystallization temperature than usual. This was
obtained by nitrogen alloying simultaneously during the sputter deposition.

EXPERIMENTAL PROCEDURE AND MEASUREMENTS

Single crystal silicon wafers and unalloyed carbon steel were employed as substrates.
Prior to deposition the steel samples were mechanically polished, degreased in TCE, acetone and
isopropanol, and finally sputter cleaned. A 1:50 HF:H20 solution was used to remove the native
oxide of the silicon wafers. Depositions on the silicon substrates were used to determine the
chemical composition of the coatings (using Rutherford backscattering (RBS) spectroscopy and
the 429 KeV resonance of the reaction !5N(p,a-y)!2C [8] (NRA)), in nanoindentation
measurements, in transmission electron microscopy (TEM), and in x-ray diffraction (XRD)
examinations. Oxidation, corrosion, and thermal cracking measurements were performed on the
steel samples. In this paper we report on the results obtained concerning the coatings on the
silicon substrates.

Sputter deposition was carried out at a pressure of 1 Pa with an argon and nitrogen flow
of 10 sccm/min. The nitrogen gas concentration in the flow was 50 %. Prior to deposition the
chamber was evacuated down to a pressure of 10-4 Pa. Molybdenum silicide was sputtered from
a planar magnetron MoSiy target with a diameter of 100 mm at a DC power of 200 W. The
deposition rate was 27 nm/min. MoSi; coatings without nitrogen were also deposited onto the
same substrate materials for reference. The thickness of the coatings varied from 1.2 um to more
than 3 pum.

In order to investigate the effect of heat treatment on the microstructure, the hardness and
elastic properties, and the cracking of the coatings, annealing was performed in a quartz tube
furnace at a temperature range of 450 - 1000 °C. Both the as-sputtered and annealed (1 h at 800
°C) Mo-Si-N coatings were made into cross-section TEM (XTEM) specimens using M-bond 610
for structural characterization. The specimens were examined using conventional and high-
resolution transmission electron microscopy (HRTEM) on a Phillips CM30ST microscope
operating at 300 kV. Thermal cracking was examined with a scanning electron microscope
(SEM). The hardness and elastic properties were determined with a commercially available
nanoindentation instrument.

RESULTS AND DISCUSSION

In Fig. 1 RBS spectra from as-deposited Mo-Si-N films are shown. The molybdenum to
silicon ratio corresponds well to that of the sputtering target, [Mo}:[Si] = 1:2. The nitrogen
concentration, determined from NRA, was 50 at. % and the concentration profile very uniform,
as can also be seen in Fig. 1.

An isothermal section of the Mo-Si-N ternary phase diagram at 1400 °C is given in
reference [9]. In the Mo-Si-N system silicon nitride Si3N4 can coexist with both MoSi; and
MoSi3 but no molybdenum nitride is stable without excess nitrogen at temperatures above 1000
°C. The third silicide of the Mo-Si system is Mo3Si. Nitrogen is considered as practically
insoluble in MoSi;. The composition of our coatings is located quite close to silicon nitride
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(Si3Ng4) on the isothermal section of the Mo-Si-N phase diagram. In fact, in ESCA
measurements, a strong chemical interaction between silicon and nitrogen was observed,
whereas in the MoSi; films the only bond type was the silicide type between silicon and
molybdenum. It should be noted that chemical interaction between silicon and nitrogen is much
stronger (heat of formation -25.6 kcal/g-at. [10]) than that between silicon and molybdenum
(heat of formation-9.3, -8.5, and -5.8 Kcal/g-at for MoSi2, MosSi3, and Mo3Si respectively

(11).
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Fig. 1. RBS spectrum and nitrogen distribution of the Mo-Si-N coating.

The microstructure of both the as-deposited MoSiz and Mo-Si-N films was amorphous
as determined by XRD. After annealing at 500 °C in a vacuum furnace, MoSi; films crystallize to
a hexagonal structure, which is the stable phase of molybdenum disilicide at low temperatures.
Nitrided Mo-Si-N films are still amorphous after annealing, as indicated by the broad diffuse
feature in the spectrum. Even after annealing at 1000 °C the microstructure of these films remains
amorphous. However, changes in the shape of the amorphous feature of the Mo-Si-N after
annealing at high temperatures can be observed, which relate to a relaxation of the structure. This
was also confirmed by TEM results. HRTEM observation of the as-deposited films revealed the
amorphous structure as shown in Fig. 2(a). Fig. 2(b) shows the corresponding selected area
diffraction (SAD) pattern. The diffuse rings indicate the presence of an amorphous structure
which is consistent with the observation in (a). By measuring the diameter of the innermost ring
and converted to the real space spacing using the known camera constant, the nearest neighbor
distance was estimated to be 2.30 A.

As discussed above, annealing the Mo-Si-N films at 800 °C for 1 h failed to crystallize
the amorphous structure, as shown in Fig. 3(a). Fig. 3(b) shows the corresponding SAD pattern
which confirms the amorphous nature of the structure. Even though Fig. 3 shows the
amorphous structure, careful examination of the two structures reveals the difference in their
detailed microstructure. After the 800 °C anneal, the amorphous structure seems to have a coarser
microstructure and a different nearest neighbor spacing than the as-sputtered film. The latter
difference is confirmed by comparing the diameters of the innermost ring on the SAD patterns.
The ring diameter of the annealed film is 2.5% larger than the as-sputtered one, and corresponds
to a nearest neighbor spacing of 2.25 A. The decrease in the nearest neighbor spacing from 2.30
to 2.25 A suggests that the annealing may have reduced the free volume in the as sputtered films
and caused the densification of the coatings.
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Fig. 2. (a) Cross-section TEM micrograph of an as-deposited Mo-Si-N coating.
(b) Corresponding SAD pattern.

Fig. 3. (a) Cross-section TEM micrograph of the Mo-Si-N coating annealed at 800 °C for 1 h
(b) Corresponding SAD pattern.

In Table 1. the mechanical properties of the as-deposited and heat treated Mo-Si-N films
are shown. For comparison, the modulus and hardness of MoSiy films with different
microstructures are given. The modulus of the as-deposited Mo-Si-N films is somewhat higher
than that of the as-deposited MoSi; films. However, tetragonal MoSiz films have a significantly
higher modulus, 382 GPa, reflecting the transformation to a crystalline phase. The fact that the
modulus of the Mo-Si-N films remains fairly low may result in much lower residual and thermal
stresses in these films. The value of the modulus of the Mo-Si-N coatings is, in fact, quite close
to that of the most common steels, about 210 GPa.
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Table 1, perties of Mo-Si-N and MaSi thin films,

Sample Modulus [GPa] Hardness [GPa]

As-deposited Mo-Si-N (amorphous) 257 18.8
Annealed 1 h @800 °C (amorphous) 273 244

As-deposited MoSi2 (amorphous) 222 11.2
Annealed 1 h @50” °C (hexagonal) 278 22.0
Annealed 1 h @900 °C (tetragonal) 382 255

Indentation measurements show that after annealing at 800 °C, the hardness of the Mo-
Si-N films has increased from 18.8 to 24.4 GPa, while little difference in modulus was
observed. The increase in hardness could be the result of the densification process discussed
above. In any case, the hardness of the Mo-Si-N films is much higher than that of the
amorphous MoSi; films. However, since no crystallization process is involved, one would not
expect the elastic properties of the materials to change much, which is consistent with the small
change in modulus observed in this case.

Thermal cracking was examined by annealing the samples at different temperatures in vacuum
and viewing the possible cracking in a scanning electron microscope. In Fig. 4 SEM
micrographs of the samples annealed at different temperatures are shown. Cracking is seen in the
MoSi; coatings even after annealing at relatively low temperatures. In contrast, no cracking is
observed on the Mo-Si-N coatings, even after annealing at 1000 °C. This absence of cracking
may be due to several reasons. The modulus of the Mo-Si-N coating is closer to that of the
substrate. There is no phase transformation (which could cause transformation stresses) in the
temperature range investigated. Finally, the fracture toughness of amorphous material may be
higher than that of crystalline material, although no direct evidence of this was obtained in the
current experiments. This resistance to thermal cracking makes Mo-Si-N coatings very attractive
for protective coatings in corrosive and hostile environments at elevated temperatures.

MoSiz, 600 oC Mo-Si-N, 600 oC Mo-Si-N, 1 000 oC

50 um
- L 4

Fig. 4. SEM micrographs of MoSi; coating annealed at 600 °C and Mo-Si-N coatings
annealed at 600 and 1000 °C.
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CONCLUSIONS

Based on our observations, we can conclude that: i) molybdenum-silicon films with high
nitrogen concentrations can be deposited by DC sputtering in the presence of a nitrogen plasma,
ii) nitrogen significantly increases the crystallization temperature of molybdenum-silicon films,
iii) the hardness and modulus of Mo-Si-N films are higher than those of amorphous MoSi;
films; (after recrystallization into a tetragonal structure, the modulus of MoSi> films is greater
than that of amorphous Mo-Si-N ﬁlms, iv) thermal cracking of Mo-Si-N films is almost
completely prevented at temperatures below 1000 °C.
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HIGH TEMPERATURE SILICIDE THIN-FILM

THERMOCOUPLES

KENNETH G. KREIDER
National Institute of Standards and Technology, Chemical Science and Technical Laboratory,
Gaithersburg, MD 20899

ABSTRACT

High-temperature silicides have been used in mechanical structures, heating elements, and
electronic, CMOS applications. Their stability in high temperature oxidizing environments and
excellent electrical conductivity may also make them useful as high temperature thin-film sensors
in harsh environments. We have investigated sputter deposited MoSi,, ReSi,, TaSi,, TiSi,, and
WSi, thin films and characterized their performance as thermoelements and stability up to
1200 °C. A multilayer technique was developed to ensure constant silicide stoichiometry during
oxidation thereby maintaining a constant Seebeck coefficient. In addition techniques were
developed to suppress the formation of metal oxides from the silicides. The results indicated
excellent stability of Seebeck coefficient up to 1200 °C. These results are compared with the
problems of thin film instability in the Seebeck coefficient found in noble metal thermocouples.
Potential applications for temperature and heat transfer measurements will be discussed.

INTRODUCTION

Thin-film thermocouples have numerous advantages in measuring temperature. These advantages
stem primarily from their small size, typically 1 ym thick and less than 1 mm wide. This small
size permits extremely fast response (1 us)[1], excellent spatial resolution (< 1 mm?), low cost
in high volume production, and compatibility with integrated circuit fabrication for
instrumentation. Because they are thermocouples they have strong voltage outputs and have
simple power and readout instrumentation requirements. These assets have led to numerous
applications in gas turbine engines [2], diesel engines [3], thermopiles, AC-DC convertors,
thermoelectric devices, and miniature temperature controllers. The materials that have been used
to date for the thermoclements, however, have been primarily the same as those used in wire
thermocouples and are limited in certain oxidative and corrosive aqueous environments. Because
metal silicides have outstanding corrosion resistance, it was decided to explore certain highly
stable thin-film metal silicides.

Many of the applications in aerospace industries involve high temperature environments where
stability and reliability under harsh conditions are principal design considerations. The
demanding requirements have led to the use of platinum-rhodium alloy thermocouples for their
outstanding resistance to oxidation at high temperatures. Recent studies of thin-film
platinum/platinum rhodium thermocouples have indicated serious oxidation problems related to
rhodium oxidation in the 700-900 °C range [4] and substrate reactions at temperatures above
1250 °C. [S]. The reactivity of the thermoelements is a more profound problem with thin films
compared to wires because of the very short (<1 um) diffusion distances. What might be a
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small surface reaction layer on a 0.5 mm (500 um) wire can consume a 1 um thick film. In
alloy thermocouples the alloying element, for example-Rh, has different reactivities with
environmental factors, such as oxygen, sulphur, or silicon, than the platinum and a change in the
solute levels leads to changes in the Seebeck coefficient. A review of candidates for surface
temperature measurements up to 1650 °C (3002 °F) was made by Bennethum [6]. He presents
a detailed analysis of potential materials and techniques for the measurements together with
discussions of some of the compatibility problems.

One of the most desirable materials for high temperature measurements and heaters in oxidizing
environments is molybdenum disilicide (MoSi,). This compound is presently used in the highest
temperature commercial electrical heater elements. Although MoSi, oxidizes in air the surface
can be protected with a self-healing silicon dioxide, (Si0,) diffusion barrier which limits oxygen
diffusion to the silicide. The heating elements are commonly used to 1600 °C in air. Since
MoSi, is a line compound with very small solubilities for impurities, we expected a stable
Seebeck coefficient unaffected by compositional changes. The melting point of 1980 °C is very
high and the thermal expansion coefficient is similar to aluminum oxide Al,0,. Because of these
attributes, MoSi, was chosen for these studies as a high temperature thin film thermocouple
element.

Metal silicides also have been studied in depth as electrical conductors in integrated circuits.
Their advantages include high temperature stability during processing, compatibility with silicon,
and good electrical conductivity. S.P. Murarka has reviewed a wide range of silicides [7)
including properties, thermodynamics, formation, and oxidation. In fact, silicide characteristics
and mechanisms have been described in detail [8-17] in the literature in connection with silicide
conductors on silicon. It is evident from this body of work that titanium disilicide TiSi, and
tantalum disilicide TaSi, have comparable or slower oxidation rates than MoSi, and may be
promising as thin film thermoelements. TiSi, has been produced with less than 20 4 o cm
resistivity compared with MoSi, (100 ¢ o cm) and TaSi, (50 4 @ cm). Other high conductivity
metal silicides that appeared attractive include WSi, and ReSi, and thin-films of these silicides
were fabricated for this study. The high conductivities are useful in thin films to avoid high
impedances in the thermoelements. In contrast, silicon carbide SiC typically has {0° x @ cm and
has to be heavily doped to be useful as a thin film conductor. In our work we chose to
investigate these silicides for use as thermoelements.

EXPERIMENTAL PROCEDURE

In order to study the feasibility of these high temperature thin-film silicide thermocouples, it was
decided to sputter deposit 1-2 sm films on Al,O, circuit board substrates. In addition, in order
to supply silicon to grow the protective SiO, outer layer on the silicides, a sputtered layer of
silicon was deposited on the alumina prior to the silicide deposition. After fabrication and
suitable heat treatments, the samples were tested for thermoelectric output and changes in
resistivity.

Silicide films 1-2 um thick were sputtered from stoichiometric targets 99.5% TaSi,, 99.5% TiSi,
and 99.5% MoSi,. Principal impurities are oxygen and metals, and alkali and alkaline earth
elements are in the 2-5 ppm range. Sputtering was performed with RF planar magnetrons at
100 Won a 5 cm target, 8-10 cm from the substrate. Sputtering pressures were held 10 0.3 Pa
of argon to minimize the tensile stresses on the films which are probably due to compound

286




formation in the growing film. Substrate temperature was held at 120 °C to minimize
incorporation of adsorbed gases (H,0O, etc) in the film. Before silicide film deposition, 2 0.4 um
silicon film was sputtered deposited on the AL,O, substrate film. The Si target was 99.9999%
pure and sputtered under the same conditions.

Heat treatments were performed in a tube furmace in Ar (4%H,), Ar, and in air. In growing the
Si0, surface layer, the silicide was heated to 900 °C in argon before exposing it to air to
suppress metal oxide formation. Resistivity measurements of the films were made with an
osmium (Os) 4-point probe and thermoelectric measurements were made in a specially designed
furnace {3] with a comparison to a reference grade ANSI Type S (platinum, platinum-10%
rhodium) thermocouple. The specimen on the alumina substrate was 12 ¢cm long between the
water cooled reference junction and the measuring junction.

RESULTS

Ten thermocouple test coupons were fabricated from the stoichiometric titanium disilicide (TiSi,)
target with a 0.4 um silicon layer underneath. This test specimen was annealed in Ar (4% H,)
for one-half hour and shows no loss in Seebeck coefficient. A summary of the results in testing
the thermoelectric output of the TiSi, samples is presented in Table |. The results are presented
both as coefficients to a least squares fit of second degree and as the Seebeck coefficient, S,
calculated at 500 °C. Where E, the thermoelectric output, in volts can be expressed: E = AT
+ B/1000 T* + C and S, the Seebeck coefficient, in volts per °C: S = A + B/500 T. Fig. |
is typical of the excellent fit obtained using the second degree polynomial. The most interesting
aspect of the TiSi, resuits is that the Seebeck coefficient is unaffected by heat treatments up to
1200 °C which is an indication of its stability during oxidation. Fig. 1 displays the results after
3 hrs at 1200 °C (in air). An expected variation of +10% is observed in the reported values.

From the previous results of measurements of TiSi, thin film oxidation by Strydom et al [19],
the expected values of oxide thickness would be approximately 300-400 nm after 3 hours at
temperatures up to 1100 °C in dry oxygen and 800-900 nm after 20 hours at 1100 °C. Using
the activation energy of 1.3eV for the parabolic rate constant (measured in oxygen) which is
similar to that of silicon, one can also calculate the thickness expected at 1200 °C, etc. This
activation energy is related to the diffusion of oxygen through Si0, and limits the rate if metal
oxidation is suppressed. The expected thickness generated in oxygen after 3 hrs at 1200 °C
would be approximately 600 nm. After 20 hours at 1200 °C a major fraction of the silicon and
silicide will have been converted to SiQO,. The silicide film resistivity at room temperature for
this exposure is also reported in Table 1. These are average values and the errors in the 4 point
measurement technique and thickness measurements are cstimated at less than 20% of the
reported value. Multiple samples and tests all fall within these limits. It is apparent that the final
high conductivity phase of the TiSi, is not mature until heat treatments comparable to 3 hours
at 1000 °C are performed. At the highest temperature and longest time, apparently the loss of
materia!l is severely affecting the resistivity. In order to determine the morphology of the oxide
growth, the TiSi, was also deposited on silicon which indicated surface roughening after 20 hrs
at 1200 °C.
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TiSi, Thermoelectric Output

Table 1

Heat-Treatment Resistivity A B/1000 S50
0 (Hr.) (pocm) | @V/eC) (V0 (uV/°C)
800 1/2* 11.5 10.8 223
900 1/2* 200 9.1 10.7 19.8
800 3 45 8.5 11.1 19.6
1000 3 20 9.9 11.8 21.7
1000 20 23 9.2 11.6 20.8
1100 3 20 10.1 10.8 21.9
1200 3 24 10.8 10.0 20.8
1200 20 100

*In Ard%H,; others in air

The results of testing nine thin-film thermocouples of MoSi, are presented in Table 2 and Fig. 2.
The Seebeck coefficients and resistivities for multiple samples are averaged for the table. The
high output after 1/2 hr at 800 °C in Ar + 4% Hz (S5 = 69 sV/°C) indicates that the final
stoichiometry and morphology are not achieved at that point (900 °C). Notice in Table 2 that
the resistivity is also high. The performance of the MoSi, film after three hours at 1200 °C is
displayed in Fig. 2. Because the Seebeck coefficient is so similar to that of TiSi,, these two
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Fig. 1 Thermoelectric output of sputtered
TiSi, 1.5 pm film after three hours
at-1200 °C in air versus Pt.
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silicides would not make a good couple. The resistivity measurements correspond to the
thermoelectric measurements; it is apparent that the high conductivity phase is not comleted
until the sputtered compound is annealed above 800 °C and that brief annealing in a reducing
atmosphere at 900 °C is not adequate. The MoSi, results are similar to those of the TiSi, and
the thermoelectric output versus platinum is not modified by the development of the oxide even
after three hours at 1200 °C. The oxide developed was found to be substantially SiO, by X-ray
photoelectron spectroscopy (XPS) as the Mo signal was suppressed completely after a 900 °C
anneal in air. The XPS results indicated smail amounts of TiO, on the TiSi, after a similar heat
treatment. These results correspond to earlier results [9][18] and relate to the refractive nature
of TiO, which forms before the SiO, layer is complete and the volatile nature of molybdenum
oxide MoQ, which is lost as it forms. The oxidation treatment used with the silicide, using an
Ar(4%H,) below 900 °C, minimized low temperature, slow oxidation of the metal and favored
the formation of SiO,.

TaSi, was deposited using the same procedures as used with MoSi,. The tantalum silicide yielded
similar results to the TiSi, when annealed in argon plus 4% hydrogen, resulting in
Seo = 22 u V/°C; however, the film lost electrical conductivity when annealed in air above
900 °C for 20 hours. A heavy oxide growth on the TaSi, may indicate the TaSi, film on the
AL O, substrate was being damaged by a thermal expansion mismatch. Tungsten silicide was
grown from a tungsten target 70% covered with a silicon wafer to deposit WSi, with a slight
silicon excess. The 1 um thick silicide had approximately 400 u G-cm resistivity as deposited and
120 s a-cm resistivity after annealing 2 hrs. at 900 °C in argon-4% hydrogen on an Al,O,
substrate. The silicide cracked and spalled from a silicon wafer with the same heat treatment.
The tungsten silicide thin-film thermocouple had a Seebeck coefficient of 16.8 . V/°Cat 400 °C
but changed rapidly above 500 °C in air and the film was lost at 760 °C. Apparently, the film
formed the volatile oxide WO,. Rhenium silicide was also deposited using both rhenium and
silicon targets. The ReSi, was formed by reaction at 900 °C for 2 hrs in argon-4% hydrogen
and yielded a film with 0.5 to 1.0 ohms resistance on the 4 point probe. It was found to be
stable in the Ard4H, at 1050 °C but was oxidized significantly after 4 hours at 900 °C in air.

Table 2
MoSi, Thermoelectric Output

Heat-Treatment Resistivity A B/1000 Sso0

(°C) - (Hr.) (s 0 cm) wWV/°C)  (uV/°CY) (uV/°C)
800 1/2* 800 28.1 36.0 64.1
900 1/2* 500 38.8 29.3 68.6
800 3 36.6 29.6 66.2
900 3 100 10.3 11.1 21.4
1000 3 100 7.8 12.0 19.8
1000 20 100 8.3 12.0 20.3
1100 3 100 8.3 1.5 19.8
1200 3 120 8.0 11.4 19.4

*annealed in argon 4% H, others annealed in air.
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CONCLUSIONS

Both MoSi, and TiSi, show promise as thermoelements in high temperature thin fiim
thermocouples. Their resistance to oxidation damage is related to the slow parabolic rate of
growth of the thickness of SiO, which is limited by oxygen diffusion. Research studies in the
electronics industry on oxidation of these silicides has characterized the activation energy for the
diffusion and the kinetics of oxide growth. Our results are in general agreement with their work
and demonstrate the feasibility of using the TiSi, and MoSi, on Al,O, substrates as TFTCs. We
have investigated exposures of the silicides to air at temperatures as high as {200 °C and found
the thermoelectric output to be stable. This probably results from the fact that both silicides are
"line” compour s and therefore have very little solubility for elements which would modify their
thermoelectric potential. It is also implied that the Seebeck coefficient is not diminished by loss
of material since in contrast to the electrical resistance, thermoelectric voltage is not a function
of film thickness. Therefore, the outstanding corrosion resistance of TiSi, and MoSi, may lead
to numerous applications where metal thermocouples are vulnerable to deterioration.

ACKNOWLEDGMENTS

The author wishes to acknowledge M. J. Tarlov and staff for the XPS analysis of the Process
Measurements Division NIST.

REFERENCES

1. D. Burgess, M. Yust and K. G. Kreider, Sensors and Acruators A 24, 155-161 (1990).
R. R. Dils and P. S. Follansbee, "Superalloys: Metallurgy and Manufacture”, ed. B.H.
Kear, D.R. Muzyka and S. T. Wlodek, Claitor, Baron Rouge, 37, (1976).

3. T. Morrell, S. Wahiduzzaman, E. F. Fort, D.R. Tree, D.P. DeWitt and K.G. Kreider.

Congress of Sociery of Automotive Engineers Tech. Paper, Detroit, M1, Feb. 25, 1989.

K. G. Kreider, J. Vac. Sci and Tech., A 11(4), Jul/Aug 1993,

R. Hollanda in Temperature: Its Measurement and Control in Science and Industry, p.

649 American Institute of Physics, New York, NY, 1992, Vol 1. 1645,

6. W.H. Bennethum and L.T. Sherwood "Sensors for Ceramic Components in Advanced
Propulsion System:s" NASA Contractor Report 180900 NASA, Lewis Research Center,
Cleveland, OH Aug. 1988.

7. S. P. Murarka “Silicides for VLSI Applications” Academic Press, New York 1983.

8. B. E. Deal and A. S. Grove, J. Appl. Phys., 36, 3770 (1965).

9. J.R. Chen, M. P. Houng, S. K. Hsiung and Y. C. Liu, Appl. Phys. Ltr., 37, 824 (1980).

10. J. R. Chen, Y. C. Liu, and S. D. Chu, J. Elecrron. Mater, 11, 355 (1982).

11. M. Bartur and M-A. Nicolet, Appl. Phys. A, 29, 69 (1982).

12. M. Bartur and M-A. Nicolet, Appl. Phys. Ltr., 40, 175 (1982).

13. T. Mochizuki and M. Kashiwagi, J. Electrochem. Soc. 127, 1128 (1980).

14. 1, E. E. Gaglin, F. M. d’heurle, and C. S. Peterson, J. Appl. Phys., 54, 1849 (. 783).

15.  S.P. Murarka, D.B. Fraser, W.S. Lindenberger & A K. Sionha, ibid., 512, 3241 (1980).

16. R. R. Razouk, M. E. Thomas, and S. L. Pressacco, ibid., 53, 5342 (1982).

17.  F. Mohammadi, K. C. Saraswat, and J. D. Meindl, Appl. Phys. Lener, 35, 529 (1979).

18.  F. d'Heurle, E. A. Irene, and C. Y. Ting, J. Appl. Phys., 54, 2716 (1983).

19.  W. ] Strydom and J. C. Lemband, Thin Solid Films, 131, 215-231 (1985).

s

290




e ————— g - .
T % et s ——TR IS v S L e e

. CONCLUSIONS

Both MoSi, and TiSi, show promise as thermoelements in high temperature thin film
thermocouples. Their resistance to oxidation damage is related to the slow parabolic rate of
growth of the thickness of SiO, which is limited by oxygen diffusion. Research studies in the
electronics industry on oxidation of these silicides has characterized the activation energy for the
diffusion and the kinetics of oxide growth. Our results are in general agreement with their work
and demonstrate the feasibility of using the TiSi, and MoSi, on Al,O, substrates as TFTCs. We
have investigated exposures of the silicides to air at temperatures as high as 1200 °C and found
the thermoelectric output to be stable. This probably results from the fact that both silicides are
"line” compounds and therefore have very little solubility for elements which would modify their
thermoelectric potential. It is also implied that the Seebeck coefficient is not diminished by loss
of material since in contrast to the electrical resistance, thermoelectric voltage is not a function
of film thickness. Therefore, the outstanding corrosion resistance of TiSi, and MoSi, may lead
to numerous applications where metal thermocouples are vulnerable to deterioration.
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MICROSTRUCTURAL EVOLUTION IN COMPOSITIONALLY
TAILORED MoSi,/SiC COMPOSITES

S.E. RIDDLE, S. JAYASHANKAR AND M.J. KAUFMAN
University of Florida, Department of Materials Science and Engineering, Gainesville, FL 32611

ABSTRACT

Compositionally tailored MoSi2/SiC composites with silicon carbide content ranging from 0 to
60 volume percent were synthesized through a novel processing scheme involving the mechanical
alloying of elemental molybdenum, silicon, and carbon. The effects of important processing
parameters such as the nominal powder composition and the processing temperature on the
microstructural evolution during mechanical alloying and subsequent heating are described based
on the results obtained from DTA and XRD.

INTRODUCTION

The intermetailic MoSi has long been considered as a potential material for high temperature
structural applications [1] due to its high meiting int and good oxidation resistance. However, it
has low room temperature fracture toughness and limited strength at elevated temperatures. This
may be partly due to the presence of grain boundary silica in powder-processed MoSiy and MoSiz2-
based composites. Accordingly, various techniques have been implemented successfully to reduce
the silica content in polycrystalline MoSiz. They include silica reduction through suitable
deoxidants including carbon [1-4), in-situ displacement reactions, ultra-clean processing, and
hydrogen surface etching of the powders prior to consolidation.

Recently, a novel processing technique involving carbon additions, mechanical alloying, and
in-situ displacement reactions has been used to synthesize silica-free MoSiz-based composites {4]
starting from elemental molybdenum, silicon, and carbon powders. Through the modification of
the starting composition, it is possible, using this technique to synthesize MoSiy/SiC composites
with varying amounts of reinforcement.

The aim of this study was to characterize the microstructural evoluiion of the components
during milling and subsequent heating as a function of the nominal SiC composition; such
information should allow for better microstructural control during consolidation.

EXPERIMENTAL PROCEDURE

Based on the 1600°C isotherm of Nowotny and co-workers (Fig. 1) [5] and the 1727°C
isotherm by Brewer and Krikorian [6), it is clear that temary powder alloys within the composition
flimits established by the MoSiz + C<iMo«5Si3 + SiC three-phase field should form thermally
stable microstructures when consolidated at these temperatures. Further description of the
processing rationale can be found elsewhere [4]). Accordingly, in the present study, temary
powder alloys were chosen for mechanical alloying in the MoSiz + C<1Mo«5Si3 + SiC three-phase
field, with varying amounts of nominal silicon . .
carbide, according to the Nowotny diagram Table I. Nominal composition of temary powders.

g].ﬁg 1). The compositions are listed in Table Alloy | Volume % SiC| _ Atomic Percent

Mechanical alloying was performed in a | pMA 20 20 Si-25.1Mo-12.3C
water cooled Szegvari (planetary type) attrition -
mill using hardened steel balis as a milling | MA40 40 Si-17.8Mo-23.2C
media and a ball to charge ratio of 5:1. .
Elemental powders of commercial purity MA 30 30 Si-14.4Mo_28.3C
molybdenum (999 % purity, 3 - 7pum), MA 60 60 Si-11.3Mo-33.1C

MA (Mechanically Alioyed)
201
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silicon (99.5% purity, -325mesh),
and carbon (99% purity, -325 mesh,
crystalline) were obtained from
Johnson Matthey and used as starting
materials. To minimize contamination
during processing, a positive pressure
of high purity titanium-gettered argon
(oxygen content less than 4 ppm) was
maintained in the attritor. The
progress of the mechanical alloying
process was monitored by
withdrawing small amounts of
powder after 0, 0.5, 1, 2, 5, 10, 15,
20, 30, 45, and 60 h of milling. The
powders were then characterized for
structure by XRD.

The transformation characteristics
of the fully mechanically alloyed
powders were monitored by
differential thermal analysis (DTA),

which was performed under flowing  Si MoSi, MogSi; Mosgi Mo
argon (lcc/min, oxygen content less

than 4 ppm) on a Dupont 910-DSC FIG. 1. Schematic of ternary isotherm @ 1600°C

system with heating and cooling rates of the Mo-Si-C system proposed by Nowotny et al [5].

of 10°C/min. For more detailed

analysis, the fully mechanically alloyed powders of various compositions were heated at 10°C/min
under flowing, titanium-gettered argon at 100°C intervals between 400°C and 1400°C and cooled
rapidly for subsequent XRD analysis. Structural analysis of the as-alloyed and heat treated
powders was carried out using a Phillips APD 3720 diffractometer operated at 40kV and 20mA
with CuKg radiation and digital data acquisition over 26 ranges from 5-100°.

RESULTS AND DISCUSSION

S | Evolution During Milli

Structural evolution studies of the higher carbon containing powders MAS0 and MA60 as a
function of milling time, shown in Fig. 2, indicate that only short milling times are required before
all carbon goes into solution (0.5 h, see Fig. 2a), while the silicon peaks decrease significantly.
Further milling results in a slow decrease in free silicon, probably because silicon is reaching its
maximum metastable solubility in molybdenum. This occurs until between 5 and 10 h when the
carbides Mo,C (hexagonal) and SiC (cubic) as well as the intermetallic compounds «—MoSij
(tetragonal), MosSi; (tetragonal), and C.;Mo.sSi3 (hexagonal) are observed (see Fig. 2¢). In
previous studies, no evidence of carbide formation was observed during mechanical alloying [4],
presumably because the compositions were lower in carbon content, in the middle of the MoSi; +
C.1MosSi3 + SiC three-phase field, and away from the MoSi>+SiC two phase field. Milling for
20 h results in the disappearance of Mo,C and almost complete disappearance of the silicon peaks
(Fig. 2d), along with considerable broadening of the a-MoSi and SiC peaks; this is probably due
to a decrease in the crystallite size rather than lattice strain [7] since o~MoSi; and SiC are brittle at
the milling temperatures [4). Continued milling through 60 h (Fig. 3c) resulted in a decrease in the
molybdenum peaks and minimal increases in peak broadening. Comparing this to 20 h, Fig. 2d
and 30 h (not shown) it can be concluded that milling is complete between 20 and 30 h. In order to
ascertain the effects of compositional variations along the MoSi»+SiC field, XRD pattemns of all
fully milled powder compositions were compared using previous work on mechanically alloyed
MoSi; as a reference {4]. Increasing the nominal SiC content tends to suppress the formation and

.
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FIG. 2. Structural evolution of MAS50 powders as a function of milling time. XRD patterns of the powders milled
for the indicated times: (a) 0.5 h (b) 5 h (c¢) 10 h (d) 20 h (Mo is molybd Si is silicon, C is carbon, A is
hexagonal Mo2C, B is cubic SiC, F is tetragonal Mo5Si3, T is tetragonal @~-MoSi2 and N is the hexagonal
Nowotny phase).

stabilization of both c—MoSi; and p-MoSi; while simultaneously promoting the formation of SiC
and C_;Mo.sSij as seen by comparing the relative peak intensities of the aforementioned phases in
Figs. 3a through 3d. It is also important to note that peak broadening increases with increasing
nominal silicon carbide content.

Phase Evolution Upon Heati

The phase evolution of all compositions was studied by DTA. A typical heating trace of the
MAZ20 ternary powder is shown in Fig. 4a, where strong exotherms at 480°C, 810°C, 960°C, and
1130°C (peak temperatures) are apparent. The transformations corresponding to these exotherms
were studied by XRD analysis of powders heated to temperatures at the end of each exotherm
using heating conditions similar to the DTA measurements (10°C/min.). Comparison of the room

and 700°C XRD patterns showed the 480°C exotherm is associated with the growth of
B—MoSi; at the expense of molybdenum and dissolved silicon. Likewise, a comparison of the
XRD patterns for 700°C and 900°C shows the 810°C exotherm corresponds to the growth of o~
MoSij and the Nowotny phase at the expense of molybdenum and dissolved silicon and carbon.
The minor exotherm at 960°C appears to be associated with the transformation of molybdenum and
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FIG. 3. XRD patterns of fully MA powders: (a) MA20, (b) MA40, (c) MA50, and (d) MAG60. Note the relative peak

intensities of the various ph p (Mo is moly Si is silicon, T is tetragonal «x—MoS8i2, H is
hexagonal B-MoSi7, B is cubic SiC, and N is the hexagonal Nowotny phase).

p—MoSi; to o~MoSi,. Further heating to 1400°C, resulted in a transformation of the Nowotny
phase to o—MoSij and SiC for the 1130°C isotherm.

Figure 4b shows the DTA trace of the MA60 ternary powder. The evolution is characterized
by a weak exotherm at 440°C and strong exotherms at 760°C, 955°C, and 1270°C. The
transformation sequences of these powders were monitored in the same manner as the MA20
powders. Comparison of the room temperature and 700°C XRD patterns showed the 440°C
exotherm is associated with a partial transformation of molybdenum and the dissolved silicon and
carbon into the Nowotny and «—MoSi; phases. Likewise, a comparison of the XRD patterns for
700°C and 900°C shows the 760°C exotherm corresponds to the growth of the Nowotny phase at
the expense of molybdenum and «~MoSi;. The minor exotherm at 955°C appears to be associated
with the transformation of p~MoSi; and Mo,C to a-MoSi;, molybdenum and the Nowotny phase.
This was apparent by the reappearance of the molybdenum peaks and the disappearance of the f—
MoSi; peaks. Further heating to 1400°C resulted in a complete transformation of the Nowotny
phase to a—MoSi; and SiC. This 1270°C exotherm is similar to that at 1130°C for the MA20
powders, indicating the greater stability of the Nowotny phase in the higher SiC containing
powders. The other two compositions (MA40 and MA50) exhibited exotherms similar to the
MAGO powders. XRD analysis between 400°C and 1400°C was performed at 100°C intervals to
confirm these similarities and provide any indications of differences in phase stability/constitution.
The stability range of 8-MoSi; and the Nowotny phase show the most noticeable differences as a
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FIG. 4. DTA of MA powders under flowing argon at a heating rate of 10°C/min., along with the corresponding
phases identified by XRD: (a)MA20 (b)MA60. (“Nowotny" refers to the Nowotny phase, C<1Mo<5Si3)

function of silicon carbide content. For example, growth of the B—MoSi; peaks in the MA20
powders occurs up to 800°C and disappears around 1000°C while in the MA40 powders, p-MoSi,
is absent in the as-milled powders but appears by 400°C and continues its growth until between
900°C and 1000°C before it eventually disappears by 1100°C. In the MAS50 powders, B—MoSi;
does not appear untii 500°C and grows over a larger range to 1000°C before it disappears between
1100°C and 1200°C. Finally, in the MAG60 powders, this phase appears only between 700°C and
1000°C. B-MoSi; has previously been reported to be stable up to 1030°C during mechanical
alloying for an alloy with comiposition Si-28Mo- 14C [4] and to 800°C for the isothermal annealing
of Mo-Si multilayers {8, 9].
For all compositions, molybdenum is the predominant phase below 800°C while a-MoSi,
becomes dominant above 800°C for both the monolithic MoSij [4] and MA20 alloys. Increasing
‘ the nominal SiC content above 20% allows for the dominance of the Nowotny phase in the range
800°C-1000°C for MA40, 800°C-1100°C for MAS50, and 800°C-1300°C for MA60. The
temperature ranges over which the Nowotny phase is dominant was not the only difference
3 observed as a function of silicon carbide content. The appearance, growth, and disappearance of
H the Nowotny phase are also affected. This phase does not appear until 700°C in MA20 and 400°C
) ? in MA4O0, while it is present in the as-milled MA50 and MA60 powders. The earlier this phase
i ; forms, as stated above, the larger is the temperature range over which it is stable. Even with the
: : disf(f)%rences in appearance, growth and dominance, the Nowotny phase is always observed until
; 1300°C.
! ‘ While the stability of B-MoSi; and the Nowotny phase are both affected by an increase in
; : nominal SiC content, the stability of cubic SiC is not. This phase slowly grows to 1400°C with
i : peak refinement above 800°C for all four of the compositions studied.
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SUMMARY AND CONCLUSIONS

A novel proccssing strategy has been developed utilizing carbothermal reduction reactions,
mechanical alloying, and carbon additions for the synthesis of MoSi2 composites containing up to
60 volume percent silicon carbide particulate. The microstructural evolution during milling and
consolidation has been studied. It has been shown that milling is complete after approximately 20
h. Structural evolution studies during milling have shown that an increase in the nominal SiC
content along the narrow MoSi>+SiC field tends to suppress the formation of a~MoSi; and p-
MoSi; while increasing the formation of SiC and the Nowotny phase (C. Mo_sSis) in the fully
milled powders. While the milling studies showed the suppression of p-MoSi; in the fully milled

wders, the phase evolution studies indicated an increase in the stability of B~MoSi; to between
1100°C and 1200°C in the MAS0 powders, in contrast to 1020°C in previously reported studies [4]
and 800°C reported for the isothermal annealing of Mo-Si multilayers (8, 9]. While the stability of
the B~MoSi; phase increases with increasing nominal SiC content, the Nowotny phase becomes
the dominant phase (instead of a-MoSiy) to 1300°C in the MA60 powders.
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FABRICATION AND CHARACTERIZATION OF A FUNCTIONALLY
GRADIENT Mo-MoSi; COMPOSITE

Gaurav Agarwal, Wen-yi Lin and Robert. F. Speyer, School of Materials Science and
Engineering, Georgia Institute of Technology, Atlanta GA 30332-0245.

ABSTRACT

For the application of immersed combustion-radiant tubes in glass melters, a Mo-MoSis
functionally gradient composite was developed. A gradient profile mixture with varying
amounts of powders of these two compounds was hot pressed at 1650°C and 17.4 MPa.
MosSia, and Mo3Si reaction products were detected by XRD in the hot pressed composite.
Limited cracking was apparent in regions where pure Mo regions applied tensile stresses to
regions rich in Mo3Si product. Cyclic heat treatments in a reducing atmosphere showed no
signs of further CTE mismatch induced cracking, but did indicate a propensity to creep
under load at ~ 1400°C. A functionally gradient material with MoSi; on all exterior
surfaces showed excellent oxidation protection to the Mo center.

INTRODUCTION

Currently, the favored source of energy input in industrial glass melters is via over the
batch combustion of natural gas and air. To minimize particulate removal, convective
heat transfer of the flame envelope on the batch/melt surface is discouraged, hence heat
is predominantly transferred via radiation from a low emissivity flame, or secondarily
from the crown. The Gas Research Institute has contracted our research group to develop
materials for the application of immersed heating of molten glass, wherein a combustion
process on the inside of the immersed tube would transfer more efficiently through the
tube wall to the glass load.

The material issues of immersed heating remain a daunting problem; the tube would
have to withstand the corrosive nature of high temperature (e.g. 1400°+) alkali-containing
molten glass, as well as high temperature (e.g. 1700°C) combustion products. It would
also need to have adequate mechanical strength and creep resistance to resist the grav-
itational, buoyant, and convective flow forces common in glass tanks, have an adequate
effective thermal conductivity, and good thermal shock resistance against varying burner
flow rates and initial insertion.

The results of materials investigations for these requirements have been reported else-
where {1)-[4]. In summary, molybdenum showed the lowest recession rates during corrosion
tests in soda-lime-silicate glass and E-glass (fiberglass) melts at ~1560°C. Molybdenum,
unfortunately, oxidizes to MoQOj3(,) above ~600°C in a combustion product environment.
A uumber of ceramic oxides (e.g. Alz03), and silicon based materials (e.g. SiC, MoSis)
showed good resistance against CO3-H;O corrosion at 1600°C. Silicon-based materials
show good oxidation resistance by forming a continuous silica surface layer which prohibits
oxidation of the material interior. Glass manufacturers, however, abhor the prospect of
allowing SiC coming in contact with glass melts, since soluble molecular oxygen reacts
with it to form CO (or COy) seeds and blisters.

An inner coating of MoSi; on a Mo tube (by vapor deposition or plasma spraying)
was considered, but rejected, given the linear coeflicient of thermal expansion (CTE)
mismatch between coating and substrate. It was therefore concluded that an optimum
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Table I: Mole percent of powder mixtures in each of five levels, each level was approximately 0.25 cm in
depth.

Layer | Mo | MoSi,
1 100 (0

2 7% 125

3 50 | 50

4 25 (75

5 100 { O

choice of tube material would be a functional gradient from Mo to MoSi;, the former
concentrated at the outermost regions of the immersed portions of the tube. Reported
herein is an investigation of the thermal-mechanical integrity of a functional gradient
of Mo and MoSis. Of interest was the reactions between end-members as well as the
self-sealing ability of MoSi; to protect Mo from oxidation.

EXPERIMENTAL PROCEDURE

The powders used for this study were 99.9% pure molybdenum metal (-325 mesh) and
99.5% molybdenum disilicide (-325 mesh). A gradient of five layers of varying amounts
of these two powders was prepared, as listed in Table I. With calculations based on
the densities of the two powders (Mo - 10.2 g/cm®, MoSi; - 6.3 g/cm?), the mixtures
were prepared so that each layer would be .25 c¢m thick after hot pressing (assuming
attainment of 100% density). The individual mixtures were blended by vigorous shaking
in a container using alumina grinding media for 5 minutes. After each layer was poured in
place as evenly as feasible, a die pin was gently pressed onto the powder to compact and
distribute it within the graphite die. The five layers of powder mixture were hot pressed
under a pressure of 17.4 MPa, starting at room temperature, heating at ~25°C/min, and
holding at 1650°C for 4 hours. The furnace power was then turned off and the sample
was allowed to cool to room temperature overnight. The hot pressed sample was then
retrieved from the die and sectious containing all five layers were cut using a diamond-
tipped wafering blade.

To investigate the morphology of the phases formed across the Mo-MoSi; gradient, a
scanning electron microscope {SEM, Hitachi S-800), equipped with an energy dispersive
spectrometer (EDS, Kevex 3600-0398 detector with Kevex Delta-Class analyzer)was used.
The sectioned samples were then polished using 1 pm diamond media and mounted on
an aluminum stub using a highly conductive carbon cement, followed by sputter-coating
with a ~25 nm film of Au-Pd. Samples were obscrved using Lotk scecondaiy electron and
back-scatter detectors.

Using a diamond saw, the sample was sectioned through the visual boundaries of dif-
ferent layers. The side-faces of each section were analyzed using X-ray diffraction (XRD,
Philips PW1800 diffractometer) with a 2.0 sec time constant and 0.02° step size. The
XRD patterns were compared to JCPDS data and individual phases were then identi-
fied. Expansion/contraction hysteresis during cyclic heat treatments was studied using a
dilatometer (Orton/Innovative Thermal Systems) with the intent of studying fissure for-
mation in the composite as a result of thermal cycling. Bars were prepared such that the
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Figure 1: XRD traces of layer sections of functionally gradient material. Numbers on each trace corre-
spond to original powder compositions shown in Table L.

direction of measured expansion would be parallel to the direction of the functional gra-
dient. The sample was then heated to 1400°C at a rate of 5°C/min, cooled to 100°C/min
and the cycle was repeated. Since Mo readily oxidizes in air, the dilatometer was run
under a 95% argon - 5% hydrogen atmosphere. The dilation behavior was then analyzed,
and the sample was examined for additional cracking.

In a separate investigation, a specimen was hot pressed (5.5 MPa at 1650°C for 6 hours)
such that pure MoSi; was located at all exterior surfaces, and a func-ional gradient was
formed toward a pure Mo center. This composite was then heat-treated in air at 1600°C
for 24 hours to establish the oxidation protection imparted to Mo by the exterior MoSis.

RESULTS AND DISCUSSION

The XRD results are shown in Figure 1. MosSi3 and Mo3Si formed as reaction products
via:

2MoSi; + TMo — 2MosSis

MoSiz + 5Mo — 2Mo3Si

Mo3Si was the major phase in layer 2, as would be expected given the above stoichiometry.
The other phase present in this region was MogSia; this would form since there would still
be excess silicon if the two end-members reacted to form strictly MosSi. The minute
presence of MoSi; implies incomplete reaction amongst starting powders. In layer 3,
MogSis and MoSi; were the dominant phases, with Mo,Si being a minor phase. Layer 4
was predominantly MoSi; with Mo;sSi; as a minority phase. Layer 5 was strictly MoSi,.
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Figure 2: (left) Photograph of the functional gradient material. Top: layer 1, Bottom: layer 5.

Figure 3: (right) Expansion behavior of Mo{6}, M01Si[7], MosSis[7] and MoSi;{7].

These results indicate that reaction between powders occurred extensively, but protracted
diffusion permitting annihilation of either Mo or MoSi, layers did not occur.

Visual observation showed cracking in layer 2, nucleating from the interface between
layers 1 and 2 (Figure 2). Crack initiation in other layers was not apparent. The expansion
behavior of these compounds is plotted in Figure 3. Since Mo has the lowest CTE, it
(layer 1) would put the predominantly Mo;Si layer (layer 2) in tension during cooling.
The observed cracks, nucleating on layer 1, are the result of these tensile stresses.

Using the backscatter detector, compositional contrast permitted view of MoSi; and
MosgSis regions in the microstructure (Figure 4). Contrast between Mo and MogSi; was
inadequate, but these regions could be clearly delineated using SEM dot-mapping (Fig-
ure 5). The black oval-shaped regions in Figure 4 represent voids in the MosSis regions.
While distributed somewhat throughout the MosSi3, the voids appear concentrated in
fields just outside the MoSi; grains. The MoSig regions represent the remains of un-
reacted original powder, while the MosSi; regions represent reaction product between Mo
and MoSi;. Since MoSi; has the highest CTE, it is envisioned that during cooling, the
contraction of the MoSi; grains put the surrounding MosSia grains in tension. Assuming
that these MogSis regions are ductile at these temperatures, micro-fissures would form in
regions near the MoSi; grains in response to the stress.

The sample hot pressed with MoSi; on all exterior surfaces and heat treated in air
p showed excellent oxidation resistance. Some cracking from the surface, possibly enhanced
' when attempting to remove the composite from the die, still did not allow oxygen to

attack the Mo center (Figure 6). Apparently, amorphous silica reaction product filled in
the cracks and sealed them.

The cyclic heat-treatments (Figure 7) were intended to show whether thermally induced
fissures would form in the composite after cycling. SEM observation (not shown) showed
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Figure 4: (left) Backscattered electron micrograph of MoSi; (dark regions) and MosSi3 (light regions) in
layer 4.

Figure 5: (right) SEM/EDS dot-map of layer 2 where the dots represent silicon.

no indication of increased cracking due to thermal cycling. What was observed, however,
was the onset of high temperature creep behavior near 1400°C. As shown by the dotted
line in the figure, the specimen began contracting while it was still being heated near
1400°C. The maximum expansion was therefore lower during the second hLeating cycle
when the specimen reached 1400°C. This creep behavior resulted from the appreciable
force applied by the spring-loaded pushrod in the dilatometer. MoSi; has a demonstrated
creep behavior above its brittle to ductile transformation temperature (~1000°C)[5}.

For the present application, the load on the tube may in fact be nulled by varying
the tube wall thickness so that the buoyant force on the immersed tube is matched by
the gravitational force. Creep resistance has been reported to be improved by two orders
of magnitude at 1200° by introducing second phase particulates/whiskers into a MoSiz
matrix {5}. The introduction of these inclusions is under consideration for future work.

CONCLUSIONS

The five step functional gradient of Mo and MoSi; showed stress induced cracking only
in Mo3Si regions via tensile stresses applied by pure Mo. The introduction of a mediating
layer of largely Mo with minute MoSiz (e.g. 5%) would be expected to minimize this
cracking by forming a microstructure of mixed Mo and Mo3Si grains, which would foster a
less abrupt CTE gradient. These results form a basis for the design of powder composition
as 8 function of depth for a continuous gradient. Such a functionally gradient material
was shown to have promising thermal-mechanical behavior and good oxidation resistance
when the MoSi; side is exposed to the atmosphere at elevated temperature.
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Figure 6: (left) Photograph of a functional gradient material, cut in half. The specimen, composed of
pure MoSi; on all exterior surface, was exposed to an air atmosphere at 1600°C for 24 hours.

Figure 7: (right) Expansion/contraction behavior of the functionally gradient material with cyclic heat
treatment. The temperature oscillations at low temperatures were from the gas flow tube obstructing
feedback control communication between the heating element and the control thermocouple.
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THE PROPERTIES AND USES OF REFls!ACTORY METALS AND THEIR
ALLOY

C.L. BRIANT
General Electric Company, Research and Development Center, P.O. Box 8
Schenectady, New York 12301

ABSTRACT

This paper reviews the problems that have limited the applications of refractory metals and
their alloys. It also presents examples from recent work that has been done to overcome
these problems. The work discussed concerns the refractory metals niobium, tantalum,
molybdenum, and tungsten and alloys based on these elements. Recent results on
intermetallic compounds that contain a refractory metal and composites that are made of
refractory metals and their intermetallics are also presented.

INTRODUCTION

The primary purpose of this paper is to provide an introduction to the second half of
this volume. The preceding papers dealt with research that concerned silicides, with a
strong emphasis on MoSiz. In the following papers the scope will be broadened to
consider, more generally, refractory metals and their alloys. This introductory paper
describes the background that has led to much of the research that is being done today and
outlines the general directions that this research is taking. Results from this research will
be discussed in much greater detail in the individual papers that follow.

REFRACTORY METALS

The first question that must be addressed when one considers refractory metals is
what elements can be classed under this heading. Some classifications use the melting point
as the only criterion and state that any metallic element with a melting point above 1925°C
should be considered as a refractory.[1-3] If this definition is used, eleven metals would
fall into this category. Other definitions are more restrictive and include the requirements
that the metal have a body-centered-cubic crystal structure and that the ratio of the melting
point of the oxide of the metal to that of the metal itself be less than one.[2] However, if
one simply asks which of these very high melting point metals have received the greatest

; attention by researchers and which have the widest industrial applications, four elements
clearly stand out. They are tantalum, niobium, molybdenum, and tungsten.
i Table I gives some of the basic properties of these metals. They have high melting
points and a body-centered-cubic crystal structure. If we plot the melting point as a
. function of density, as shown in Figure 1, we see that the densities of these four elements
i range from an intermediate value 10 a very high one. The figure also shows that for a given
density range these elements have the highest melting points of the clements in that range.
The most attractive feature of these elements is their high melting points, and Table

Il shows that many applications of refractory metals and their alloys capitalize on this

i y. However, this list of applications is not as long as one might expect,
because these elements also have certain features that limit their applications. Much of the

-
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Figure 1 - The melting point of all elements plotied as a function of density. Note that the
four refractory metals, niobium, tantalum, molybdenum, and tungsten, have among the
highest melting points of the elements.

y A
Table I
Refractory Metals and Their Properties
‘Element Nb Ta Mo
tructure BCC BCC BCC BCC
Melung Point 2468 2996 617 3410
(°C)
nsl cC 8.58 16.7 10.3 19.3
astic ulus | 110.3 136.16 289.38 358.53
(GPa) |1)
Thermal 0.125 0.130 0.34 0.397
Conductivity
callem/°C/s [2]
ethod of Melung Meiting (electnc | Powder Powder
Production (electric arc arc and electron | metallurgy metallurgy
and electron beam) Melting Chemical
beam) (4] Powder (electric arc and | vapor
metallurgy(5] electron deposition
beam){6] Liquid phase
sinteting[7
Ore Source (Fe,Mn) (Fe,Mn) (Fe.MnE%!h
(Ta,Nb)20s | (Ta,Nb)20¢ (Wolframite)
(Tantalite{4] | (Columbite){5] CaW04
(Calcite)[7]
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research in previous years and also much of that reported in this volume have been direct:
at overcoming these problems. Some of the most important issues are the following:

(1.) Atelevated temperatures the tensile strength and creep strength of these m:
is low. Figure 2 shows that at 1100°C, which is less than half of the melting point for
tungsten and molybdenum, these element have tensile strengths below 300 MN/m2.{3]

(2.) All of these metals oxidize very rapidly at elevated temperatures.[1,3,8] Figure
3 shows that even at 800°C oxidation is significant, and that at at temperatures above
1100°C the low oxidation resistance of these metals can completely preclude their use.

(3.) Because of the high melting points of these metals and their tendency to
oxidize, their fabrication can be difficult. Table I shows that tantalum, niobium, and
molybdenum are usually melted by electric arc or electron beam practices, and tungsten
products are most commonly made by powder metallurgy methods. Tantalum and niobium
are ductile at room temperature and can be mechanically processed at that temperature.
Figure 4 shows that the ductile-to-brittle transition temperature of molybdenum is often
close to room temperature and that of mngsten well above it. Consequently, these metals
must be warm or hot worked.

Table II
Applications of Refractory Metals and Their Alloys

Element Pure Element Alloy
Ta[5,9] Chemical industry Aerospace systems

Capacitors Heat exchangers

Weapons systems Furnace parts

Alloying element
Nb[10,11] Alloying element Aecrospace industry

Nozzle flaps for jet engines

Moi6] Lighting industry Aerospace industry

Alloying element Leads for incandescent lamps
"WITY Heating elements Tncandescent Tamp filaments

Wall of plasma containment Cutting tools

chamber Propulsion systems

Screens for photoetching Thermocouples

Alloying element Filaments for X-ray tubes

In a number of cases these difficulties have been surmounted, and it has been
possible to use these refractory metals. A good example is the production of ductile
tungsten for lamp filaments by the Coolidge process.[12] In this process tungsten is
deformed at elevated temperatures by either swaging or wire drawing until a fibrous
structure is produced. Once this structure is obtained, the ductile-to-brittle transition

temperature of tungsten

handled much more easily. It is the room temperature ductility of tungsten wire, which is
achieved because of the fibrous structure produced by wire drawing, that allows lamp
filaments to be coiled. However, in many cases it has not been possible to overcome these
problems through process developments. Consequently, researchers have turned to
alloying to try to improve the properties of these metals. The following section gives some
examples of these improvements.

decreases to below room temperature and the material can be
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REFRACTORY METAL ALLOYS

Elevated Temperature Tensile Swength

Most work to improve the elevated temperature tensile strength of tantalum and
niobium has relied on solid solution strengthening. Figure 5 shows the effect of tungsten,
hafnium, and rhenium on the elevated temperature tensile strength of tantalum. Rhenium
provides the greatest improvement, but the benefit it provides at elevated temperatures is
offset by the fact that it makes tantalum very briitle at room temperature and hence difficuit
to process.[2,13] This fact, coupled with the expense of rhenium, has limited its use in
tantalum-based alloys. Most commercial tantalum-based alloys available today are Ta-W
alloys, with the tungsten compositions ranging between 2 and 10wt.%; higher levels of
tungsten can lead to room temperature embrittiement.[14] In some cases hafnium is also
added at levels up to approximately 2 wt.%.[2]

Figure 6 shows the effect of various alloying elements on the yield strength of
niobium.[2,15] Again, rhenium would appear to be very beneficial at elevated
temperatures, but for the same reasons described above for tantalum, its use as an alloying
element in niobium has been very limited. Most commercial niobium-based alloys use
hafnium, zirconium, and tungsten as their primary alloying elements.[2]

Unlike the situation in tantalum and niobium, rhenium additions provide
improvements in the room temperature ductility of tungsten and molybdenum and thus it is
used as an alloying element in these metals.[2,6,16-18) Rhenium, which has extensive
solid solubility in both elements, also provides some improvement in the high temperature
strength of tungsten and molybdenum. Data for tungsten are shown in Figure 7.
However, it has been recognized that these alloys can be strengthened even more by using
second phase particles such as ThO) and HfC. Therefore, particle strengthening has been
used in W-Re and MoRe alloys in an attempt to provide exceptional high temperature
strength.[6,19) Figure 7 shows the elevated temperature yield strength for W-Re-HfC and
W-Re-ThOs. The high temperature yield strength for the W-Re-HfC material is above 500
MN/m? at temperatures up to 1800°C and above 300 MN/m? at temperatures up to
2000°C. At temperatures between 1700 and 21000C, these tensile strengths are some of
the highest that have been recorded.[1] However, at temperatures above 2100°C
coarsening of the HfC can lead to a rapid decrease in tensile strength.[19]

The final group of materials that exhibit high temperature tensile strength and creep
strength are intermetallic compounds of which one element is a refractory metal.[20] Of
these, the silicides and aluminides have received the most attention recently, since the
addition of either element lowers the density of the compound relative to that of the
refractory metal. One can thus achieve a high melting point and low density.[21] Although
the creep strength of these compounds are often superior to those of the refractory
metal{20,22], these compounds are also very brittle at room temperature with Kyc values
of 1-3 MPavm [21,22]. This low fracture toughness greatly limits their applicability.
However, as discussed below, they may be very useful as the strengthening phase when
they are combined with a refractory metal or solid solution strengthened alloy in a
composite.

Oxidation Resi

.. Figure 3 shows that refractory metals oxidize very rapidly, and this drawback has
limited their application. One approach to improving the oxidation resistance of refractory
alloys has been to use coatings, and in some cases they are very effective[1,6,8,11, 23].
2, whose oxidation resistance was discussed in earlier in this volume, has been
used as a coating on molybdenum[6] and niobium.[8] silicides, such as niobium
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silicide, both in its pure form and alloyed with iron and chromium(23], (Mo, W)(Si.Ge);
[8], and also aluminides{6] have been successfully applied. However, these coatings tend
to be very brittle; some have ductile-to- brittle transition temperatures in excess of 1000°C
[23). Even a small mismatch in the thermal expansion coefficients between the base metal
and the coating can lead to cracks. In some cases these cracks can heal, but often they
expose the base metal which then rapidly oxidizes [23]. Consequently, the use of coatings
to protect these metals is not always an adequate solution to the oxidation problem.

Significant improvements have been made in the oxidation resistance of niobium
through alloying [24]. Figure 8 shows the oxidation rate of Nb-Ti-Al-Cr-Hf alloys and
compares the results with conventional niobium alloys and nickel-based and cobalt-based
superalloys. The results show that this combination of alloying elements provide a
significant improvement in oxidation resistance over standard niobium alloys and that the
oxidation rate of this alloy approaches that of the superalloys often used for high
temperature applications.

COMPOSITES

One of the most interesting new types of refractory materials are those that have a
composite structure. Most work to date has been done on a composite made of a
refractory metal or alloy, most often niobium or niobium-based, and an intermetallic
compound that contains a re{ractory element as one of its constituents. Figure 9a shows an
example of a composite of a Nb-Cr solid solution and CrpNb prepared by sputtering[20];
figure 9b shows a composite of prepared by directional solidification[25]. The goal of the
development of these composites is to exploit the high temperature strength of the
intermetallic compound and the room temperature ductility of the refractory metal. In this
way, the room temperature toughness will be enhanced by ductile phase toughening.

Figure 10 shows room temperature fracture toughness for a Nb-10%Si alloy that
consists of a composite of Nb and either Nb3Si or NbsSi3 and compares it with that of
monolithic NbsSi3. The results show that the room temperature toughness of the
composite is considerably greater than that of the intermetallic and that the toughness of the
composite can be affect by the way it is processed. Thus these composites appear to offer
promise for many futurc applications.
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Figure 8 - The oxidation resistance
of standard niobium alloys, a Nb-
Ti-Al-Cr-Hf alloy, and wrought
nickel-base and cobalt-base
superalloys. Data taken from
reference 24. Figure provided by
M.R. Jackson, General Electric
Research and Development Center,
Schenectady, New York.
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Figure 9 - Micrographs of refractory metal-based composites. (a.) A composite prepared
by sputtering. The dark phase is Cr2Nb containing Nb-Cr precipitates and the light phase
is a Nb-Cr solid solution. The micrograph is courtesy of R.G. Rowe, General Electric Co..
Research and Development Center, Schenectady, New York.[20] (b.) A Nb-Nb3Si-
Nb5Si3 composite prepared by directional solidification. The black phase is NbsSi3 and
the dark gray phase is Nb3Si. The white phase is Nb. The photograph is courtesy of B.P.
Bewlay, General Electric Research and Development Center, Schenectady, New York.[25]
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SUMMARY

This paper has outlined some of the fundamental problems that in the past have
prevented the use of refractory metals and their alloys in a number of applications. We
have also shown that improvements in high temperature strength can be achieved with
alloying and with particle strengthening agents and that oxidation resistance can be
improved either with coatings or alloying additions. New techniques of alloy fabrication
can provide optimization of a number of mechanical properties that should make these
materials even more useful. In recent years the demands for new high temperature
materials, primarily coming from the acrospace industry, has given a renewed interest to
research on refractory metals and alloys, and intcrest in this area is approaching the level
that it had in the 1950s and 1960s. Taken together, the papers that follow in this volume
provide an excellent summary of the state-of-the-art of research in this field.
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RECENT ADVANCES AND DEVELOPMENTS IN REFRACTORY ALLOYS

T.G. NIEH AND J. WADSWORTH
Lawrence Livermore National Laboratory, L-350, P.O. Box 808, Livermore, CA 94551-9900

ABSTRACT

Refractory metai alloys based on Mo, W, Re, Ta, and Nb (Cb) find applications in a wide
range of acrospace applications because of their high melting points and high-temperature
strength. In this paper, we present recent progress in the understanding and applications of these
alloys. Recent studies to improve the oxidation and mechanical behavior of refractory metal
alloys, and particularly Nb alloys, will also be discussed. Some Re structures, for extremely high
temperature applications (> 2000°C), made by CVD and P/M processes, are also illustrated.
Interesting work on the development of new W alloys (W-HfC-X) and the characterization of
some commercial refractory metals, ¢.g., K-doped W, TZM, and Nb-1%Zr, continues. Finally,
recent developments in high temperature composites reinforced with refractory metal filaments,
::d refractory metal-based intermetallics, e.g., Nb3Al, NbyBe17, and MoSiy, are briefly

scribed.

INTRODUCTION

Although refractory metal: have been used since the early 1900s for special applications in
the chemical and electronic industries, it was not until the late 1950s that tonnage quantities of
mill products were produced. At that time, the spectrum and range of quality of refractory alloys
were comparable to those of stainless steels and superalloys. The production of molybdenum,
tungsten, niobium, and tantalum alloy sheet was supported by most of the major US agencies,
including the Department of Defense (DoD), the National Aecronautical and Space
Administration (NASA), the Air Force Materials Laboratory (AFML), the Atomic Energy
Commission (AEC), and the Bureau of Naval Weapons. As a result, a superb technical base for
supporting major refractory metal use in nuclear and aerospace applications was developed. Two
decisions in the early 1970's altered this picture dramatically. One was that work on nuclear
space power systems was terminated in 1973 for an indefinite period. The second was the
selection of reusable surface insulation (i.c., ceramic tiles) instead of coated refractory meuals for
thermal protection of the Space Shuttle.

In a report issued by Kiopp [1] in 1974, work on refractory metal alloys before and after
these decisions was well documented for one major facility specializing in this area, i.e,, NASA's
Lewis Rescarch Center. The key issues described by Klopp are the dramatic decreases in
funding, professional staff, and specialized facilities for refractory metals that occurred after
about 1971-72. In fact. in 1974, the above NASA study was unable to identify any near term
missions that would require refractory metal technology beyond the state-of-the-art that existed
in 1974, This prediction has turned out to be rather accurate for at least a decade; the continuing
work on refractory metals since about 1974 has largely been centered on the use of refractory
metals for missile and spacecraft propulsion systems, selected jet engine components, and certain
industrial applications.

In the mid 1980's, the above situation changed suddenly for two reasons. First, advanced
compact nuclear systems, SP-100, were reconsidered as portable thermal and electrical power
sources for possible acrospace applications [2]. Second, the advent of exotic vehicle designs
such as the National Aerospace Plane (or derivatives of this concept) demanded the use of very
high temperature materials that did not exist. The renewed interest in refractory metals for these
applications resulted in advances in refractory metals for structural applications.

For many high-temperature structural applications, refractory alloys based on niobium (Nb),
molybdenum (Mo), tantalum (Ta), tungsten (W), and even rhenium (Re) are the materials of
choice. This is because, for applications requiring very high operating temperatures, strength
fevels are required that exceed the capabilities of conventional high t¢mperature alloys such as
stainless steels and superalloys. Figure 1 shows some comparative selected data for a number of
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competing high-temperature materials - including carbon, ceramics, and intermetallics. Each
class of materials has inherent limitations which govemn its application. In some cases, materials
limitations are being solved through the use of engineered materials hybrids such as ceramic-
coated refractory metals or ceramics toughened with a ductile refractory metal phase. For many
applications, the use of ceramics and intermetallics is limited by technological immaturity. By
way of contrast, current understanding and application of refractory metals is based upon nearly
40 years of application experience in high-temperature structures.

g ]
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Fig.1 Strength as a function of temperature for selected refractory metals, ceramics, and
intermetallics.

Selected data for the principal refractory metals are listed in Table I. As shown the favorable
high-temperature strength properties of the refractory metals are often offset by poor room
temperature ductility and fabricability (for Mo and W), embrittlement after welding or joining,
and in some cases inadequate oxidation resistance. Despite these limitations, refractory metals
have been used successfully in 1 number of demanding high-temperature structural applications
— principally in areas of propulsion and encrgy conversion, such as rockets and re-entry systems
[3). Several refractory materials have also been supplanted in recent vears by the demands of
aerothermally-heated hypersonic vehicles, proposed high-Mach jet propulsion, and the
development of thrust vector controls in advanced fighters.

Table I Selected Data for the Principal Refractory Metals

Nb Ta Mo W Re
Melting Point (°C) 2468 2996 2617 3410
Oxide Mclﬁng Point (°C) 1490 1772 795 1500 600
Density (g/cm’) 8.6 16.7 10.2 19.3 21.00
Ductile-Brittle Transition (°C) -125 -273 30 300 -273
Elastic Modulus (GPa) 110 186 324 405 460

By comparison, the production of altemative high-temperature structural materials (ceramics
and intermetallics) has occurred over a much shorter time scale. Although ceramic "mill
products” have been available for many years, it is only recently that the purity, density, and
microstructural homogeneity of ceramics have allowed their consideration as useful high-
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temperature engineering structural materials. Key technological advances have included
improved toughness, greater availability of product forms, the introduction of ceramic-matrix
composites, and gains in the arca of superplastic forming. Intermetallic systems are at varying
levels of technological maturity. Aluminides of Fe, Ni, and Ti, in particular, are presently under
consideration for high-temperature application while a host of other intermetallic systems (e.g.
silicides and beryllides) remain at the stage of laboratory examination. Practically all
intermetallic systems under investigation today are seen as potential replacements for
superailoys. Thus far, no intermetallic materials have emerged to challenge the refractory metals
and ceramics for high-temperature (>1350°C) service.

The most recent review on refractory metals was conducted in 1988 [4]. Over the last few
years, research has continued in all the major refractory metal groups. Symposia dedicated to the
development of tungsten [5] and niobium {6] alloys have been held in the recent past. A special
symposium was also organized in 1992 to address the evolution and history of refractory metals
[7]. Another special symposium was also organized by the Engineering Foundation in 1993 to
address specially on the recent advances in high temperature materials, including refractory
metals [8]. In the present paper, we review the recent progress ir the development of refractory
metal alloys, including those based on tungsten, tantalum, molybdenum, niobium, and rhenium.
Intermetallics and composites based on these metals will also be briefly described.

NIOBIUM
Alloys

The most significant technical effort in the field of structural refractory metals was probably
the development of rapidly-solidified niobium alloys. This work was primarily triggered by an
ARPA (formerly DARPA)-sponsored program on "Development of High-Temperature Metallics
for Structural Aerospace Applications” in 1988 [9]. The goal of the program was to develop an
intrinsically oxidation-resistant niobium alloy for use at 1537°C (2800°F). In 1991, a special
symposium was dedicated (o the modern development of high temperature niobium alloys [6).
Various topics related to the application of niobium, including oxidation, strengthening, and
niobium-based composites, were addressed in the symposium.

As mentioned previously, the favorable high-temperature strength properties of the
refractory metals are often offset by poor oxidation resistance. Traditionally, Nb alloys have to
be protected by silicide coatings at high temperatures. An intrinsically oxidation-resistant Nb
alloy would be extremely attractive, since niobium is less dense, but stronger, than Ni-base
superalloys at high temperatures. The thermodynamic stability of various passivated oxide films
are shown in Fig.2.. From an oxidation resistance point of view, passive oxides, such as a passive
alumina (Al203) or silica (5i02) layer on Nb is desirable for temperatures above 2600°F
(1700K). From Wagner's equation [ 10}, in order to form an alumina scale, the critical aluminum
content NS must be

i * Dy
Nett- (P9 i) ZoVm ys2 1
A =( 3 No DAIVox) m

where Nf,’) is the oxygen solubility in the alloy; D, and D, are the diffusivity of O and Al in
e alloy, Vp, and V,,, are the molar volume of the alloy and oxide, and g is the critical
volume fraction of oxide formed by internal ox}'d}nion‘ In order to develop protective scales
therefore, one must increase D and decrease NU*/ and D, in the alloy. For Nb, the addition of
Ti, V, and Cr can produce these effects. Also, V and Cr can stabilize AloO3 at low temperatures.
(At low temperatures, Nb-Ti-Al alloys do not form Al203, but mixed transient oxides.) In fact,
an alloy of composition Nb-44%A1-20%Ti-6% V-8%Cr was found to form an Al;O3 film at
temperatures above 1000°C. Interestingly, similar results were obtained by Wukusick [11] about
30 years ago. The melting point of the new alloy was, however, low (about 1600°C). The low
melting point resulted in poor mechanical strengths at high temperatures. Attempts to raise the
melting point were made by replacing Nb (melting point ~2500°C) with much higher melting
point Ta (melting point ~ C). This approach did lead to an increase in melting point, by
approximately 300°C. The microstructures of the new Ta-Al-Ti-V-Cr alloys were, however,
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thermally unstable. By comparison, their Nb counterparts had a relatively stable, two-phase
structure.

T(K)
2000 1800 1600
104 T 1

103

Coating Life (h)
=
n

45 50 55 60 65 70 75
1T, (104 1Y)

Fig.2 Fonnation of various oxide films as a function of temperature.

Technical efforts were also made to improve the strength and oxidation resistance of the
above Nb-Al-Ti-V-Cr alloys via reinforcements [12]). Reinforcements such as Al;O3 and Y,03
were found to be thermally and chemically stable with respect to Nb alloys (composition Nb-(23-
25)a1%Ti-(38-42)a1%Al-3a1%Cr-4at%V). In contrast, SiC, NbsSi3, and AIN were found to react
extensively with the Nb alloys at high temperatures. The reactions between SiC and NbsSi3, and
the Nb alloys resulted in Si formation and, thus, improvement in the oxidation properties of the
Nb alloys. These reactions, however, also caused severe detrimental effect on the mechanical
properties of these composites. Thermal and chemical instabilities eventually prevented the alloy
from insertion into structural applications. Although the ARPA program did not directly result in
an application product, the technical progress of the program greatly improved the basic
understanding of Nb metallurgy.

Under the sponsorship of the U.S. Air Force, the dispersion strengthening behavior of
niobium alloys has been investigated [13]. Dispersions were introduced through either alloying
additions, or the additions of carbide, nitrides, and borides. Additions of up to 0.6 at% of
refractory metals were found to be necessary to result in a uniform precipitate dispersion of
refractory metal compounds. Nonetheless, blocky precipitates were still often observed to
segregate preferentially at grain boundaries. The strongest alloys at 1400°C were those with

: precipitates (nitrides or borides) of the refractory metals Zr and Hf; the commercial alloys with
i : large additions of Mo, Ta, and Zr; and the alloy containing TiN.

: Some studies have been carried out to investigate the high-temperature deformation of
conventional Nb alloys, and in particular Nb-1%Zr (one of the baseline materials for SP-100)
{14]. Systematic investigation of the high-temperature deformation of Nb alloys has been
conducted by Wadsworth et al [15]. Evidence was presented to indicate that many conventional
Nb alloys are Class I solid solutions under creep conditions, as shown in Fig.3. In Class I solid
solutions, creep behavior is believed to be controlled by solute drag on gliding dislocations. The
law describing creep deformation can be written, in its simplest form, as € =K. on where o is
the true flow stress, £ is the true strain rate, K is a material constant at a given temperature, and n
is the stress exponent. In Class I solid solutions, n has a value of 3; this leads to an inherent high
strain rate seasitivity of m = 0.33 in the equation 6=k+&™ where m = 1/n and k = 1/K. The strain
rate sensitivity is known to control the rate of neck formation in tensile tests at elevated
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temperatures. Most ordinary metals and alloys have values of m <0.2 and, as a result, show
modest tensile ductilities (from 50 to 100%) even at very elevated temperatures. Superplastic
alloys have values of m between about 0.4 to 0.6. The high values of m in superplastic metals
account for their high tensile elongations. The strain rate sensitivity of m = 0.33 found in Class I
solid solutions is intermediate between that for pure metals and superplastic alloys, and therefore
extended ductility (150 to 600%) is predicted for these alloys. This property is of potential
importance to forming of these alloys.

10° .
i 0
P [m]
10° | o
o a
R L n=3
£ .44 w's)
b 10 5@9 &0
; A
L A
10° )
N O C129:Nb - 5.8Hf - 5.6W
E o O C103:Nb - 5.4Hf - 2.0Ti
[ A WC3009: Nb - 19.2Hf - 5.6W
102 N | PR
104 103 102
o/E

Fig.3 Diffusion-compensated strain rate versus modulus-compensated stress for niobium alloys
C103, C129, and WC3009.

In seekmg high temperature matenals, NASA Lewis Research Center has made tungsten
fiber reinforced niobium composites using an arc-spray process [16-18]. The mechanical
properties (from 1300 to 1600K) of these composites were found to depend upon the W fiber;
ThO2 doped W fiber is more effective than K-doped lamp fiber. The strength difference between
the two types of composites was suggested to be attributed to the fiber-matrix interface zone for
the two fibers.

Several studies have been performed with the in situ 20% Nb-fiber reinforced Cu composites
[19-21]. The composite was fabricated via a heavy drawing process; the reduction in area for the
drawing process can, sometimes, be as h:gh as 99 7%. Niobium was selected (versus W or Mo)
becausc of its low ductile-to-brittle ransition temperature. Experimental results showed that the
in situ Nb-Cu composites generally exhibit good thermal conductivity and erosion resistance at
elevated temperatures. The composites have been suggested for use as combustion chamber
liners to replace conventional Cu. The in situ processing for Nb-fiber reinforced Cu composites
involves spray deposition and subsequent consolidation by vacuum hot pressing or hot isostatic
pressing. It is worth mentioning that two-dimensional Nb/Cu composites (laminates) have also
been fabricated using a roll-bonding technique [22,23).

The recent interest in the development of structural intermetallics has extended to the
niobium-based intermetallics {24-28]. Low-densny niobium berylhdcs, e.g., NbBej2 (27] and
szBen {28,29], have been the emphasis of study in the US. The microstructure of these alloys
is quite stable; these niobium beryllides exhibit good creep resistance at clevated temperatures
It has been suggested that creep deformation of these beryllides is controlled by dislocation ghde
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Although these beryllides are lightweight and creep resistant at clevated tcmm;c. the room
temperature brittleaess, as indicated by the DBTT behavior in Fig.4, and the ing problems
associated with the toxicity of Be-containing compounds would prevent the alloys from a broad
structural application.
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Fig.4 Hardness as function of temperature for various Nb beryllides.

Another Nb-base intermetallic, Nb3Al (melting point~1960°C), is also currently being
studied, particularly in Japan, as a potential extremely-high temperature material [24,30]. Many
technical problems (such as extreme difficulty in material preparation, brittleness at ambient
temperature, and expected poor oxidation resistance) are associated with using this material for
structural applications. Nonetheless, it is important to point out that Nb3Al is also a
superconducting material. Hanada and Saito of Tohoku University [30] have successfully
fabricated Nb3Al by the so-called “Clad-Chop-Extrusion (CCE) Method,” which involves cold
rolling of clad Nb-Al sheets, followed by chopping and cold extrusion. They have produced
good quality Nb3Al wires by heat treatment of CCE materials at 1000°C. The work was
performed under the Japanese MITI project on High-Temperature Ordered Intermetailics.

MOLYBDENUM

Alloys

Luo et al [31] investigated the effect of HfC additions (0.5 at.%) on the high-temperature
microstructural stability and strength of Mo alloys. The dispersion of HfC in Mo was found to
be effective in strengthening Mo; the tensile strength of Mo-HfC is approximately three times
greater than that of commercially-pure Mo at 1830°C. The deformation mechanism in Mo-HfC
was apparently dislocation glide up to 1530°C, and changed to grain boundary sliding at higher
temperatures. In contrast, substructures such as subgrains, dislocation density, texture, and twin
boundaries, were all found to be contributing factors to the strengthening of Mo-33 at.%Re at
large deformation strains (i.c., various strains) [32].

In another study, potassium doping of molybdenum was carried out to improve high
temperature strength; this is a similar apg:ach to that used in K-doped W [33). Experimental
results indicate that doped Mo does offer a better creep strength than undoped Mo. This
improved creep strength, together with the fact that Mo has a good thermal conductivity and low
expansivity, makes K-doped Mo an attractive material for traveling wave wbes application (34}.

There is considerable intesest in the production of large-scale molybdenum single crystal
sheets for electric components, and as blanket materials for controlled thermonuclear reactors
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[35-38). Secondary recrystallization processing has been used to produce single crystal sheets.
process involves the initial doping of sintered Mo with Ca0 and MgO and then hot rolling of
sheet (~80% reduction in thickness). The rolled sheet is annealed above 2100°C to induce
recrystallization. Using the above technique, single-crystal Mo sheets of dimensions

2 mm x 40 mm x 180 mm have been made successfully [36).

In the case of joining, both electron beam welding [39-41] and friction welding [41] of Mo
alloys (Mo, TZM, Mo-Nb) have been performed. The effects of impurity contents and their
segregation at grain boundaries upon the properties of joints have been examined.

Incomesaliics

Recent developments in
intermetallics and intermetallic-matrix ¢
composites have led to an interest in
developing MoSis and MoSiz-matrix
composites for high-temperature
structural applications {42,43]. The
major problems associated with using
MoSi; include low-temperature
brittleness, dramatic loss of strength at
temperatures >1200°C, and low-
temperature pest. Many
reinforcements have been added to
MosSi2 to improve its toughness and
strength; reinforcements include
ductile refractory metals (e.g., Nb and
Ta [44,45]) and ceramic
reinforcements, and in particular, SiC
{46]. Although there are distinct
advantages because of its excellent
oxidation and corrosion resistance at
high temperatures, molybdenum
disilicide (MoSi3) suffers from the
"pest” phenomenon during low
temperature (400-600°C) oxidation
[47-49], as shown in Fig.5. This
problem must be overcome before
MoSi2 can be widely accepted as a
structural material. The development
of MoSi is extensively discussed in

PM MoSig
800°C /21 h}

this symposium. Fig.5 SEM micrographs showing the morphological
characteristics of various MoSi2-base materials
before and after oxidation at 500°C.

TANTALUM

In contrast to other refractory metals, there has existed only a limited interest in using Ta
alloys as structural materials in recent times. Tantalum has been treated as a model material for
the evaluation of the performance of shaped charge liners. There was considerable experimental
evidence to suggest that the crystallographic texture of the liners played an important role in jet
formation and stability (50]. Efforts have been therefore made toward the characterization of the
microstructural and textural development in pure tantalum [51,52} and Molybdenum [53] (both
have a bee structure) via thermomechanical processing.

It is of interest to note that the mechanical and structural properties of some Ru-Ta base
intermetallic alloys (L1, structure) also have been investigated [S4]. These research alloys were
found to have good high-temperature specific strength and a reasonable room-temperature
impact resistance. This is part of the technical effort by the US Air Force in seeking alloys for
extremely high temperature applications [25,55].
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TUNGSTEN

Alloys

There exists continued interest in the microstructure of mnfsten rods [56,57] and the growth
of creep voids in tungsten wire [58-61], as well as the effect of oxygen on tungsten filament sag
kinetics [62]. In the area of alloy development, the Air Force remains interested in improving the
room temperature fabricability and high temperature strength of tungsten via alloying. For
example, rhenium has been added to thoria-doped tungsten and the alloy exhibits improved high
temperature strength up to 2200K [63,64). In contrast, W-Ir alloys were found to exhibit only a
moderate strengthening effect, despite the fact that Ir and Re have a similar electronic structures
[65]. In studying dispersion strengthening in W-base alloys, both HfC [64] and ThO3 [66] have
been alloyed to W-Re alloys. In the case of a8 W-26wt.%Re-1wt%ThO; alloy, ThO2 was found
10 be effective up 10 about 2200K. In the case of W-3.6wi%Re-0.26wt%BHFC, HfC particles were
found to be even more thermally stable; in fact, the effectiveness of HfC extends to a temperature
above 2600K [67]. The effectiveness of HfC can be understood according to an early description
of carbide precipitation by Wadsworth [68].

Tungsten heavy alloys are penetrator materials which have a high toughness and a high
kinetic energy. The uses include armor piercing projectiles as well as perforation devices for
rejuvenation of stagnant oil and gas wells. Several recent studies have been performed to
characterize the strength and ductility of W alloys as functions of alloy composition,
microstructure, strain rate, and temperature [69-75]. The alloys were mainly based on W-Fe-Ni
compositions, with various tungsten contents. Work softening effects, resulting from adiabatic
heating, were observed to occur at strain rates higher than about 10 s-1 {69]. Cracking, and thus
fracture, of the W heavy alloys was found to be mainly associated with the presence of a brittle
phase at the W/Fe-Ni matrix interface. .

Experimental evidence indicated that the performance of metals at high strain rates can be
improved by refinement of grain size [76]. As a result, efforts have been made to produce W
alloys with grain sizes finer than those of conventional W-Fe-Ni alloys. The approach taken was
to minimize tungsten transport during liquid phase sintering. This was attempted by using an
alloy matrix, such as Re- or Mo-modified Fe-Ni {77] or Cu [78], which has a reduced solubility
for W during liquid phase sintering. Some progress was made, and the grain size of W alloys can
now be reduced to the range of 5 um (compared to 40-50 pm for W-Fe-Ni). Kim and Whang
{79] have used a rapid solidification technique to examine the effect of cooling rate on grain
refinement of W-Si alloys. The technique is interesting but may be impractical because of the
extremely high melting point of W.

Tungsten alloys are conventionally manufactured using powder metallurgy techniques.
Although chemical vapor deposition (CVD) has been used to process refractory metals, it has
had only limited success in producing structural refractory metals with good mechanical
properties. With the great improvement in CVD techniques in recent years, it is now possible to
produce very fine-grained (~5 jpm) W, as illustrated in Fig.6. The mechanical properties of the
CVD W were observed to be similar to those of conventional powder metallurgy tungsten [80].
It is particularly noted that the technique has been used to produce net cone-shape charged liners
[81}.

T fit inforced .
It is interesting to point out that W, because of its high modulus (~420 GPa) and excellent
high temperature strength, has been investigated in wire form as a reinforcement for Cu and Ni
superalloys [16,58]. In the case of W/Ni metal matrix composites, property improvements in the
composites were found to be limited, as a result of extensive reaction between Ni and W at
clevated temperatures {17). In the case of W fiber-reinforced Cu composites (W/Cu), the
composites were observed to have good thermal conductivity and exhibit excellent erosion
propertics at elevated temperatures (16,82]. Both W/Cu and Nb/Cu have been suggested as
candidates for combustion chamber liners [83]. Although W/Cu possesses better properties than
Nb/Cu, the fabrication processes of W/Cu are, however, quite claborate and therefore expensive.
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Fig.6 Microstructure of CVD tungsten showing fine grain size.

RHENIUM

Rhenium is the second highest melting point metal (3180°C), only lower than W (3400°C).

It is more creep resistant than W and W-Re alloys at temperatures above 1600°C [84]. Also, Re

is the only refractory metal that does not form a metal carbide. In fact, it has an extensive solid

solubility (12 at.%) for carbon {85]. As a result, Re is expected to be compatible with

carbon/carbon composites. These attractive mechanical and chemical characteristics have

generated great interest in using Re for extremely high temperature applications, such as rocket

thrusters and hot gas valves [81,86]. For instance, Re has been successfully tested for gas valve

structures operating at 2200°C under the Lightweight Exoatmospheric Projectile (LEAP)

Program, sponsored by the US Air Force. An artistic drawing of the LEAP is presented in Fig.7.

To the authors knowledge, this may be the highest operating temperature for an engineering

structure. The integrated gas valves of the structure require extensive joining. Brazing was

considered impractical because it would reduce the service temperature of the valves. Rhenium

: : can be joined by either electron-beam welding or diffusion bonding techniques, provided the

} i bonding surfaces are properly cleaned. A cross sectional micrograph of a Re joint diffusion

: } bonded at 2300°C with an applied stress of 10 MPa is shown in Fig.8. This joint has a strength
' : of about 130 MPa at 2000°C. As shown in Fig.8, cracks do not propagate along bond interface.

RN

i . Rk - .

Fig.7 Artistic drawing of Lightweight Exoatmospheric Projectile (LEAP). The hot gas valves
(indicated by arrows) operate at 4000°F (~2200°C).
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Fig.8 Cross sectional microstructure of a Re joint (indicated by arrows) diffusion bonded at
2300°C with an applied stress of 10 MPa.

Despite the above technological successes, the understanding of Re metallurgy is quite
limited. Technical issues, such as oxidation protection, thermomechanical processing, and
material availability are just some of the challenges. For instance, oxidation properties of Re are
poor, as in the case of other refractory metals [87], although iridium coatings have been used to
protect Re from excessive oxidation [86]). Rhenium has good room temperature ductility, but it
has a relatively high strain hardening exponent [88). As a result, Re is difficult to cold work into
different shapes. Rhenium can be produced by halide reduction, but it is available only in
limited quantity [89). The cost of Re is, therefore, still high. In view of these technical and
economic challenges, Re is not expected to be widely used, except in some special structures.

SUMMARY

 The rencwed interest in refractory metals for some major aerospace applications has resulted
in advances in refractory metals for some structural applications. The major activities are
summarized as follows.

1. Niobium - Emphases were on the development of intrinsically oxidation-resistant alloys and
their composites. Some interest has been placed on the deformation and thus, the forming
characteristics of these alloys.

2. Molybdenum - Thermal stability as well as the mechanical strength of Mo alloys (HfC- or K-
doped) have been investigated. The major activity was, however, in the development of
MoSi and its composites for structural applications.

3. Tantalum - There is only limited interest in using Ta as a structural material; there has been
some rescarch work on texture development.

4. Tungsten - Hafnium carbide was found to be the most effective strengthener in W up to
temperatures of ~2400°C. In addition, tungsten (and niobium) fiber reinforced copper was
investigated as a high-strength, high-conductivity combustion chamber liner material to
replace conventional copper.

5. Rhenium - Significant progress has been made in the understanding of Re metallurgy. Some
special rocket thrusters and hot gas valves have been manufactured from Re and tested
successfully at extremely high temperatures (~2200°C).

The development of other high-temperature structural materials (e.g., ceramics and
intermetallics) has also taken place in the recent past. These new materials are, however, lacking

324




Lo oA e - b Ao

" b s R SR Pt e < e e L vt = oo——

technological maturity. By comparison, refractory metals have been availabie for engineering
use for over 100 years and have been used for acrospace hardware for at least 30 years. Some of
the refractory metal structures may be gradually replaced by new materials, but certainly not in
the immediate future.
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